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Preface 


This  meeting  at  Mt.  Hood  is  the  third  US-Japan  seminar  on  corrosion.  The  first,  chaired  by  Roger  Staehle  and 
Hideya  Okada,  was  held  in  Hawaii  19  years  ago.  The  second,  at  Nikko,  was  chaired  by  Shiro  Haruyama  and  Henry 
Leidheiser.  Professor  Koji  Hashimoto  and  1  are  grateful  to  the  Japan  Society  for  the  Promotion  of  Science  and  to 
the  National  Science  Foundation  and  the  Office  of  Naval  Research  in  the  United  States  for  their  continuing  interest 
and  support.  I  hope  that  this  spirit  of  collaboration  between  corrosion  scientists  and  engineers  in  Japan  and  in  the 
United  States,  in  which  we  can  all  take  pleasure,  will  continue  for  a  very  long  time. 

I  feel  certain  that  our  collaboration  will  continue  because  corrosion— the  environmental  degradation  of  mater¬ 
ials— is  so  intimately  associated  with  the  development  of  new  materials  and  new  engineering  systems.  The  motivation 
for  the  present  seminar  is  the  realization  that  if  new  materials  are  to  become  incorporated  into  engineering  systems, 
their  chemical  behavior  must  be  determined  before  exposure  to  service  environments.  More  often,  however,  the 
corrosion  resistance  or  chemical  stability  of  materials  is  considered  only  after  a  field  failure  has  occurred.  It  is  clear, 
therefore,  that  the  otherwise  attractive  properties  of  a  material  may  not  be  successfully  exploited  if  that  material  is 
not  chemically  stable  (or  cannot  be  made  stable)  in  service.  This  seminar  brought  together  leaders  in  the  corrosion 
science  and  engineering  communities  (university,  industry,  and  national  laboratories)  from  Japan  and  the  US  with 
the  objective  of  establishing  a  shared  research  agenda  that  will  lead  to  the  more  timely  and  effective  introduction  of 
new  materials  into  engineering  systems  which  serve  society  throughout  the  world. 

Finally,  it  is  important  to  mention  that  while  the  seminar  was  technically  rich,  it  will  be  remembered  as  well  for 
the  presence  of  many  of  the  spouses  of  the  participants  and  for  the  early  June  snowstorm  which  greeted  us  upon  our 
arrival  at  the  spectacular  Mt.  Hood. 


R.M.  Latanision 
Guest  Editor 
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Recent  progress  in  corrosion-resistant  metastable  alloys 

Koji  Hashimoto^*,  Pyeong-Yeol  Park“,  Jin-Han  Kim^^,  Hideaki  Yoshioka“,  Hiroyuki  Mitsui^, 
Eiji  Akiyama^  Hiroki  Habazaki%  Asahi  Kawashima^,  Katsuhiko  AsamP,  Zbigniew  Grzesik'’, 

Stanislaw  Mrowec'^ 


'^Institute  for  Materials  Research,  Tohoku  University,  Sendai  980-77,  Japan 
'^Department  of  Physical  Chemistry,  Academy  of  Mining  and  Metallurgy,  Mickiewicza  30,  30-059  Cracow,  Poland 


Abstract 

Tailoring  new  corrosion-resistant  alloys  has  recently  been  performed  mostly  by  the  sputter  deposition  technique.  This  technique 
is  suitable  for  forming  a  single-phase  solid  solution  even  when  the  boiling  point  of  one  component  is  lower  than  the  melting  points 
of  the  other  components  and/or  when  one  component  is  immiscible  with  another  component  in  the  liquid  state.  Aluminium- 
refractory  metal,  chromium-valve  metal  and  molybdenum-chromium-nickel  alloys  have  been  successfully  prepared  in  a  single 
amorphous  phase.  Amorphous  aluminium-refractory  metal  alloys  are  corrosion  resistant  in  1  M  HCl  and  chromium- valve  metal 
alloys  are  spontaneously  passive  in  12  M  HCl,  showing  a  better  corrosion  resistance  in  comparison  with  the  alloy  components. 
The  amorphous  aluminium- refractory  metal  alloys  also  have  an  extraordinarily  high  hot  corrosion  resistance.  Their  sulphidation 
resistance  at  higher  temperatures  is  far  higher  than  any  other  known  metallic  materials  and  their  oxidation  resistance  is 
comparable  to  chromia-  or  alumina-forming  alloys. 

Keywords:  Al-refractory  metal  alloys;  Cr- valve  metal  alloys;  Cr-Ni~Mo  alloys;  Sulfide  corrosion;  Oxidation;  Spontaneous 
passivation 


1.  Introduction 

Since  the  extremely  high  corrosion  resistance  of 
amorphous  Fe-Cr-P-C  alloys  was  reported  in  1974 
[1],  a  variety  of  corrosion-resistant  amorphous  alloys 
have  been  prepared.  When  sufficient  amount  of  passi¬ 
vating  elements  are  present  they  show  extremely  high 
corrosion  resistance,  particularly  in  strong  acids.  They 
are  characterized  by  the  formation  of  a  homogeneous, 
single  solid  solution  phase  exceeding  the  solubility  lim¬ 
its  of  alloying  elements  in  the  equilibrium  state.  The 
homogeneous  single-phase  nature  leads  to  the  forma¬ 
tion  of  a  uniform  passive  film  and  hence  is  responsible 
for  high  corrosion  resistance.  The  formation  of  a  single 
solid  solution  alloy  regardless  of  alloying  elements  and 
their  concentrations  is  attractive  and  suitable  for  tailor¬ 
ing  new  alloys  having  specific  properties. 


Recent  efforts  in  the  preparation  of  new  corrosion- 
resistant  alloys  have  mostly  involved  the  use  of  sputter 
deposition  techniques.  The  composition  range  amor- 
phizable  by  sputtering  is  the  widest  among  the  various 
methods  for  the  preparation  of  amorphous  alloys.  Even 
if  single  amorphous  phase  alloys  are  not  formed,  the 
alloys  thus  prepared  are  always  composed  of  microcrys¬ 
tals  with  very  fine  grains  and  sometimes  behave  simi¬ 
larly  to  solid  solution  alloys.  This  technique  is 
particularly  suitable  for  forming  alloys  when  the  boiling 
point  of  one  component  is  lower  than  the  melting 
points  of  the  other  components  and/or  when  one  com¬ 
ponent  is  immiscible  with  another  component  in  the 
liquid  state,  because  sputter  deposition  does  not  require 
melting  for  alloy  formation. 

This  paper  reviews  our  recent  results  with  corrosion- 
resistant  metastable  alloys  prepared  by  sputtering. 
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2.  Apparatus 

D.c.  magnetron  sputtering  was  used  for  the  prepara¬ 
tion  of  alloys  [2,3].  In  general,  targets  were  composed 
of  an  alloy  component  disc  100  mm  in  diameter  and 
several  mm  thick  and  other  alloy  component  discs  of 
smaller  sizes  which  were  placed  in  the  sputter  erosion 
region  of  the  100  mm  diameter  disc.  The  composition 
of  sputter  deposits  was  controlled  by  changing  the 
number  of  smaller  discs  placed  on  the  larger  disc.  Glass 
and  various  metal  plates  were  used  as  substrates.  For 
the  purpose  of  homogenization  of  the  sputter  deposits, 
the  water-cooled  substrates  were  revolved  around  a 
central  axis  of  the  sputtering  chamber,  in  addition  to 
revolution  of  the  substrates  themselves  around  a  central 
axis  of  each  substrate  disc.  Before  sputtering,  the  sput¬ 
tering  chamber  was  evacuated  to  about  10“^  Torr 
(1  Torr  =  133.3  Pa).  After  pre-sputtering  of  the  target, 
sputtering  was  carried  out  at  about  10  ''  Torr  of  argon 
gas,  which  was  prepared  by  removal  of  oxygen,  water 
and  dust  from  high-purity  (99.9995%)  argon. 

The  composition  of  the  sputter  deposits  was  deter¬ 
mined  by  electron  probe  microanalysis  and  the  struc¬ 
ture  of  the  sputter  deposits  was  mostly  identified  by 
X-ray  diffraction  in  the  0-20  mode  with  Cu  Ka  radia¬ 
tion.  The  apparent  grain  size  of  the  sputter  deposits  was 
estimated  from  the  full  width  at  half  maximum 
(FWHM)  of  the  main  diffraction  peaks. 

3.  Corrosion  resistance  in  acids 

3.1.  Al  alloys 

A  variety  of  new  corrosion-resistant  amorphous  al¬ 
loys  were  prepared,  such  as  Al-Ta  [3],  Al  -Nb  [3], 
Al-Ti  [4-7],  Al-Zr  [4,  8],  Al-Cr  [9],  Al-Mo  [4,10], 
Al-W  [4,10]  and  Ai-Mg-Ti  [11].  Fig.  1  shows  the 
structure  of  various  aluminium-transition  metal  alloys 
[12].  These  alloys  become  amorphous  single  phases  in 
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Fig.  1.  Structure  of  sputter-deposited  aluminium  alloys  identified  by 
X-ray  diffraction  [12]. 


Fig.  2.  Corrosion  rates  of  various  aluminium  alloys  and  conventional 
corrosion-resistant  alloys  measured  in  1  M  HCl  at  30  [13]. 

wide  composition  ranges.  Alloy  formation  is  signifi¬ 
cantly  effective  in  enhancing  the  corrosion  resistance. 
Fig.  2  shows  a  comparison  of  the  corrosion  rates  of  the 
various  aluminium  alloys  with  those  of  conventional 
corrosion-resistant  alloys  measured  in  1  M  HCl  at 
30  °C  [13].  The  use  of  aluminium  alloys  in  1  M  HCl  has 
not  previously  been  considered.  However,  when  alu¬ 
minium  is  alloyed  with  various  refractory  elements,  the 
alloys  possess  sufficiently  high  corrosion  resistance  even 
in  1  M  HCl.  Except  for  Al-Ti  alloys,  the  corrosion 
resistance  in  1  M  HCl  increases  with  increasing  alloying 
additions.  Al-Ti  alloys  dissolve  actively,  but  other 
amorphous  aluminium  alloys  are  spontaneously  passive 
even  in  1  M  HCl.  Amorphous  Al-Ta  and  Al-Nb 
alloys  are  especially  corrosion  resistant. 

X-ray  photelectron  spectroscopic  (XPS)  analysis  re¬ 
vealed  that  passive  films  formed  on  the  amorphous 
alloys  are  composed  of  cations  of  both  aluminium  and 
corrosion-resistant  elements.  As  shown  in  Table  1,  the 
cationic  composition  in  the  passive  film  is  almost  the 
same  as  the  alloy  composition  and  the  passive  film 
consists  of  oxyhydroxide  in  which  cations  of  aluminium 
and  alloying  elements  are  homogeneously  distributed. 
Although  aluminium  oxyhydroxide  is  easily  dissolved  in 
acids,  the  formation  of  a  double  oxyhydroxide  of  alu¬ 
minium  and  refactory  metals  provides  high  corrosion 
resistance.  On  the  other  hand,  if  the  alloys  consist  of  a 
refractory  element  and  an  element  with  low  passivating 
ability,  such  as  amorphous  Ta-Ni  [16]  and  Ta-Cu  [17] 
alloys,  the  passive  films  formed  in  concentrated  acids 
are  composed  mostly  of  valve  metal  cations  and  the 
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alloys  have  very  high  corrosion  resistance  even  in  con¬ 
centrated  acids.  By  contrast,  the  passive  films  formed 
on  the  aluminium -refractory  metal  alloys  contain  high 
concentrations  of  aluminium  ions  which  do  not  form 
stable  passive  films  in  strong  acids.  This  restricts  further 
enhancement  of  the  corrosion  resistance  of  Al- refrac¬ 
tory  metal  alloys  and  is  responsible  for  pitting  corro¬ 
sion  of  the  amorphous  alloys  by  anodic  polarization  in 
chloride-containing  solutions,  although  the  pitting  po¬ 
tentials  are  much  higher  than  that  of  aluminium. 

3.2.  Cr  alloys 

Chromium  and  valve  metals  such  as  titanium,  zirco¬ 
nium,  niobium  and  tantalum  are  all  passivated  in 
strong  acids.  Consequently,  if  one  succeeds  in  preparing 
chromium  alloys  with  these  valve  metals,  they  seem  to 
be  ideal  corrosion-resistant  alloys  in  aqueous  environ¬ 
ments.  An  attempt  to  produce  these  alloys  was  made  by 
sputtering. 

Fig.  3  shows  X-ray  diffraction  patterns  of  binary 
chromium -niobium  alloys  [18].  The  alloys  containing 
29-63  at.%  niobium  show  halo  patterns  typical  of  the 
amorphous  structure.  The  Cr-21  Nb  and  Cr-73  Nb 
alloys,  however,  show  sharp  peaks  corresponding  to 
110  reflection  of  bcc  chromium  and  niobium  phases. 
The  characteristic  interatomic  spacing,  d,  corresponding 
to  the  lattice  spacing  in  the  crystalline  materials  was 
estimated  for  the  first  peak  or  halo  position  of  the 
X-ray  diffraction  patterns  of  the  alloys  shown  in  Fig.  3 
[18].  The  apparent  grain  size  was  also  estimated  from 
the  FWHM  of  the  first  peak  or  halo  in  the  X-ray 
diffraction  patterns,  although  amorphous  alloys  are  not 
composed  of  grains.  Fig.  4  shows  the  characteristic 
interatomic  spacing  and  the  apparent  grain  size  as  a 
function  of  the  alloy  niobium  content.  The  characteris¬ 
tic  interatomic  spacing  of  alloys  with  29-63  at.%  nio¬ 
bium  increases  with  increasing  alloy  niobium  content, 
just  as  in  a  binary  solid  solution.  This  indicates  that  the 
amorphous  alloys  consist  of  a  single-phase  solid  solu- 


Table  1 

Cationic  composition  of  surface  films  formed  on  binary  Al-refrac- 
tory  metal  alloys  by  immersion  in  1  M  HCl 


Alloy 

(at.'K)) 

Cations  in  the  film 

Ref. 

Al 

Alloying 

{at.%) 

Al-24  Zr 

70 

30  Zr 

14 

> 

1 

N 

37 

63  Zr 

14 

Al-56Nb 

52 

48  Nb 

3 

Al-22  Ta 

68 

32  Ta 

3 

Al-49  Mo 

65 

35  Mo 

4 

Al-15 W 

78 

22  W 

15 

Al-45 W 

55 

45  W 

15 

Fig.  3.  X-ray  diffraction  patterns  of  sputter-deposited  Cr-Nb  alloys 
[16]. 

tion.  Since  the  Goldschmidt  radius  of  niobium  is  larger 
than  that  of  chromium,  the  change  in  d  with  niobium 
concentration  in  the  alloy  can  be  reasonably  explained. 
As  the  characteristic  interatomic  spacing  of  amorphous 
alloys  is  situated  between  the  110  lattice  spacings  of  bcc 
chromium  and  niobium,  it  can  be  said  that  the  amor¬ 
phous  alloys  are  closely  packed  similarly  to  crystalline 
solid  solutions.  The  apparent  grain  size  of  the  alloy 
with  29-63  at.%  niobium  is  of  the  order  of  1  nm.  This 
is  almost  the  same  as  the  size  of  atom  groups  assumed 
to  exist  in  liquid  metals,  and  hence  these  alloys  are 
regarded  as  amorphous  alloys.  Accordingly,  sputter- 
deposited  Cr-Nb  alloys  form  a  single  amorphous  solid 
solution  phase  in  a  wide  composition  range  from  29  to 
63  at.%  niobium.  The  formation  of  a  single  amorphous 
phase  composed  of  two  elements  belonging  to  neigh¬ 
boring  groups  in  the  Periodic  Table  is  a  new  finding, 
and  indicates  the  advantage  of  the  use  of  the  sputtering 
technique  to  produce  amorphous  alloys. 

Fig.  5  shows  the  structure  of  sputter-deposited 
chromium -valve  metal  alloys  as  a  function  of  alloying 
additions  [12].  These  alloys  show  an  amorphous  single 
solid  solution  structure  over  wide  composition  ranges. 
These  were  all  new  amorphous  alloys.  Their  corrosion 
resistance  in  concentrated  hydrochloric  acid  is  remark¬ 
ably  high. 

Fig.  6  shows  the  change  in  the  corrosion  rate  of 
Ti-Cr  and  Zr-Cr  alloys  in  6  M  HCl  solution  at  30  °C 
as  a  function  of  the  chromium  content  of  the  alloy 
[19,20].  In  6  M  HCl  solution  chromium  and  titanium 
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Alloy  Niobium  Content /  at% 

Fig.  4.  Characteristic  interatomic  spacing  estimated  from  the  peak 
positions  in  X-ray  ditTraction  patterns  and  the  apparent  grain  size 
estimated  from  the  FWHM  for  the  most  intense  reflection  in  X-ray 
diffraction  patterns  as  a  function  of  the  alloy  niobium  content  [16]. 


dissolve  actively.  However,  the  Cr  -Ti  alloys  show  very 
low  corrosion  rates  which  are  several  orders  of  magni¬ 
tude  lower  than  those  of  alloy  components.  Binary 
Zr-Cr  alloys  also  show  low  corrosion  rates.  In  spite  of 
the  fact  that  the  corrosion  rate  of  chromium  metal  is 
five  orders  of  magnitude  higher  than  that  of  Zr  metal, 
the  corrosion  rate  of  the  alloys  decreases  with  increas¬ 
ing  alloy  chromium  content. 

Fig.  7  shows  corrosion  rates  of  Cr-Nb  [18],  Cr-  Ta 
[18]  and  Cu-Ta  [17]  alloys  in  12  M  HCl  at  30  °C. 
Amorphous  Cu-Ta  alloys  also  have  high  corrosion 
resistance  in  12  M  HCl.  However,  because  copper  itself 
does  not  form  a  stable  passive  film  in  12  M  HCl,  the 
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Fig.  5.  Structure  of  sputter-deposited  chromium  alloys  identified  by 
X-ray  diffraction  [12]. 
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Fig.  6.  Changes  in  the  corrosion  rates  of  Ti-Cr  and  Zr-Cr  alloys  in 
6  M  HCl  solution  at  30  °C  as  a  function  of  alloy  chromium  content. 
Corrosion  rates  of  chromium,  titanium  and  zirconium  are  also  shown 
for  comparison  [19.20]. 


corrosion  resistance  of  the  Cu-Ta  alloy  cannot  exceed 
that  of  tantalum  metal,  and  dilution  of  tantalum  with 
copper  decreases  the  corrosion  resistance.  By  contrast, 
Cr-Nb  and  Cr-Ta  alloys  show  very  high  corrosion 
resistance  which  is  higher  than  that  of  the  alloy  compo¬ 
nents.  These  results  indicate  that  if  both  components  of 
binary  alloys  have  a  strong  passivating  ability,  the 
alloys  are  able  to  possess  better  corrosion  resistance 
than  the  alloy  components.  The  corrosion  rate  of  Cr- 
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Fig.  7.  Changes  in  the  corrosion  rates  of  Cr-Nb  [18],  Cr-Ta  [18]  and 
Cu  Ta  [17]  alloys  in  12  M  HCl  solution  at  30  °C  as  a  function  of 
concentration  of  alloying  element.  Corrosion  rates  of  chromium, 
niobium  and  tantalum  are  shown  for  comparison. 
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Fig.  8.  Potenliodynamic  polarization  curves  for  sputter-deposited 
Ti-Cr  alloys,  titanium  and  chromium  measured  in  deaerated  6  M 
HCl  solution  at  30  °C  [19], 

Nb  alloys  tends  to  decrease  with  increasing  chromium 
content.  The  corrosion  rates  of  Cr-Ta  alloys  are  ex¬ 
tremely  low  and  are  lower  than  the  level  measurable  by 
inductively  coupled  plasma  (ICP)  spectrometry, 
2  X  10  mm  per  year.  It  can  therefore  be  said  that  the 
amorphous  Cr-Ta  alloys  are  immune  to  corrosion  even 
in  12  M  HCl.  Athough  Cr-16Ta  alloy  is  crystalline, 
the  corrosion  rate  of  this  alloy  is  very  low  and  of  the 
same  order  as  that  of  tantalum.  Cr-89Ta  alloy,  an¬ 
other  crystalline  alloy,  shows  a  lower  corrosion  rate 
than  that  of  tantalum.  These  results  may  come  from  the 
fact  that  Cr-16Ta  alloy  consists  of  a  single  bcc 
chromium  phase  supersaturated  with  tantalum  whereas 
Cr-89  Ta  alloy  is  a  single  /? -tantalum  phase  supersatu¬ 
rated  with  chromium. 

Fig.  8  shows  potentiodynamic  polarization  curves  of 
sputter-deposited  Ti-Cr  alloys  measured  in  deaerated 
6M  HCl  solution  at  30  ®C  [19].  Both  chromium  and 
titanium  dissolve  actively  but  the  Ti-Cr  alloys  are 
spontaneously  passive  owing  to  dissolved  oxygen,  the 
concentration  of  which  is  of  the  order  of  several  tens  of 
ppb.  Increasing  the  chromium  content  of  the  alloy 
decreases  the  anodic  current  density.  An  interesting  fact 
is  that  an  increase  in  the  chromium  content  of  the  alloy 
increases  the  cathodic  current  densities  of  both  oxygen 
and  hydrogen  reductions.  Because  there  are  no  sponta¬ 
neously  passive  chromium-containing  alloys  in  this  ag¬ 
gressive  acid,  the  fact  that  chromium  has  such  high 
activities  for  cathodic  reactions  has  not  previously  been 


known.  However,  the  high  open-circuit  potential  and 
low  corrosion  rate  of  the  Cr-Ti  alloys  are  mostly 
dependent  upon  the  chromium  content  of  the  alloy. 
Cathodic  polarization  results  in  depassivation  in  the 
active  region  of  chromium  and  the  active  dissolution 
current  is  high  when  the  chromium  content  of  the  alloy 
is  high. 

Fig.  9  shows  potentiodynamic  polarization  curves  of 
sputter-deposited  Cr-Ta  alloys  measured  in  12  M  HCl 
solution  at  30  ^C  [18].  Cr-Ta  alloys  are  also  sponta¬ 
neously  passive  in  12  M  HCl.  Cathodic  polarization 
does  not  result  in  depassivation  in  the  active  region  of 
chromium.  In  12  M  HCl  chromium  dissolves  actively 
and  the  passive  current  density  of  chromium  is  of  the 
order  of  10- 100  A  m"^.  Nevertheless,  an  increasing 
alloy  chromium  content  decreases  the  anodic  current 
density  and  enhances  the  cathodic  oxygen  reduction 
and  hydrogen  evolution.  In  this  manner,  the  most 
significant  fact  in  enhancing  the  corrosion  resistance  is 
that,  if  spontaneous  passivation  occurs,  the  presence  of 
chromium  enhances  the  cathodic  oxygen  and  hydrogen 
reductions. 

Fig.  10  shows  cationic  fractions  of  niobium  and 
tantalum  in  the  surface  film  formed  on  Cr-Nb  and 
Cr-Ta  alloys  immersed  or  polarized  for  1  h  in  12  M 
HCl  solution  at  30  °C  [21].  Table  2  shows  the  fractions 
of  cations  in  the  passive  films  formed  on  chromium - 
valve  metal  alloys.  Although  valve  metal  cations  are  apt 
to  be  concentrated  in  the  passive  film,  except  for  Cr- 


Fig.  9.  Potentiodynamic  polarization  curves  for  sputter-deposited 
Cr-Ta  alloys  and  tantalum  measured  in  12  M  HCl  solution  at  30  °C 
[18]. 
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Fig.  10.  Cationic  fractions  of  niobium  and  tantalum  in  the  surface 
film  formed  on  Cr-Nb  and  Cr-Ta  alloys  immersed  or  polarized  for 
1  h  in  12  M  HCl  solution  at  30  °C  [21]. 

Nb  alloys,  it  is  clear  that  the  film  consists  of  both 
chromium  and  valve  metal  cations.  As  can  be  seen  in 
Fig.  10,  the  composition  of  the  stable  passive  film  is  not 
appreciably  different  from  the  composition  of  the  air- 
formed  film.  In  other  words,  immersion  or  anodic 
polarization  in  the  passive  region  does  not  change  the 
film  composition  from  that  of  the  air-formed  film.  It 
can  therefore  be  said  that  the  air-formed  films  on  these 
alloys  are  stable  in  12  M  HCl.  Because  of  the  presence 
of  the  air-formed  film,  spontaneous  passivation  occurs 
without  reconstruction  of  the  air-formed  film. 

An  interesting  fact  can  be  seen  with  regard  to  the 
binding  energy  of  inner  shell  electrons.  Fig.  1 1  shows 


Table  2 

Cationic  composition  of  passive  films  formed  on  binary  Cr  valve 
metal  alloys  in  concentrated  hydrochloric  acids 


Alloy 

(at.'M.) 

HCl 

concentration 

(M) 

Cations  in  the  film 

Ref. 

Cr 

Alloying 
element  (at.%) 

Cr-46  Ti 

6 

44 

56  Ti 

18 

Cr-63  Ti 

30 

70  Ti 

18 

Cr-30  Zr 

48 

52  Zr 

20 

Cr-29Nb 

12 

73 

27  Nb 

2l 
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38 
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2l 
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32  Ta 
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Fig.  1 1.  Correlation  of  the  binding  energies  of  the  Cr  2p:.  ^  Zr 
2  electrons  with  the  fraction  of  zirconium  in  the  alloy  surface 
under  the  surface  him. 

the  correlation  of  the  binding  energies  of  the  Cr  2pv2 
and  Zr  3d^  2  electrons  with  the  fraction  of  zirconium  in 
the  alloy  surface  under  the  surface  film.  Alloy  forma¬ 
tion  leads  to  an  increase  in  the  binding  energy  of  Zr 
3d5  2  electrons  and  to  a  decrease  in  the  binding  energy 
of  Cr  2p3  2  electrons.  This  indicates  that  the  electronic 
interaction  occurs  between  chromium  and  zirconium  by 
alloying,  that  is,  charge  transfer  from  zirconium  atoms 
to  more  electronegative  chromium  atoms.  This  kind  of 
charge  transfer  from  valve  metal  atoms  to  more  elec¬ 
tronegative  chromium  atoms  by  alloying  has  been 
found  for  other  amorphous  alloys  such  as  Cr-Ti,  Cr- 
Nb  and  Cr-Ta  alloys. 

Fig.  1 2  shows  the  correlation  of  the  binding  energies 
of  the  Cr^~  2p2  2  and  Ta'^^  4f7  2  electrons  with  the 
cationic  fraction  of  tantalum  in  the  surface  film  formed 
on  Cr-Ta  alloys  [2 1].  In  contrast  to  that  found  in  the 
underlying  alloys,  formation  of  a  film  containing  both 
tantalum  and  chromium  results  in  charge  transfer  from 
chromium  to  tantalum.  Similar  charge  transfer  from 
chromium  (III)  ions  to  valve  metal  cations  has  been 
found  for  Cr-Ti,  Cr-Zr  and  Cr-Nb  alloys.  The  charge 
transfer  between  different  cations  indicates  that  these 
cations  locate  very  closely  to  show  the  electronic  inter¬ 
action.  This  means  that  the  passive  film  does  not  con¬ 
sist  of  a  simple  mixture  of  chromium  oxyhydroxide  and 
valve  metal  oxide,  but  is  composed  of  a  double  oxyhy¬ 
droxide  of  chromium  and  valve  metal  cations. 
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It  can  therefore  be  said  that  if  the  double  oxyhydrox- 
ide  films  of  chromium  and  valve  metal  cations  are 
formed  by  uniform  distribution  of  cations,  increasing 
the  film  chromium  content  lowers  the  anodic  dissolu¬ 
tion  current  and  enhances  the  cathodic  oxygen  reduc¬ 
tion  and  hydrogen  evolution.  Although  the  roles  of 
chromium  and  valve  metal  cations  in  enhancing  the 
passivity  are  still  unclear,  chromium  has  a  better  passi¬ 
vating  ability  than  valve  metals  in  spite  of  the  fact  that 
chromium  itself  dissolves  actively  in  aggressive  concen¬ 
trated  hydrochloric  acid.  The  resultant  double  oxyhy- 
droxide  films  are  more  protective  than  valve  metal 
oxide  films  in  these  aggressive  solutions,  and  increasing 
the  alloy  chromium  content  increases  the  corrosion 
resistance  of  the  binary  chromium -valve  metal  alloys. 

33.  Cr-Mo  alloys 

Molybdenum  is  also  an  effective  alloying  element, 
enhancing  the  corrosion  resistance  of  the  alloys  in  less 
oxidizing  environments.  Fig.  13  shows  potentiostatic 
polarization  curves  of  molybdenum  and  tungsten 
metals  in  6  M  HCl  solution  at  30  °C  [22],  At  a  potential 
of  100  mV  (vs.  SCE)  or  less,  molybdenum  is  in  the 
passive  state  where  a  passive  tetravalent  molybdenum 
oxide  film  is  formed.  Anodic  polarization  of  molybde¬ 
num  leads  to  a  sharp  increase  in  the  anodic  current 
density  due  to  transpassive  dissolution  as  molybdate 


Fig.  12.  Correlation  of  the  binding  energies  of  the 

4f7,2  electrons  with  the  cationic  fraction  of  tantalum  in  the 
surface  film  formed  on  Cr-Ta  alloys  [21]. 


Fig.  13.  Potentiostatic  polarization  curves  for  molybdenum  and  tung¬ 
sten  metals  in  6  M  HCl  solution  at  30  °C.  The  current  density  was 
measured  after  polarization  for  1  h  at  each  potential  [22]. 


ions.  This  behaviour  is  easily  understood  by  measuring 
the  amount  of  molybdenum  dissolved  during  polariza¬ 
tion.  Fig.  14  shows  the  amounts  of  molybdenum  and 
tungsten  dissolved  during  polarization  for  1  h  at  each 
potential  in  6  M  HCl  solution  at  30  °C  obtained  by  ICP 
solution  analysis  [22].  These  are  true  anodic  polariza¬ 
tion  curves  of  molybdenum  and  tungsten.  No  dissolu¬ 
tion  of  molybdenum  and  tungsten  occurs  in  the  passive 
region.  However,  cathodic  polarization  results  in  depas¬ 
sivation  of  molybdenum  showing  the  active  dissolution 
current,  whereas  tungsten  shows  no  depassivation. 

Although  it  is  impossible  to  prepare  amorphous  bi¬ 
nary  Cr-Mo  alloys,  in  order  to  examine  the  synergistic 
effect  of  chromium  and  molybdenum,  amorphous 
ternary  Cr-Ni-Mo  alloys  were  prepared  by  sputter 
deposition  [23].  Fig.  15  shows  the  change  in  the  corro¬ 
sion  rate  of  Cr-Ni-Mo  alloys  in  12  M  HCl  solution  at 
30  °C  as  a  function  of  alloy  molybdenum  content  [23]. 


Fig.  14.  Amounts  dissolved  from  molybdenum  and  tungsten  metals 
after  polarization  for  1  h  at  each  potential  in  6  M  HCl  solution  at 
30  ®C  obtained  by  ICP  solution  analysis  [22]. 
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Fig.  15.  Change  in  the  corrosion  rate  of  sputter-deposited  Cr-Ni- 
Mo  alloys  in  12  M  HCl  solution  at  30  °C  as  a  function  of  alloy 
molybdenum  content.  The  Cr,/(Cr  +  Ni)  atomic  ratio  in  the  alloy  is 
0.54-0.59  [23]. 


When  the  ratio  of  Cr  to  Ni  in  ternary  Cr-Ni-Mo 
alloys  is  almost  fixed,  an  increase  in  alloy  molybdenum 
content  simply  decreases  the  corrosion  rate  regardless 
of  the  alloy  structure. 

Fig.  16  shows  potentiodynamic  anodic  and  cathodic 
polarization  curves  of  Cr-Ni-Mo  alloys  measured  in 
12  M  HCl  solution  at  30  °C  [23].  The  potentiodynamic 
polarization  curve  of  molybdenum  in  12  M  HCl  indi¬ 
cates  that  the  passive  tetravalent  molybdenum  film  has 
a  high  activity  for  both  oxygen  and  hydrogen  reduc¬ 
tions.  The  cathodic  polarization  curves  of  ternary  Cr- 
Ni-Mo  alloys  are  almost  the  same  as  that  of 
molybdenum.  The  molybdenum  addition  decreases  the 
anodic  dissolution  current  and  raises  the  open-circuit 
potential  in  the  passive  region  of  chromium. 


Fig.  16.  Potentiodynamic  anodic  and  cathodic  polarization  curves  for 
Cr-Ni-Mo  alloys  measured  in  12  M  HCl  solution  at  30  °C  [23]. 
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Fig.  1 7.  Cationic  fractions  in  the  surface  film  and  atomic  fractions  in 
the  underlying  alloy  surface  for  the  amorphous  Cr-3l  Ni-27  Mo 
alloy  polarized  or  immersed  for  I  h  in  12  M  HCl  at  30  °C  [23]. 


Fig.  1 7  shows  cationic  fractions  in  the  surface  film 
and  atomic  fractions  in  the  underlying  alloy  surface  for 
amorphous  Cr-3l  Ni-27  Mo  alloy  polarized  or  im¬ 
mersed  for  Ih  in  12  M  HCl  at  30  [23].  The 

chromium  content  of  the  alloy  is  42%  but  the 
chromium  content  of  the  film  after  open-circuit  immer¬ 
sion  exceeds  80%.  Nickel  is  deficient  in  both  the  surface 
film  and  underlying  alloy,  and  the  underlying  alloy 
surface  is  enriched  in  molybdenum.  Consequently, 
molybdenum  contained  in  the  alloy  supresses  alloy 
dissolution,  raises  the  open-circuit  potential  and  leads 
to  the  formation  of  the  chromium-enriched  passive  film. 
It  can  therefore  be  said  that  an  increase  in  molybdenum 
content  of  Cr-Ni  -Mo  alloys  increases  the  corrosion 
resistance  owing  to  enhancement  of  the  formation  of  a 
chromium-enriched  passive  film. 


4.  Resistance  against  sulphidation  and  oxidation 

Another  interesting  fact  is  the  extremely  high  resis¬ 
tance  of  Al- refractory  metal  alloys  against  high-tem- 
perature  corrosion  in  sulphadizing  and  oxidizing 
environments.  Conventional  oxidation-resistant  alloys 
suffer  catastrophic  corrosion  in  sulphur-containing  at¬ 
mospheres  at  high  temperatures,  because  of  the  poor 
protective  properties  of  sulphide  scales.  For  instance, 
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the  non-stoichiometry  of  sulphide  scales  formed  on 
these  alloys  is  often  10%.  Because  of  rapid  diffusion  of 
cations  through  the  sulphide  scale  they  are  sulphidized 
very  rapidly.  Some  refractory  metals  such  as  molybde¬ 
num  and  niobium  are,  however,  resistant  to  sulphide 
corrosion  and  their  sulphidation  rates  are  almost  com¬ 
parable  to  the  oxidation  rate  of  chromium  [24-26]. 
These  metals,  however,  have  very  low  resistance  against 
high-temperature  oxidation  in  spite  of  the  fact  that 
sulphidizing  atmospheres  in  industry  are  often  oxidiz¬ 
ing.  On  the  other  hand,  the  best  alloying  element  to 
form  a  protective  scale  in  oxidizing  environments  is 
aluminium.  Consequently,  Al-refractory  metal  alloys 
must  be  the  best  materials  having  high  resistance 
against  both  oxidation  and  sulphidation. 

Fig.  18  shows  the  temperature  dependence  of  sulphi¬ 
dation  (solid  lines)  and  oxidation  (dotted  lines)  rates  for 
Al-Mo  [27],  Al-Mo-Si  [28]  and  Al-Nb  alloys  [29]. 
The  sulphidation  rates  of  Al-Mo  alloys  are  signifi¬ 
cantly  lower  than  that  of  molybdenum  metal  and  are 
comparable  to  the  oxidation  rate  of  chromia-forming 
alloys.  The  sulphidation  rates  of  Al-Nb  alloys  are 
lowered  further  and  are  lower  than  that  of  niobium 
metal. 

The  better  protective  properties  of  the  sulphide  scale 
formed  on  the  Al-Mo  alloys  in  comparison  with  those 
of  the  M0S2  scale  on  pure  molybdenum  result  from 
lower  defect  concentration  in  the  aluminium-droped 
M0S2  phase,  constituting  the  major  part  of  the  inner 
barrier  layer  [30,31].  The  reason  why  the  sulphide  scale 
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Fig.  18.  Temperature  dependence  of  the  sulphidation  (solid  lines)  and 
oxidation  (dotted  lines)  rates  for  Al-Mo,  Al-Mo-Si  and  Al-Nb 
alloys  [27-29]  and  analogous  dependence  of  the  rates  for  several 
binary  and  ternary  alloys  [25,30]. 


formed  on  the  Al-Nb  alloys  is  more  protective  than 
that  formed  on  pure  niobium  is  different  from  that  for 
the  Al-Mo  alloys.  The  X-ray  diffraction  patterns  show 
the  formation  of  the  niobium  sulphide  scale  with  a 
strongly  preferred  orientation  on  both  niobium  metal 
and  Al-Nb  alloys.  The  2  s-NbS2  scale  grows  perpendic¬ 
ular  to  the  c-axis  during  sulphidation.  The  2  s-NbS2 
scale  is  composed  of  two-dimensional  sulphur  layers 
perpendicular  to  the.  c-axis.  Nb  atoms  between  two 
sulphur  layers  are  bonded  strongly  to  S  atoms.  How¬ 
ever,  only  weak  van  der  Waals  bonding  exists  between 
S  atoms  in  each  adjacent-  sulphur  layer  without  Nb 
atoms  [32,33],  and  hence  transportation  of  atoms  or 
ions  along  the  sulphur  layers  without  Nb  atoms  occurs 
relatively  easily.  Therefore,  the  NbS2  barrier  layer 
grows  with  the  strongly  preferred  orientation.  When 
aluminium  is  added,  the  aluminium-containing  niobium 
sulphide  scale  is  formed,  in  which  aluminium  ions 
locate  between  the  niobium-free  sulphur  layers  and 
hence  the  outward  diffusion  of  niobium  through  the 
niobium  sulphides  scale  is  obstructed.  This  is  the  reason 
why  the  Al-Nb  alloys  have  a  better  sulphidation  resis¬ 
tance  than  niobium  metal,  in  spite  of  the  fact  that  the 
same  niobium  sulphide  scale  with  the  same  preferred 
orientation  is  formed  on  both  niobium  metal  and 
Al-Nb  alloys. 

The  oxidation  rate  of  Al-Mo  alloys  is  comparable 
to  that  of  chromia-forming  alloys  although  it  is 
higher  than  that  of  aluminia-forming  alloys.  How¬ 
ever,  the  oxidation  rate  at  temperatures  higher  than 
900  °C  is  very  high.  The  scale  consists  mostly  of 
alumina,  but  because  of  high  alloy  molybdenum 
contents,  molybdenum  is  also  oxidized,  forming 
volatile  M0O3.  Since  the  melting  point  of  M0O3  is 
793  °C,  the  formation  of  low-melting  M0O3  is  responsi¬ 
ble  for  relatively  low  oxidation  resistance  of  Al-Mo 
alloys.  Accordingly,  an  attempt  to  improve  the  oxida¬ 
tion  resistance  was  made  by  adding  silicon  to  Al-Mo 
alloys.  The  ternary  Al-Mo-Si  alloys  have  high  sulphi¬ 
dation  resistance  similar  to  that  of  the  Al-Mo  alloys 
and  have  a  higher  oxidation  resistance  than  Al-Mo 
alloys.  This  is  attributable  to  the  formation  of  molyb¬ 
denum  silicide,  which  is  stable  against  oxidation.  Dur¬ 
ing  sulphidation  and  oxidation,  amorphous  alloys 
are  crystallized,  forming  intermetallics.  Al-Mo  alloys 
form  AI8M03  and  M03AI  phases.  The  molybdenum- 
rich  M03AI  phase  is  readily  oxidized,  forming  volatile 
M0O3.  Accordingly,  when  the  alumina  scale  surface  on 
the  Al-Mo  alloys  was  analysed  by  XPS,  a  low  concen¬ 
tration  of  molybdenum  was  always  found.  By  contrast, 
Al-Mo-Si  alloys  are  crystallized  to  AI8M03  and 
Mo5Si3  phases  without  forming  the  easily  oxidizable 
molybdenum-rich  M03AI  phase.  The  Mo5Si3  phase 
is  very  stable  against  oxidation.  Accordingly,  any  Mo 
and  Si  were  detected  in  the  top-most  surface  of  the 
alumina  scale. 
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5.  Conclusion 

The  corrosion  behaviour  of  newly  tailored  amor¬ 
phous  alloys  prepared  by  sputtering  has  been  inter¬ 
preted  briefly.  Different  alloy  families  exhibit  different 
characteristics,  although  they  all  have  extremely  high 
corrosion  resistance.  In  this  manner,  sputtering  is  suit¬ 
able  for  tailoring  new  corrosion-resistant  alloys.  In 
addition,  sputtering  is  effective  for  preparing  supersatu¬ 
rated  solid  solution  alloys  which  are  suitable  for  study¬ 
ing  the  effects  of  various  alloying  elements  dissolved  in 
the  alloy  matrix.  Attempts  will  be  continued  to  prepare 
new  alloys  which  have  high  resistance  against  both  wet 
corrosion  and  high-temperature  corrosion. 
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Abstract 

The  role  played  by  microstructural  features  in  the  passivation  and  breakdown  processes  which  lead  to  pitting  has  been  examined 
for  the  first  time  by  the  new  techniques  of  dynamic  imaging  microellipsometry  (DIM)  and  local  electrochemical  impedance 
spectroscopy  (LEIS).  Contrary  to  expectations,  an  examination  of  the  passivation  of  sputter-deposited  Al-Ta  alloy  films  found 
that  the  film  on  the  Al3Ta  precipitates  formed  a  thicker  passive  layer  than  that  on  the  solid  solution  matrix  surrounding  the 
precipitates.  The  LEIS  study  of  the  microstructural  effects  under  breakdown  conditions  found  that  the  film  on  the  Al3Ta 
precipitate  had  a  higher  capacitance  than  the  dealloyed  region  surrounding  it,  indicating  that  the  film  on  the  precipitate  has 
different  properties  from  the  dealloyed  region  in  its  vicinity.  This  difference  in  film  thickness  and  properties,  found  by  both  DIM 
and  LEIS,  may  be  responsible  for  the  breakdown  which  leads  to  pitting  initiated  in  the  region  adjacent  to  the  precipitates. 

Keywords:  Microstructure;  Pitting;  Passivation;  Breakdown;  Al-Ta  alloy  films 


1,  Introduction 

It  has  been  shown  in  recent  years  [1-5]  that  sputter- 
deposited,  solid  solution,  aluminum-transition  metal 
(Cr,  Mo,  Ta,  W  and  others)  alloy  films  have  dramati¬ 
cally  high  pitting  potentials  E'pit.  The  objective  of  this 
study  was  to  try  to  gain  a  better  understanding  of  the 
origins  of  the  enhanced  passivity  and  resistance  to 
pitting  exhibited  by  these  non-equilibrium  materials. 
For  example,  solid  solution  additions  of  8  at.%  Ta 
increase  £pit  by  approximately  0.8  V  (  —  0.7  to  0.1  V  vs. 
a  saturated  calomel  electrode  (SCE))  [5].  The  mecha- 
nism(s)  responsible  for  these  improvements  is  by  no 
means  understood  and  remains  somewhat  controver¬ 
sial.  An  X-ray  photoelectron  spectroscopy  (XPS)  study 
by  Davis  et  al.  [5]  of  the  Al-Ta  system  (the  alloys 
considered  in  this  paper)  demonstrated  that  the  passive 
film  remains  thin  throughout  a  polarization  sequence 
and  that  it  is  enriched  in  Ta205  compared  with  the  bulk 
alloy  concentration.  They  proposed  that  this  thin 
Ta205-rich  film  resists  Cl"  penetration,  enhancing  the 
localized  corrosion  resistance  of  the  alloy.  In  situ  ellip- 
sometric  measurements  [6]  verified  that  Al-8Ta  forms  a 
thinner  passive  film  than  pure  Al.  There  have  been  a 


number  of  other  suggested  mechanisms,  e.g.  by  Natis- 
han  et  al.  [2]  and  Szklarska-Smialowska  [7].  Missing 
from  these  proposed  mechanisms  is  the  role  of  the 
oxide  film,  which  forms  on  the  matrix  and  precipitate 
materials,  in  the  initiation  of  pits;  this  was  the  purpose 
of  the  present  study. 

This  paper  describes  the  application  of  two  in  situ 
techniques,  local  electrochemical  impedance  spec¬ 
troscopy  (LEIS)  [8]  and  dynamic  imaging  microellip¬ 
sometry  (DIM)  [9],  to  a  study  of  the  effect  of  a 
microstructural  feature  (the  Al3Ta  precipitates  formed 
in  Al-Ta  alloys)  on  passive  film  formation  and  break¬ 
down.  (More  detailed  descriptions  of  the  application  of 
these  techniques  to  studies  of  the  Al-Ta  system  are 
given  elsewhere  [10-13].)  Although  these  precipitates 
are  not  observed  in  solid  solution  sputtered  alloy  films, 
exceedingly  small  precipitate  nuclei  may  serve  as  sites 
for  pit  initiation.  This  paper  seeks  to  examine  the  role, 
if  any,  played  by  Al3Ta  precipitates  in  the  pitting 
process  using  LEIS  and  DIM.  To  do  this,  bulk  Al-Ta 
alloys  with  large  precipitates  have  been  used.  The  mi¬ 
crostructural  studies  are  correlated  with  electrochemical 
and  ellipsometric  measurements  made  on  solid  solution 
alloys  to  form  the  basis  for  a  discussion  concerning  the 
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role  of  precipitates  in  the  initiation  of  pitting  in  Al-Ta 
alloys. 


2.  Experimental  approach  and  details 

2  7.  Techniques 

2.LL  Local  electrochemical  impedance  spectroscopy 

Electrochemical  impedance  spectroscopy  (EIS), 
which  is  also  known  as  a.c.  impedance,  is  a  non-de¬ 
structive  in  situ  technique  which  has  been  used  exten¬ 
sively  to  investigate  electrochemical  systems  [14].  The 
current  response  of  the  whole  electrode  is  used  to 
produce  the  impedance  data.  This  results  in  a  surface- 
averaged  measurement  that  may  not  be  relevant  if 
interest  is  focused  on  the  determination  of  the  effects  of 
microstructural  features  on  local  phenomena  such  as 
localized  corrosion  processes.  The  non-uniformity 
arises  because  the  frequency  dependence  of  the  current 
distribution  in  the  vicinity  of  a  corrosion  site  is 
markedly  different  from  that  near  an  inactive  or  passive 
area.  EIS  has  been  applied  to  localized  corrosion  sys¬ 
tems,  but  data  analysis  for  these  systems  is  complex 
[15].  For  this  reason,  a  technique  (LEIS)  for  generating 
local  a.c.  impedance  data  has  been  developed  [8]  to 
investigate  localized  corrosion  due  to  multiphases,  grain 
boundary  effects  or  other  surface  heterogeneities  which 
may  occur  on  an  electrode  surface.  The  basis  for  this 
technique  depends  on  the  premise  that  the  a.c.  solution 
current  densities  near  the  working  electrode,  in  a  con¬ 
ventional  three-electrode  a.c.  impedance  measurement, 
are  proportional  to  the  local  impedance  properties  of 
the  electrode. 

It  has  been  demonstrated  that  the  current  distribu¬ 
tion  near  an  electrode  may  be  mapped  in  three  dimen¬ 
sions;  each,  or  any  combination,  may  be  mapped  for  an 
electrode  surface  by  choosing  the  correct  probe  geome¬ 
try  [16].  This  technique,  in  order  to  simplify  data  analy¬ 
sis,  only  measures  the  component  of  the  a.c.  current 
normal  to  the  electrode.  Because  the  current  and  poten¬ 
tial  lines  are  perpendicular  to  one  another,  it  is  neces¬ 
sary  to  measure  the  a.c.  potential  drop  between  planes 
parallel  to  the  electrode  to  determine  the  a.c.  solution 
current  density  normal  to  the  electrode.  An  effective 
map  of  the  local  impedance  properties  of  an  electrode 
requires  that  this  a.c.  potential  drop  measurement  must 
be  made  on  a  relatively  small  scale.  To  accomplish  this, 
the  two-electrode  microprobe,  shown  in  Fig.  1,  was 
designed  (see  Ref.  [8]  for  more  details). 

27.2  Dynamic  imaging  microellipsometry 

Traditional  ellipsometry,  an  optical  technique  that 
enables  the  thickness  and  complex  refractive  index  of 
thin  films  on  metal  surfaces  to  be  measured  in  situ  [17], 
has  been  a  valuable  tool  for  studying  corrosion  pro¬ 


cesses  [18],  but  it  is  by  nature  a  surface  averaging 
technique  and  is  limited  in  its  ability  to  study  localized 
corrosion  processes,  such  as  the  effects  of  microstruc¬ 
ture  on  passive  film  growth  and  breakdown. 

Cohn  and  Wagner  [9]  developed  dynamic  imaging 
microellipsometry  (DIM)  in  order  to  overcome  this 
limitation.  In  contrast  with  other  techniques  [19,20] 
aimed  at  acquiring  high  spatial  resolution  ellipsometric 
data,  DIM  is  a  radiometric  full  field  imaging  approach 
to  ellipsometry.  Good  spatial  resolution  (approximately 
20  pm)  and  precision,  in  addition  to  good  temporal 
resolution  (minutes),  have  been  demonstrated.  The 
DIM  approach  uses  the  standard  polarizer,  specimen, 
compensator,  analyzer  (PSCA)  ellipsometry  configura¬ 
tion  in  combination  with  an  imaging  lens,  a  charged 
coupled  device  (CCD)  video  camera  and  digital  image 
processing  techniques  to  acquire  high  spatial  resolution 
ellipsometric  data  with  good  temporal  resolution.  DIM 
produces  digitized  grey  scale  maps  (called  ellipsograms) 
of  the  ellipsometric  parameters  A  (change  in  phase)  and 
T  (change  in  relative  amplitude)  that  enable  the  deter¬ 
mination  of  the  film  thickness  with  a  resolution  of 
approximately  0. 1  nm  and  film  and  substrate  refractive 
indices.  The  ellipsograms  are  produced  by  acquiring 
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Fig.  I.  The  tvvo-electrode  microprobe  used  to  make  LEIS  measure¬ 
ments  (from  Ref.  [8]). 
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Fig.  2.  Ellipsogram  for  the  Al3Ta  precipitate/Al  matrix  system  at 
=  —  0.750  V  vs.  SCE.  The  bright  regions  in  the  A  map  and  the 
dark  regions  in  the  ^  map  are  the  precipitates.  The  grey  levels  are 
proportional  to  A  and  T'  (from  Ref.  [12]). 


four  digitized  intensity  maps  each  at  a  distinct  polarizer 
setting  and  then  calculating  the  A  and  ^  maps  point  by 
point  using  the  appropriate  algorithms. 

A  third-generation  DIM  system  [21]  has  recently 
been  developed  and  applied  to  the  in  situ  study  of 
passivation.  Ellipsogram  to  ellipsogram  temporal  reso¬ 
lution  for  this  system  is  approximately  20  s.  A  sample 
in  situ  ellipsogram  of  a  passivated  Al-Ta  alloy  with 
large  microstructural  features  is  illustrated  in  Fig.  2. 
The  grey  levels  observed  are  linearly  proportional  to  A 
and  The  grain  structure  is  “observed”  in  the  A  map 
but  not  in  the  ^  map,  indicating  differences  in  the 
passive  film  thickness  over  the  respective  grains. 

2.2.  Materials 

2.2. L  Alloy  fabrication  and  characterization 

2. 2. 1.1.  Sputtered  films.  Al-Ta  alloys  of  composition 
Al-4at.%Ta,  Al~8at.%Ta  and  Al-25at.%Ta,  99.999% 
Al  and  99.9%  Ta  were  deposited  on  single-crystal  (ori¬ 
entation  100  or  110)  silicon  substrates  via  magnetron 
cosputter  deposition.  These  compositions  will  hereafter 
be  referred  to  as  Al-4Ta,  Al-8Ta  and  Al-25Ta  re¬ 
spectively.  Specimens  were  sputtered  for  1  h  to  a  final 
thickness  of  approximately  400  nm.  Glancing  angle 
X-ray  analysis  and  transmission  electron  microscopy 
showed  no  evidence  of  second  phase  Al^Ta  precipi¬ 
tates  in  either  of  the  sputtered  alloys. 

2.2. 1.2.  Alloys  with  large  Al^Ta  precipitates.  To  explore 
the  capability  of  DIM  and  LEIS  to  examine  in  situ 
passive  film  formation  and  breakdown  processes  at  a 
resolution  level  of  the  microstructures  existing  in  an 
Al-Ta  alloy,  it  was  necessary  to  prepare  an  alloy  that 
contained  Al3Ta  precipitates  whose  size  was  within  the 


detectability  of  the  two  techniques  (20  pm  for  DIM 
and  300  pm  for  LEIS).  An  Al-1.5at.%Ta  alloy  was 
prepared  and  heat  treated  at  a  temperature  above  the 
solidus  line  for  12  days  to  produce  large  (approxi¬ 
mately  50  pm)  Al3Ta  precipitates  surrounded  by  essen¬ 
tially  pure  Al.  (The  equilibrium  concentration  of  Ta  in 
Al  is  approximately  0.02at.%Ta  [22].)  The  specimens 
provided  two  of  the  microstructural  features  existing 
in  Al-Ta  alloys  that  are  relevant  to  the  study  of 
localized  passive  film  formation  and  breakdown: 
Al3Ta  and  the  dealloyed  region  adjacent  to  the  Al3Ta 
precipitates.  To  examine  the  areas  where  no  dealloying 
occurred,  sputter-deposited  Al-Ta  films  were  also  ex¬ 
amined  by  DIM. 

2.3.  Electrochemical  experiments 

2.3.1.  Procedure 

Potentiodynamic  polarization  and  EIS  curves  of  thin 
sputtered  Al-4Ta  and  Al-8Ta  alloy  films  (as  well  as 
bulk  Al  and  Ta)  were  generated  in  deaerated  0.1  M 
NaCl,  pH  7.5  (abbreviated  as  NaCl),  aerated  0.1  M 
NaCl,  pH  4.5-5. 5  (NaC15),  aerated  0.5  M  boric  acid/ 
0.05  M  sodium  tetraborate,  pH  7.2  (Borate7),  aerated 
0.1  M  NaCl/0.5  M  boric  acid/0.05  M  sodium  tetrabo¬ 
rate,  pH  7.2  (NaClBor7)  and  aerated  0.1  M  NaCl/0.5 
M  NaAc,  pH  7-8  (NaClAce7)  solutions.  LEIS  experi¬ 
ments  on  alloys  containing  large  Al3Ta  precipitates 
were  performed  in  the  borate/boric  acid  solution  given 
above. 

2.4.  Ellipsometric  experiments 

2.4.1.  Procedure  {sputtered  alloy  films) 

Passive  film  growth  on  Al,  solid  solution  Al-8Ta  and 
Al-25Ta  and  Ta  was  studied  via  ellipsometry  in  a 
solution  buffered  to  pH  7.2  with  0.5  M  boric  acid/0.05 
M  sodium  tetraborate.  Solutions  were  neither  aerated 
nor  deaerated.  Samples  of  approximately  1  cm^  area 
were  cleaved  from  the  sputtered  wafers  and  mounted 
on  a  Teflon^^  sleeve  working  electrode  assembly.  Sam¬ 
ples  were  allowed  to  equilibrate  for  4  h  to  achieve  a 
stable  E'corr  and  to  allow  gas  bubbles  to  disperse  from 
the  solution. 

In  these  experiments,  the  DIM  system  was  used  as  a 
conventional  ellipsometer.  Streinz  et  al.  [11]  describes 
the  determination  of  film  thicknesses  and  optical  con¬ 
stants  from  the  raw  ellipsometric  data.  As  expected,  all 
the  ellipsograms  were  uniform  with  no  microstructural 
features. 

Samples  were  polarized  to  0.0,  1.0,  2.0  and  5.0  V  vs. 
SCE  for  1 5  min.  Two  specimens  of  each  alloy  were 
polarized  to  each  of  the  anodic  potentials.  Ellipsograms 
were  obtained  at  1  min  intervals  during  polarization. 
Additional  specimens  were  polarized  for  20  h  at  0.0  V 
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VS.  SCE  to  monitor  long-term  film  formation.  Ellipso- 
grams  were  obtained  at  1  min  intervals  for  the  first  15 
min,  15  min  intervals  for  the  first  hour  and  1  h  intervals 
until  completion  of  the  experiment. 

XPS  was  used  to  determine  the  composition  of  the 
passive  films  on  Al-8Ta  and  Al-25Ta  polarized  at  0.0 
V  vs,  SCE  for  15  min. 

2.4.2.  Procedure  {cdloys  with  Al^Ta  precipitates) 

Specimens  were  stepped  anodically  to  0.0,  1.0,  2.0  or 
5.0  V  vs.  SCE  for  15  min.  Ellipsograms  were  obtained 
at  1  min  intervals  during  polarization.  By  obtaining 
ellipsograms  at  different  times  at  a  potential  in  the 
passive  region  of  the  anodic  polarization  curve,  we  were 
able  to  determine  the  rate  of  passive  film  formation  for 
each  of  the  microstructural  features.  Passive  film 
growth  on  Al-1.5Ta  alloys  containing  large  Al3Ta 
precipitates  was  measured  via  DIM  in  a  solution 
buffered  to  pH  7.2  with  0.05  M  sodium  tetraborate  and 
0.5  M  boric  acid.  All  ellipsometric  measurements  were 
made  at  an  angle  of  incidence  of  71.0°.  The  DIM 
system  has  been  described  in  detail  in  a  previous  paper 
[21]. 

As  with  the  DIM  measurements  on  the  sputtered 
alloy  films,  samples  were  then  allowed  to  stabilize  for  4 
h  to  achieve  a  steady  and  to  allow  gas  bubbles  to 
disperse  from  the  solution.  It  was  important  for  the 
solution  to  be  free  from  all  macroscopic  and  micro¬ 
scopic  bubbles.  The  presence  of  even  a  few  small  bub¬ 
bles  in  the  solution  interfered  greatly  with  DIM  data 
acquisition  by  blocking  the  path  of  either  the  incident 
or  reflected  radiation.  It  was  especially  important  in  the 
microellipsometry  experiments  for  the  solution  to  be 
free  of  bubbles  since  they  induced  heterogeneities  in  the 
ellipsograms  that  could  be  mistaken  for  heterogeneities 
on  the  electrode  surface.  No  significant  changes  were 
observed  in  the  ellipsometric  parameters  for  the  matrix 
or  the  precipitate  during  the  stabilization  period. 

2.5.  Pitting  experiments 

2.5.1.  Procedure 

In  order  to  relate  the  LEIS  and  DIM  experimental 
results  to  sites  where  breakdown,  leading  to  pit  initia¬ 
tion,  takes  place,  an  Al-1.5Ta  alloy  containing  large 
Al3Ta  precipitates  was  polarized  potentiostatically  to 
0.0  V  vs.  SCE  for  15  min  to  form  a  barrier  layer  passive 
film.  After  polarization,  the  alloy  was  open-circuited 
and  returned  to  E'^on-  This  took  approximately  15  min. 
The  sample  was  then  removed  from  the  buffered  borate 
(pH  7.2)  solution  and  immersed  in  an  identical  solution 
containing  0.1  M  NaCl.  Following  potential  stabiliza¬ 
tion  in  the  solution  containing  NaCl,  the  alloy  was 
polarized  to  —0.5  V  (approximately  0.25  V  above  the 
pitting  potential).  Pits  were  allowed  to  initiate  and 
propagate  until  specimen  current  densities  on  the  order 


of  several  hundred  microamperes  per  square  centimeter 
were  observed.  The  alloy  was  then  removed  from  the 
solution,  rinsed  and  the  pit  location  and  morphology 
were  examined  by  scanning  electron  microscopy  (SEM). 
After  SEM  examination,  the  sample  was  repolished  and 
passivated  at  1.0  V  for  15  min,  allowed  to  pit  as  before 
and  re-examined  by  SEM. 

3.  Results  and  discussion 

3.1.  Electrochemical  studies 

3.  LI.  Single -phase  cdloy  films 

To  determine  whether  or  not  the  sputter  deposition 
process  affects  the  corrosion  properties  of  metals  (by 
creating  a  very  small  grain  size,  for  example),  the 
pitting  potential  of  sputter-deposited  Al  was  compared 
with  that  of  bulk  Al,  Polarization  results  of  thin  film 
and  bulk  Al  generated  in  the  solutions  described  in 
Section  2.3  are  given  in  Table  1. 

Table  1  provides  ample  evidence  to  indicate  that, 
although  additions  of  Ta  to  Al  create  alloys  with 
improved  pitting  potentials  when  produced  with  a  non¬ 
equilibrium  method  such  as  sputter  deposition,  Ta  ad¬ 
ditions  to  Al  do  not  decrease  the  rate  of  metal 
dissolution.  As  can  be  seen  in  Table  1,  the  results  of  the 
potentiodynamic  polarization  experiments  demonstrate 
that  the  passive  current  density  for  Al  in  aerated  0.5  M 
boric  acid/0.05  M  sodium  borate  solution  (pH  7.2) 
(Borate7)  is  approximately  1.4  pA  cm™^.  In  this  same 
solution,  the  passive  current  densities  of  Al-4Ta  and 
Ai~8Ta  are  larger,  6.5  and  6.9  pA  cm““  respectively. 
This  same  trend  is  also  found  in  chloride-containing 


Table  1 

SLimmary  of  pitting  potentials  and  passive  current  densities  for  bulk 
Al.  sputtered  Al,  Ta,  Al-4Ta  and  Al-8Ta  (from  Ref.  [13]) 


Sample 

(solution) 

w  X 
(cm--) 

Ep.,  vs.  SCE  (mV) 

Bulk  Al 

(NaCl) 

0.30  ±0.1 

-691  +  18 

Thin  film  Al 

(NaCl) 

0.28  +  0.05 

-68?  ±  13 

(Borate) 

1.40 

N.A. 

Ta 

(NaClBor?) 

2.0  ±0.5 

N.A. 

Al-4Ta 

(NaC15) 

58  +  8 

-433  +  9 

(NaClBor?) 

2.5  +  0.24 

>  +200 

(Borate  7) 

6.5 

N.A. 

(NaClAce?) 

1.9 

>+200 

> 

1 

oo 

H 

(NaC15) 

?9±  16 

-2?8  +  13 

(NaClBor?) 

2.36  +  0.32 

+  132  +  20.8 

(NaClAce?) 

3.0 

+  190 

(Borate?) 

?.o 

N.A. 
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Table  2 

Summary  of  EIS  data  for  99.999%  Al,  Al-4Ta  and  Al-8Ta.  All 
experiments  were  performed  at  a  potential  in  the  passive  range.  Bessone 
[25]  components:  Ri  =  polarization  resistance;  =  capacitance  of 
oxide  film;  /  =  film  thickness  determined  from  Q  (from  Ref.  [13]) 


Sample 

Passive 

Rt 

Cb 

t 

(solution) 

potential  vs. 

(Q  cm-) 

(F  X  lO-'^cm-’) 

X 

o 

1 

SCE(mV) 

Al 

(Borate?) 

-300 

1.18  X  10^ 

2.68 

28 

(NaCl) 

-900 

1.72  X  lO'^ 

5.00 

15 

Al-4Ta 

(Borate  7) 

-240 

5.55  X  10“* 

15.1 

?.l 

(NaC15) 

-?00 

1.14  X  10' 

11.8 

7.3 

Al-8Ta 

(Borate?) 

-240 

3.08  X  lO-* 

31.2 

3.1 

(NaC15) 

-500 

1.60  X  10’ 

13.0 

7.3 

solutions.  In  0.1  M  NaCl  buffered  to  pH  7  with  boric 
acid  and  sodium  borate  (NaClBorT),  the  passive  cur¬ 
rent  density  of  Al  is  approximately  0.3  pA  cm“^.  In  the 
same  solution,  the  passive  current  densities  of  Al-4Ta, 
Al-8Ta  and  Ta  are  2.5,  2.4  and  2.0  pA  cm“^  respec¬ 
tively.  These  findings  agree  with  those  of  Davis  et  al.  [5] 
who  found  that  the  passive  current  densities  for  Ta  and 
Al-Ta  alloys  were  higher  than  the  passive  current 
density  for  pure  Al  in  the  same  solution. 

From  the  results  shown  in  Table  1  it  can  be  con¬ 
cluded  that  Ta  and  an  alloy  with  a  non-equilibrium 
structure  do  not  result  in  a  decrease  in  the  value  of 
Al  but  lead  to  an  increase  in  the  value  of  Al. 
Therefore  it  appears  that  an  increase  in  is  not 
related  to  the  conductivity  of  ions  through  the  passive 
film  below  E^^^.  A  possible  explanation  may  be  found 
using  the  concept  of  the  pH  of  zero  charge  (pHp^J 
[23,24]  which  determines  whether  an  oxide  will  adsorb  a 
Lewis  base  such  as  Cl”.  Thus  the  pHp^c  of  the  oxide 
film  will  determine  whether  Cl  “  will  adsorb  at  or  above 
£'p,j.  Ta  raises  the  pHp^^- 

EIS  experiments  were  carried  out  to  relate  the  passive 
film  properties  to  the  polarization  data  of  the  sputtered 
alloy  films.  The  EIS  data  were  interpreted  on  the  basis 
of  the  model  of  Bessone  et  al.  [25],  which  was  proposed 
for  a  metal  bearing  dielectric  films  of  the  type  formed  in 
our  study.  Values  for  each  of  the  components  of  the 
Bessone  model  were  established  for  Al,  Al-4Ta  and 
Al-8Ta  and  are  given  in  Table  2.  The  dielectric  con¬ 
stant  used  for  Al  oxide  was  8.5  and  is  an  average  of  the 
dielectric  constants  for  this  material  [26].  Because  no 
values  for  the  dielectric  constant  of  the  alloys  have  yet 
been  reported  in  the  literature,  a  value  for  the  Al-4Ta 
and  Al-8Ta  alloy  was  assumed  using  the  simple  rule  of 
mixtures. 

The  EIS  data  given  in  Table  2  support  the  polariza¬ 
tion  data  in  Table  1.  Thus  the  corrosion  rate  {R^ 
increases  and  the  film  thickness  (0  decreases  when  Ta  is 
alloyed  with  Al.  This  may  indicate,  according  to  Davis 


et  al.  [5],  that  Ta^^  ions  act  as  a  barrier  to  oxygen, 
resulting  in  thinner  films,  and  to  Cl“,  resulting  in  a 
higher  E^^,. 

3.1.2.  Alloys  with  large  Al^Ta  precipitates 

The  Al-1.5Ta  specimen  shown  in  Fig.  3  was  studied 
by  LEIS.  The  Al3Ta  precipitates  in  this  sample  were  on 
the  order  of  10-100  pm  in  diameter,  although  one  large 
precipitate  measuring  approximately  1  mm  in  diameter 
was  found.  The  segregation  of  the  precipitates  to  one 
side  of  the  sample,  as  shown  in  Fig.  3,  was  due  to 
gravity.  This  sample  was  studied  in  an  aerated  0.1  M 
sodium  chloride  solution  buffered  to  pH  7.2  with  0.5  M 
boric  acid/0.05  M  sodium  borate  and  held  at 
^corr=  -750  mV  vs.  SCE.  LEIS  line  scans  of  this 
sample  were  generated  by  stepping  the  probe  in  incre¬ 
ments  of  250  pm  from  the  precipitate-depleted  region  to 
the  precipitate-rich  region  (see  Fig.  3)  and  were  con¬ 
ducted  over  the  frequency  range  of  1-10  000  Hz. 

Two  LEIS  line  scans  at  2.4  and  2400  Hz  were  carried 
out  to  plot  the  magnitude  of  the  impedance  as  a 
function  of  position  and  the  results  are  given  in  Fig.  4. 
In  Fig.  4,  position  0.0  is  in  a  region  of  the  sample  which 
is  mostly  Al;  the  large  precipitate  is  centered  at  about 
the  4.5  position  and  position  6.0  is  in  a  region  of  high 
precipitate  density.  It  can  be  seen  that  regions  of  high 
precipitate  concentration  have  low  impedance  values. 
The  dip  in  the  high  frequency  impedance  data,  between 
1000  and  10  000  Hz,  results  from  changes  in  the  current 
density  distribution  as  discussed  elsewhere  [8].  The  low¬ 
est  impedance  in  these  line  scans  is  that  of  the  large 
precipitate,  which  is  approximately  500  Q  cm”^  lower 
than  the  impedance  of  the  Al  portion  of  the  sample  at 
2.4  Hz.  This  point  is  re-emphasized  in  Fig.  5,  a  Bode 
magnitude  plot  generated  from  LEIS  by  plotting  the 
logarithm  of  the  magnitude  of  the  impedance  from  one 
position,  either  over  Al  or  the  Al3Ta  precipitate,  as  a 
function  of  frequency.  Although  the  LEIS  data  were 
not  generated  at  frequencies  low  enough  to  enable  the 


Fig.  3.  The  Al-1.5Ta  alloy  used  for  the  LEIS  experiments  (from  Ref. 
[10]). 
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Fig.  4.  LEIS  line  scans  of  the  specimen  shown  in  Fig.  3;  (a)  at  2.4  Hz; 
(b)  at  2400  Hz.  From  Ref.  [10], 

charge  transfer  impedance  for  the  precipitate  and  A1  to 
be  resolved,  it  is  clear  from  Fig.  5  that  the  capacitance 
of  the  film  over  the  precipitate  is  slightly  larger  than  the 
capacitance  of  the  film  over  Al.  This  indicates  that  the 
two  films  differ  somewhat  in  composition  and/or  thick¬ 
ness.  This  will  be  shown,  more  positively,  in  the  DIM 
results  described  below. 


log  (//H,) 


Fig.  5.  Bode  magnitude  plot  generated  from  LEiS  data  for  the  Al^Ta 
precipitate  (A)  and  the  Al  matrix  (□).  From  Ref.  [10]. 


Fig.  6.  Change  in  barrier  layer  film  thickness  vs.  applied  potential  for 
Al.  Al  8Ta,  Al  -25Ta  and  Ta.  Increasing  concentrations  of  solid 
solution  Ta  decrease  the  film  thickness.  From  Ref  [llj. 


3.2.  EUipsometric  studies 

3.2.1.  Single -phase  alloy  films 

These  experiments  sought  to  determine  the  barrier 
layer  thickness  of  the  passive  films  on  solid  solution 
Al-8Ta,  Al-25Ta,  Al  and  Ta.  The  indices  of  refraction 
for  the  films  were  in  the  ranges  1.59-1.62  and  2.17- 
2.22  for  the  films  on  Al  and  Ta  respectively.  These 
indices  are  consistent  with  literature  values  [27,28]. 

A  decrease  in  the  thickness  of  the  anodic  oxide  films 
on  Al,  Al-8Ta,  Al-25Ta  and  Ta  at  applied  potentials 
of  0.0,  1.0,  2.0  and  5.0  V  vs.  SCE  occurred  with  an 
increase  in  the  concentration  of  Ta  in  the  solid  solution 
alloy  films  (Fig.  6),  indicating  the  formation  of  a  more 
protective  film.  This  may  suggest  an  enrichment  of  the 
barrier  layer  film  with  Ta205  with  increasing  applied 
potential,  as  observed  by  Davis  et  al.  [5]. 

The  X-ray  photoelectron  spectrum  for  Al-25Ta  po¬ 
larized  at  0.0  V  vs.  SCE  for  15  min  showed  that  the 
composition  of  the  passive  film  on  Al-25Ta  was  ap¬ 
proximately  30%  oxidized  Ta.  Analysis  of  the  film  on 
Al-8Ta  polarized  at  0.0  V  vs.  SCE  for  15  min  showed 
a  film  composition  of  approximately  10%  oxidized  Ta. 

The  results  found  in  the  ellipsometric  studies  of  the 
non-equilibrium  alloys  may  be  related  to  the  improved 
pitting  resistance  of  the  Al-Ta  system.  First,  the  fact 
that  the  film  on  the  alloys  is  thinner  indicates  that  it  has 
a  higher  ionic  resistivity.  This  is  consistent  with  the 
model  of  Davis  et  al.  [5],  who  proposed  that  the  thin 
layer  impedes  the  migration  of  Cl  “  through  the  passive 
film,  as  pointed  out  above  in  the  discussion  of  the 
electrochemical  experiments.  However,  the  observation 
of  thinner  passive  films  does  not  eliminate  the  possibil¬ 
ity  that  another  mechanism  may  be  responsible  for  the 
improved  pitting  resistance  of  these  alloys. 
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3.2.2.  Alloys  containing  large  Al^Ta  precipitates 

Fig.  7  plots  the  change  in  film  thickness  vs.  the 
applied  potential.  At  0.0  V,  the  thickness  of  the  pas¬ 
sive  film  on  the  precipitate  is  approximately  twice  that 
of  the  passive  film  on  the  matrix;  at  around  0.0  V  the 
thicknesses  are  approximately  equal,  and  at  2.0  V  the 
film  thickness  over  the  matrix  is  greater  than  that  over 
the  precipitate.  The  average  indices  of  refraction  of  the 
films  formed  on  the  A1  matrix  and  Al^Ta  precipitate 
were  1.60  and  1.78  +  0.055i  respectively.  An  examina¬ 
tion  of  the  film  formation  on  sputtered  Al-25Ta  and 
Al-8Ta  revealed  film  thicknesses  less  than  those  mea¬ 
sured  for  the  matrix  or  the  AljTa  precipitate. 

It  is  expected  that  the  precipitate  should  form  thin¬ 
ner  films  at  all  applied  potentials  owing  to  the  enrich¬ 
ment  of  highly  protective  Ta205  in  the  passive  layer 
and,  indeed,  thinner  films  do  form  on  the  precipitate 
at  high  potentials  (2.0  V  and  above),  but  not  at  low 
potentials  (below  0.0  V).  At  present  this  is  not  under¬ 
stood.  The  index  of  refraction  of  the  film  over  the 
matrix  is  consistent  with  that  formed  on  pure  Al  [12]. 
The  real  portion  of  the  index  of  the  film  over  the 
precipitate  is  consistent  with  a  film  containing  both 
AI2O3  and  Ta205.  Muth  [29]  has  shown  that  the  index 
of  Ta205  is  2.22  and  that  an  Al-Ta  alloy  forms  a  film 
whose  index  is  between  that  of  AI2O3  and  Ta205  de¬ 
pending  on  the  alloy  composition.  A  first  approxima¬ 
tion  using  the  law  of  mixtures  indicates  that  AlgTa 
would  be  expected  to  form  a  film  with  an  index  of 
1.75.  It  should  also  be  noted  that  the  film  over  Al3Ta 
has  a  small  absorption  coefficient.  The  physical  basis 
for  this  is  not  presently  understood  since  the  indices  of 
the  passive  layers  on  Al  and  Ta  are  entirely  real.  A 
small  absorption  coefficient  indicates  that  the  passive 
film  probably  has  a  limited  electrical  conductivity  (un¬ 
like  AI2O3  and  Ta205  which  are  insulators).  This  is 
consistent  with  the  observation  in  this  study  and  in 


Fig.  7.  Change  in  barrier  layer  thickness  vs.  applied  potential  for  the 
Al^Ta  precipitate  and  the  Al  matrix.  The  thicknesses  become  equal  at 
around  1.0  V.  From  Ref.  [12]. 


Fig.  8.  Scanning  electron  photomicrograph  of  the  preferential  dissolu¬ 
tion  of  Al  around  Al^Ta  precipitates  after  48  h  immersion  in  aerated 
0.1  M  NaCl,  pH  5,  at  £^00  potential  that  is  less  than  1.0  V  vs. 
SCE,  where  the  films  on  Al^Ta  and  Al  have  unequal  thicknesses).  The 
bright  white  “specks”  are  the  result  of  charging  and  not  additional 
precipitates  or  impurities.  From  Ref.  [13]. 

Ref.  [21]  that  at  high  overpotentials  (several  volts) 
oxygen  is  evolved  at  the  precipitates. 

3.3.  Pitting  experiments 

The  above  LEIS  and  DIM  measurements  indicate 
that  the  precipitate  film  and  the  dealloyed  region  film 
differ  in  thickness  (except  at  a  potential  of  around  1.0 
V)  as  well  as  in  composition  and/or  structure.  There¬ 
fore  it  is  probable  that  there  is  an  incoherent  interface 
between  the  two  films  which  is  susceptible  to  localized 
attack  [30].  Local  strains  or  flaws,  such  as  dislocations 
at  the  interface,  may  promote  Cl"  adsorption  or  in¬ 
gress  that  leads  to  breakdown.  This  hypothesis  is  sup¬ 
ported  by  Fig.  8,  a  scanning  electron  micrograph  of  two 
of  the  precipitates  in  this  alloy  after  immersion  in  0.1  M 
NaCl  at  F’corr  for  48  h.  This  micrograph  clearly  shows 
the  preferential  dissolution  of  Al  around  an  Al3Ta 
precipitate.  It  is  apparent  that  the  interface  between  the 
two  films  serves  as  a  site  for  local  attack,  although  a 
cathodic  precipitate  may  provide  the  driving  force  for 
propagation  [31].  However,  when  Al-1.5Ta  samples 
containing  large  Al3Ta  precipitates  were  polarized  po- 
tentiostatically  at  1.0  V,  the  precipitate  and  matrix  films 
were  nearly  equal  in  thickness  and  the  flaw  density  at 
the  precipitate -matrix  interface  was  probably  lower 
than  for  the  film  sample  polarized  at  0.0  V.  When  these 
specimens  were  immersed  in  a  solution  containing  0.1 
M  NaCl  passivated  at  0.0  V  vs.  SCE,  where  the  passive 
films  on  both  the  precipitate  and  matrix  surfaces  are 
nearly  equal,  approximately  half  of  the  pits  were  lo¬ 
cated  at  the  interfaces  between  the  matrix  and  the 
Al3Ta  precipitates  (Fig.  9).  Therefore,  for  samples  pas¬ 
sivated  at  1.0  V,  the  vast  majority  of  pits  were  observed 
in  the  Al  matrix  material.  Only  two  pits  were  observed 
at  the  interface  between  the  matrix  and  precipitates, 
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indicating  that  when  their  respective  passive  films  are 
nearly  the  same  thickness  the  interface  is  less  suscepti¬ 
ble  to  breakdown.  Many  pits  were  observed  near  pre¬ 
cipitates,  but  not  at  the  interface.  However,  for 
specimens  passivated  at  potentials  where  the  film  thick¬ 
nesses  are  unequal,  e.g.  at  0.0  V,  pitting  occurs  at  the 
precipitate-matrix  interface  (Fig.  8). 
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4.  Concluding  remarks 


References 


The  following  conclusions  can  be  drawn  from  this 

study  of  the  effect  of  microstructure  on  the  passivity 

and  breakdown  of  sputtered  Al-Ta  alloy  films. 

4.1.  Effect  of  the  mm-eciidlihriiim  microstnicture 

(1)  The  non-equilibrium  structure  does  not  increase 

E 

^pif 

(2)  The  non-equilibrium  structure  inhibits  the  forma¬ 
tion  of  Al3Ta  precipitates.  Breakdown  initiates  at 
defects  in  the  passive  film  formed  at  the  precipi¬ 
tate-matrix  boundary.  This  is  so  because  the  thick¬ 
ness  of  the  film  on  the  precipitate  differs  from  that 
on  the  matrix.  At  potentials  at  which  the  films  have 
equal  thicknesses,  breakdown  usually  occurs  at  sites 
away  from  the  precipitate-matrix  interface. 

4.2.  Effect  of  Ta  additions 

(1)  Below  the  addition  of  Ta  to  Al  does  not 
decrease  the  corrosion  rate. 

(2)  Ta  raises  the  pHp^^.  of  the  passivated  alloy  surface. 
This,  in  turn,  raises  the  potential  of  CI“  ion  ad¬ 
sorption  and  thereby  E^^^. 


Fig.  9.  Scanning  electron  photomicrograph  of  pitted  sample  held  at 
1.0  V  vs.  SCE,  a  potential  at  which  the  films  on  Al3Ta  and  Al  have 
equal  thicknesses.  Pitting  occurs  in  the  Al  matrix  at  sites  away  from 
the  precipitates.  From  Ref.  [12]. 
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Abstract 

Al/Si  and  Fe/Zr  multilayer  films  were  synthesized  by  sputter  deposition.  Modulation  wavelengths  (A)  were  varied  from  3  to  35 
nm  for  Al/Si  multilayers  and  from  0.8  to  92  nm  for  Fe/Zr  multilayers.  Their  structure  and  corrosion  properties  depend  on  A.  In 
Al/Si  multilayers,  the  corrosion  resistance  increased  significantly  with  decreasing  A.  In  Fe/Zr  multilayers,  the  samples  with  A 
around  4  nm,  in  which  a  crystalline  to  amorphous  transition  was  exhibited,  appeared  to  be  the  most  corrosion  resistant.  This 
behavior  is  discussed  in  connection  with  the  multilayer  structure. 

Keywords:  Multilayers;  Corrosion;  Modulation  wavelength;  Al-Si;  Fe-Zr 


1,  Introduction 

Artificially  produced  metallic  superlattices  and  multi¬ 
layers  are  of  interest  from  both  the  scientific  and  practi¬ 
cal  points  of  view  [1-5].  In  particular,  much  attention 
has  been  devoted  to  the  electronic  and  magnetic  prop¬ 
erties.  However,  in  practice,  the  corrosion  resistance 
can  be  equally  important,  because  any  devices  must  be 
reliable  and  corrosive  failure  must  not  occur.  However, 
the  corrosion  properties  of  such  nanometer-scale  multi¬ 
layers  are  unknown.  Such  parameters  are  also  of  great 
interest  from  a  scientific  point  of  view. 

This  paper  aims  to  clarify  the  relationship  between 
the  modulation  wavelength  and  corrosion  properties  of 
sputter-deposited  Al/Si  and  Fe/Zr  multilayers  in  con¬ 
nection  with  their  structure,  using  X-ray  diffraction 
(XRD),  high-  resolution  transmission  electron  mi¬ 
croscopy  (HRTEM),  X-ray  photoelectron  spectroscopy 
(XPS),  electrochemical  techniques,  and  so  on.  Al/Si  is 
one  of  the  most  well-known  systems  for  microelectronic 
materials,  and  Fe/Zr  is  a  typical  magnetic  material. 
Hence  there  are  good  reasons  for  studying  these  multi¬ 
layer  systems. 


*  Corresponding  author. 


2.  Experimental  details 

Films  (thickness,  1  pm)  of  Al/Si  multilayers 
(A1i„  ,.Sf.;  x  =  0.29-0.44)  and  films  (thickness,  2  fim) 
of  Fe/Zr  multilayers  (Fcj  __  ,.Zr^.;  x  =  0.40-0.52)  were 
synthesized  on  cleaned  glass  slides  by  d.c./r.f.  sputter 
deposition  in  a  system  with  a  rotating  sample  stage  and 
high-purity  dual  targets  (99.999%  Al,  99.999%  Si, 
99.9%  Fe,  99.9%  Zr).  The  sputter  deposition  chamber 
was  evacuated  to  a  base  pressure  of  less  than  5  x  10“^ 
Torr  by  a  cryo  pump,  and  the  depositions  were  per¬ 
formed  at  a  pressure  of  3  x  10“^  Torr  of  Ti-  getter- 
cleaned  Ar.  Fig.  1  shows  a  schematic  diagram  of  the 
sputter  deposition  apparatus  for  the  formation  of  these 
multilayers.  The  layer  thicknesses  were  varied  from  3  to 
35  nm  for  the  Al/Si  system  and  from  0.8  to  92  nm  for 
the  Fe/Zr  system.  Pure  Al  and  Si  films,  1  jum  thick,  and 
pure  Fe  and  Zr  films,  2  fim  thick,  were  also  synthesized 
by  sputter  deposition  for  comparison. 

The  structures  of  the  films  were  characterized  by  low- 
and  high-angle  XRD  and  cross-sectional  HRTEM.  The 
compositions  were  examined  by  inductively  coupled 
plasma  mass  spectrometry  (ICP-MS). 

Potentiodynamic  anodic  polarization  scans  were 
made  in  an  aerated  0.1  M  HCl  aqueous  solution  at  25 
°C  for  Al/Si  multilayers  and  in  an  aerated  0.1  M  H2SO4 
aqueous  solution  at  25  for  Fe/Zr  multilayers,  using 
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Fig.  1.  Schematic  diagram  of  the  sputter  deposition  apparatus  for  the 
formation  of  multilayers. 


2-Theta  (degree) 


Fig.  2.  XRD  patterns  of  an  Al/Si  multilayer  with  a  modulation 
wavelength  A  of  10  nm:  (a)  low-angle  refleclion;  (b)  high-angle 
reflection. 

a  PAR  273  potentiostat  and  a  K0235  flat  celL  to 
examine  the  corrosion  properties  of  the  films.  The  scan 
rate  was  10  mV  s“’  for  the  former  and  2  mV  s  ‘  for 
the  latter.  The  potentials  were  referred  to  an  Ag/AgCl 
electrode.  Electrochemical  testing  of  Al/Si  multilayers 
at  a  constant  potential  of  —  0.2  V  vs.  Ag/AgCl  in  0. 1 
M  HCl  solution  was  also  conducted  to  monitor  the 
anodic  current  density  as  a  function  of  time.  The 
compositions  of  the  surface  films  before  and  after  the 
corrosion  tests  were  analyzed  by  XPS.  Surface  mor¬ 
phologies  after  the  corrosion  test  were  also  observed 
with  a  metallurgical  microscope. 


3.  Results  and  discussion 

3.1.  All  Si  nnihilayers 

3.1.1.  Structure  of  the  films 

Fig.  2  shows  the  low-  and  high-angle  XRD  patterns 
obtained  from  the  Al/Si  multilayer  with  a  modulation 


Fig.  3.  Cross-sectional  high-  resolution  transmission  electron  mi¬ 
crograph  of  an  Al  Si  multilayer  with  a  modulation  wavelength  A  of 
12  nm. 


wavelength  (A)  of  10  nm.  At  low  angles,  superlattice 
lines  due  to  scattering  from  the  composition  modula¬ 
tion  are  clearly  seen.  These  superlattice  lines  were  used 
to  determine  the  modulation  wavelength  of  the  sam¬ 
ples.  At  high  angles,  the  (111)  reflection  of  Al  can  be 
distinguished,  indicating  that  Al  layers  are  crystalline 
and  oriented  in  the  (111)  direction.  The  Al(l  1 1 )  texture 
was  also  observed  in  the  as-sputtered  pure  Al  film  and 
an  amorphous  structure  was  recognized  in  the  Si  film. 

Fig.  3  presents  a  cross-sectional  high-  resolution 
transmission  electron  micrograph  of  the  Al/Si  multi¬ 
layer  wfith  A  =12  nm,  confirming  the  multilayered 
structure,  the  presense  of  a  crystalline  Al  texture  and 
amorphous  Si.  Other  selected  samples  showed  equiva¬ 
lent  HRTEM  results. 

It  is  concluded  from  the  above  that  as-sputtered 
Al/Si  multilayers  with  A  =  3-35  nm  are  composed  of 
( 1 1 1  )-oriented  crystalline  Al  layers  and  amorphous  Si 
layers. 

3.1.2.  Corrosiou  properties  of  the  films 

Anodic  polarization  curves  were  measured  in  0.1  M 
HCl  solution.  They  showed  that  the  anodic  current 
density  decreased  with  decreasing  A.  Fig.  4  shows  the 
relationship  between  the  pitting  potential,  which  was 
defined  as  the  potential  reaching  the  current  density  of 
1  A  m“  -  in  each  anodic  polarization  curve,  and  A.  It  is 
clear  that  the  pitting  potential  is  dependent  on  A  and 
the  corrosion  resistance  significantly  increases  with  de¬ 
creasing  A. 

Fig.  5  shows  the  time  dependence  of  the  anodic 
current  density  at  —0.2  V  vs.  Ag/AgCl  in  0.1  M  HCl 
solution  for  Al/Si  multilayers  with  A  =  5,  10  and  35 
nm.  It  is  clear  that  the  multilayers  with  smaller  A  tend 
to  have  lower  anodic  current  density  and  the  corrosion 
resistance  increases  with  decreasing  A. 

Fig.  6  presents  the  surface  morphologies  of  Al/Si 
multilayers  with  A  =  5  and  35  nm  after  corrosion  tests 
at  —0.2  V  vs.  Ag/AgCl  in  0.1  M  HCl  solution.  This 
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Fig.  4.  Relation  between  pitting  potential  and  modulation  wavelength 
for  Al/Si  multilayers. 


Fig.  5.  Time  dependence  of  the  anodic  current  density  of  selected 
Al/Si  multilayers. 


Fig.  6.  Surface  morphologies  of  Al/Si  multilayers  after  polarization 
test  at  —  0.2  V  vs.  Ag/AgCl  in  0. 1  M  HCl  solution:  (a)  A  =  5  nm;  (b) 
A  =  35  nm. 


microscopic  observation  indicates  that  A1  layers  are 
preferentially  corroded  through  defects  in  the  Si  layers 
and  the  Si  layers  are  delaminated.  In  addition,  A1 
corrosion  products  were  recognized  by  XPS  analysis  of 


Binding  Energy  /  eV 

Fig.  7.  X-Ray  photoelectron  A1  2p  spectra  of  corroded  area  and 
non-corroded  area  of  Al/Si  multilayer  with  A  ^  35  nm  after  polariza¬ 
tion  test  at  —  0.2  V  vs.  Ag/AgCl  in  0. 1  M  HCl  solution. 

the  surface  of  the  films  as  shown  in  Fig.  7.  These 
observations  suggest  the  following  corrosion  mecha¬ 
nism  as  illustrated  schematically  in  Fig.  8:  (1)  entrance 
of  the  solution  into  the  A1  layer  through  the  defects  in 
the  Si  layer;  (2)  corrosion  of  A1  and  the  formation  of 
corrosion  products;  (3)  delamination  of  the  Si  layer  due 
to  the  increase  in  volume  of  the  corrosion  products  in 


Fig.  8.  Schematic  diagram  of  the  corrosion  process  for  the  Al/Si 
multilayer. 
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Fig.  9.  XRD  patterns  of  selected  Fe/Zr  multilayers:  (a)  low-angle 
reflection:  (b)  high-angle  reflection. 

the  Al  layer;  (4)  repetition  of  the  above  processes. 
Considering  the  above  model,  one  of  the  possible  rea¬ 
sons  for  the  dependence  of  the  corrosion  resistance  on 
A  seems  to  be  related  to  the  diffusivity  of  the  solution 
in  the  Al  layer.  Thus  the  smaller  A  is  on  a  nanometer 
scale,  the  more  difficult  it  is  for  the  solution  to  diffuse 
into  the  narrower  crevice  formed  by  dissolution  of  the 
Al  layer,  resulting  in  an  increasing  corrosion  resistance 
with  decreasing  A. 

3,2,  FejZr  mult  Hay  ers 

3.2.1,  Structure  of  the  films 
Fig.  9  shows  the  low-  and  high-angle  XRD  patterns 
of  samples  with  different  modulation  wavelengths  (A). 
At  low  angles,  superlattice  lines  are  seen  for  all  samples 
in  the  figure,  indicating  that  these  samples  are  periodic 
multilayers.  These  superlattice  lines  were  used  to  deter¬ 
mine  the  modulation  wavelength  of  the  samples.  High- 
angle  X-ray  reflections  from  samples  with  A  smaller 
than  4  nm  show  a  broad  peak,  indicating  an  amor¬ 
phous  state.  For  larger  A,  however,  Fe(llO)  and 
Zr(OOl)  reflections  can  be  distinguished,  indicating  that 
these  samples  are  crystalline  and  oriented  in  the  film 
plane. 


Fig.  10.  Fligh-resolution  transmission  electron  micrograph  of  Fe/Zr 
multilayer  with  A  =  8  nm. 

Fig.  10  presents  a  cross-sectional  high-  resolution 
transmission  electron  micrograph  of  the  sample  with 
A  =  8  nm.  The  composition  modulation  is  clear.  Small 
grains  are  visible  in  both  Fe  and  Zr  layers,  indicating 
that  the  sample  is  crystalline.  This  agrees  with  the 
results  of  XRD.  A  small  amount  of  amorphous  phase  is 
also  seen  along  the  interface  between  Fe  and  Zr  layers. 
On  the  other  hand,  XRD  and  HRTEM  show  no  lay¬ 
ered  structure  for  A  smaller  than  0.8  nm,  suggesting 
that  these  samples  contain  homogeneous  amorphous 
alloy. 

From  the  above,  the  structure  of  Fe/Zr  multilayers 
synthesized  in  this  study  is  summarized  in  Fig.  11.  The 
results  are  consistent  with  equivalent  metal  multilayer 
systems  [1]. 

3.2.2.  Corrosion  properties  of  the  films 

Fig.  12  presents  the  anodic  polarization  curves  of 
pure  Fe,  pure  Zr  and  selected  Fe/Zr  multilayers  mea¬ 
sured  in  0.1  M  H2SO4  solution.  It  shows  that  the 
anodic  current  density  of  the  Fe/Zr  multilayer  greatly 
depends  on  A.  The  anodic  current  of  the  Fe/Zr  multi¬ 
layer  rapidly  decreases  to  a  minimum  with  decreasing  A 
for  A  greater  than  4  nm.  It  is  noticeable  that  the 
corrosion  resistance  of  the  Fe/Zr  multilayer  with  A  =  4 
nm  is  greater  than  that  of  pure  Zr,  whereas  the  corro- 
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Fig.  11.  Summary  of  the  structure  of  Fe/Zr  multilayers. 
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Fig.  12.  Anodic  polarization  curves  of  pure  Fe,  pure  Zr  and  selected 
Fe/Zr  multilayers  tested  in  FI2SO4  solution. 

sion  resistance  of  the  Fe/Zr  multilayer  with  A  =  92  nm 
is  poor  and  close  to  that  of  pure  Fe.  In  contrast,  the 
corrosion  resistance  of  Fe/Zr  multilayers  with  A  smaller 
than  4  nm  seems  to  deteriorate  with  decreasing  A. 

Fig.  13  summarizes  the  relationship  between  the  an¬ 
odic  current  density  obtained  from  the  value  at  0  mV 
vs.  Ag/AgCl  in  each  anodic  polarization  curve  in  Fig. 
12  and  A,  showing  that  the  corrosion  resistance  varies 
with  A.  For  A  greater  than  4  nm,  the  corrosion  resis¬ 
tance  increases  significantly  with  decreasing  A.  The 
samples  with  A  =  4  nm  are  the  most  corrosion  resistant. 
In  films  with  A  smaller  than  4  nm,  the  corrosion 
resistance  deteriorates  with  decreasing  A. 


-1.0  -0.5  0  0.5  1.0  1.5 

Potential  (V  vs  Ag/AgCI) 


1  '10  100 


Modulation  Wavelengths  (nm) 

Fig.  13.  Relation  between  anodic  current  density  and  modulation 
wavelength  of  Fe/Zr  multilayers. 
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Fig.  14.  Surface  morphology  of  the  Fe/Zr  multilayer  with  a  modula¬ 
tion  wavelength  A  of  18  nm  after  polarization  test  in  H2SO4  solution. 

Fig.  14  shows  the  surface  morphology  of  the  Fe/Zr 
multilayer  with  A  =  18  nm  after  the  polarization  test  in 
0.1  M  H2SO4  solution.  This  observation  of  the  speci¬ 
men  surface  after  the  corrosion  test  indicates  that  the 
Fe  layers  are  preferentially  corroded  through  pin-hole- 
type  defects  in  the  Zr  layers  and  the  Zr  layers  are 
fractured  and  delaminated.  These  observations  suggest 
the  following  corrosion  mechanism  as  discussed  for 
Al/Si  multilayers:  (1)  entrance  of  the  solution  into  the 
Fe  layer  through  defects  in  the  Zr  layer;  (2)  corrosion 
of  Fe  and  the  formation  of  corrosion  products;  (3) 
delamination  of  the  Zr  layer  due  to  an  increase  in  the 
volume  of  corrosion  products  in  the  Fe  layer;  (4)  repeti¬ 
tion  of  the  above  processes.  Considering  the  above 
model,  possible  reasons  for  the  dependence  of  the  cor¬ 
rosion  resistance  on  A  may  be  related  to  the  diffusivity 
of  the  solution  in  the  Fe  layers  and  the  structure  of  the 
films.  Thus  in  films  with  A  greater  than  4  nm,  the 
smaller  A  is,  the  more  difficult  it  is  for  the  solution  to 
diffuse  into  the  narrower  crevice  formed  by  dissolution 
of  the  Fe  layers,  resulting  in  an  increase  in  corrosion 
resistance  with  decreasing  A.  The  presence  of  an  amor¬ 
phous  layer  at  the  interface  between  the  Fe  and  Zr 
layers  also  contributes  to  the  increase  in  the  corrosion 
resistance,  because  the  amount  of  pure  crystalline  Fe 
decreases  due  to  the  increase  in  the  amorphous  inter¬ 
face  with  decreasing  wavelength.  However,  in  order  to 
understand  better  the  deterioration  of  the  corrosion 
resistance  with  decreasing  A  in  films  with  A  smaller 
than  4  nm,  further  consideration  of  the  dependence  of 
the  structure  of  the  Fe/Zr  multilayer  on  A  is  required. 


4.  Conclusions 

(1)  Sputter-deposited  Al/Si  multilayers  are  composed 
of  amorphous  Si  layers  and  (1 1  l)-oriented  crystalline 
Al  layers.  The  corrosion  properties  vary  with  the  modu¬ 
lation  wavelength.  With  decreasing  modulation  wave¬ 
length,  the  corrosion  resistance  significantly  increases. 
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XPS  and  microscopic  observations  indicate  that  the  A! 
layers  are  preferentially  corroded  through  defects  in  the 
Si  layers. 

(2)  Sputter-deposited  Fe/Zr  multilayers  with  modula¬ 
tion  wavelengths  (A)  greater  than  8  nm  are  composed 
of  (1 10)-oriented  Fe  and  (002)-oriented  Zr  crystalline 
layers,  and  the  interface  between  Fe  and  Zr  is  amor¬ 
phous.  The  samples  with  A  between  4  and  0.8  nm 
contain  compositionally  modulated  amorphous  multi¬ 
layers.  The  corrosion  properties  vary  with  A.  In  films 
with  A  greater  than  4  nm,  the  corrosion  resistance 
increases  significantly  with  decreasing  A.  The  samples 
with  A  =  4  nm  appear  to  be  the  most  corrosion  resis¬ 
tant.  In  films  with  A  less  than  4  nm,  the  corrosion 
resistance  deteriorates  with  decreasing  A.  It  is  suggested 


that  the  Fe  layers  are  preferentially  corroded  through 
defects  in  the  Zr  layers.  This  behavior  was  discussed  in 
connection  with  the  multilayer  structure. 
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Abstract 

Rapidly  solidified  Nd-Fe-B  alloys  were  found  to  corrode  actively  at  open  circuit  in  aerated  Na2S04  and  NaCl  at  30  and 
80  °C.  Estimated  penetration  rates  (greater  than  27  mil  year“‘)  indicate  the  need  for  corrosion  control  methods. 

The  use  of  sacrificial  zinc  coatings  in  controlling  the  corrosion  of  Nd-Fe-B  alloys  may  have  previously  been  overlooked 
because  of  two  potential  limitations:  incomplete  protection  and  hydrogen  damage.  The  electrochemical  activity  of  Nd  may  prevent 
zinc  from  providing  complete  sacrificial  protection  to  Nd-Fe-B  at  breaks  in  the  coating,  and  cracking  could  occur  when 
hydrogen  production  is  galvanically  stimulated  on  Nd-Fe-B  at  breaks  in  the  coating. 

This  study  focuses  on  the  evaluation  of  the  protection  conferred  to  Nd-Fe-B  when  a  Zn/Nd-Fe-B  galvanic  couple  is  formed 
due  to  coating  penetration.  Quantitative  solution  analysis  was  used  to  demonstrate  that  the  dissolution  of  Nd,  Fe  and  B  is 
essentially  prevented  by  the  galvanic  coupling  of  Nd-Fe-B  to  zinc  in  NaCl  at  25  °C.  Galvanic  coupling  to  zinc  also  reduces  the 
rate  of  environmentally  assisted  cracking  of  Nd-Fe-B.  Sacrificial  zinc  coatings  appear  to  be  a  viable,  cost-effective  corrosion 
control  method  for  Nd-Fe-B,  and  the  limitations  described  above  should  not  preclude  their  use  in  this  application. 

Keywords:  Corrosion;  Nd-Fe-B;  Permanent  magnets;  Sacrificial  zinc  coatings 


1.  Introduction 

Nd-Fe-B  is  the  most  powerful  permanent  magnet 
currently  known  to  man.  The  alloy  can  be  prepared 
either  by  sintering  or  by  a  rapid  solidification  process¬ 
ing  (RSP)  technique  pioneered  by  General  Motors,  In 
the  RSP  technique,  rapidly  quenched  Nd-Fe-B  rib¬ 
bons  are  compacted  at  elevated  temperature  into  a  fully 
dense  body  known  as  a  hot  pressed  (h.p.)  magnet.  The 
microstructure  of  h.p.  magnets  generally  consists  of 
isotropic,  polygonal  Nd2Fe,4B  grains  (80-100  nm  in 
diameter)  surrounded  by  a  continuous  1-5  nm  wide 
Nd-rich  grain  boundary  phase  [1-3],  as  shown  sche¬ 
matically  in  Fig.  1.  Despite  intense  investigation,  the 
identity  of  the  Nd-rich  phase  has  not  been  confirmed. 
The  phase  appears  to  be  stabilized  by  oxygen  and  can 
crystallize  either  in  the  hexagonal  close  packed  or  face- 
centered  cubic  structure,  depending  on  the  amount  of 


Fig.  1.  Schematic  microstructure  of  the  hot  pressed  (h.p.)  rapidly 
solidified  Nd-Fe-B  alloy. 
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oxygen  admitted  to  the  system  during  processing  [4,5]. 
The  addition  of  elements  other  than  Nd,  Fe  and  B  to 
the  alloy  can  also  influence  the  composition  and  struc¬ 
ture  of  this  phase. 

The  energy  product  of  the  magnet  can  be  increased 
by  subjecting  the  h.p.  alloy  to  a  thermomechanical 
treatment  known  as  die  upsetting,  which  crystallo- 
graphically  aligns  the  axis  of  easy  magnetization  (c- 
axis)  of  the  ferromagnetic  Nd2Fe,4B  grains  in  a 
common  direction,  with  the  Nd-rich  phase  still  present 
at  the  grain  boundaries.  Further  details  relating  to  the 
h.p.  and  die  upset  (d.u.)  magnets  can  be  found  else¬ 
where  [6-10]. 

The  possibility  of  preferential  grain  boundary  corro¬ 
sion  in  Nd-Fe-B  alloys  prepared  by  the  RSP  tech¬ 
nique  is  a  concern  because  Nd  is  an  electrochemically 
active  element,  and  because  intergranular  corrosion  has 
been  observed  in  sintered  Nd-Fe-B  [11].  Although  the 
microstructure  of  the  alloy  may  be  detrimental  to  its 
corrosion  resistance,  it  is  believed  that  the  isolation  of 
the  Nd2Fe,4B  grains  by  the  paramagnetic  Nd-rich 
phase  improves  the  demagnetization  resistance  of  the 
alloy  by  forcing  each  grain  to  reverse  its  magnetization 
independently  [12]. 

Permanent  magnets  are  important  materials  in 
many  industries.  Their  numerous  applieations  in  auto¬ 
mobiles,  for  example,  are  shown  in  Fig.  2.  The  power¬ 
ful  Nd-Fe-B  alloy  can  provide  significantly  more 
magnetic  flux  per  unit  weight  than  previous  permanent 
magnetic  materials.  A  marked  reduction  in  the  weight, 
bulkiness  and  cost  of  parts,  such  as  electric  motors,  can 
be  achieved  through  the  use  of  Nd-Fe-B  permanent 
magnets  [6]. 

Despite  the  many  benefits  of  employing  the  Nd-Fe- 
B  magnet,  its  poor  corrosion  resistance  has  been  cited 
as  a  potential  problem  with  its  use  in  many  applications 
[14-16].  Since  the  magnetic  flux  is  directly  dependent 
on  the  volume  of  the  magnetic  material  present  [17], 
loss  of  metal  by  corrosion  decreases  the  power  of  a 
permanent  magnet.  A  25%  loss  in  magnetic  flux,  for 
example,  was  found  to  result  from  a  72  h  exposure 
of  sintered  Nd-Fe-B  to  an  autoclave  environment 
(120  °C,  2  atm)  [18]. 

The  majority  of  previous  electrochemical  testing  on 
Nd-Fe-B  has  been  performed  using  alloys  prepared  by 
sintering  rather  than  by  RSP.  Testing  has  been  con¬ 
ducted  in  electrolytes  such  as  H3PO4  [19,20],  H2SO4 
[20,21],  NaH2P04  [19],  NaOH  [19]  and  Ringer’s  solu¬ 
tion  [20],  primarily  under  deaerated  conditions.  Since 
the  corrosion  of  Nd-Fe-B  is  of  concern  in  industrial 
and  marine  environments  as  well  as  automotive  envi¬ 
ronments  which  contain  de-icing  salts,  tests  performed 
in  aerated,  near-neutral  electrolytes,  such  as  Na2S04 
and  NaCl,  will  probably  be  more  relevant  to  actual 
service  conditions  than  tests  performed  in  the  above 
electrolytes  [22].  Testing  has  generally  been  performed 


at  room  temperature  [19  21],  even  though  the  alloy  can 
be  subjected  to  a  wide  range  of  temperatures  in  service 
(  -40  to  170  °C)  [23]. 

LI.  Corrosion  control  via  sacrificial  zinc  coatings 

Although  sacrificial  zinc  coatings  may  represent  a 
cost-eftective  corrosion  control  method  for  Nd-Fe-B, 
their  use  may  have  previously  been  overlooked  because 
of  two  potential  limitations:  incomplete  protection  and 
hydrogen  damage.  Zinc  coatings  may  be  incapable  of 
providing  complete  sacrificial  protection  to  Nd-Fe-B 
at  breaks  in  the  coating,  because  Nd  is  an  electrochem¬ 
ically  active  element  and  its  anodic  dissolution  can 
therefore  occur  at  potentials  much  more  negative  than 
the  corrosion  potential  of  the  Nd  Fe-B  alloy  [24]. 
However,  since  the  rate  of  Nd  dissolution  cannot  be 
predicted  using  thermodynamics,  the  degree  of  protec¬ 
tion  provided  at  breaks  in  the  coating  can  only  be 
determined  by  testing.  Hydrogen  production  will  be 
galvanically  stimulated  on  the  alloy  at  breaks  in  the 
coating,  and  the  rate  of  cracking  of  Nd-Fe-B  could  be 
accelerated  by  hydrogen  uptake.  Although  hydrogen 
degradation  of  Nd-Fe  B  has  been  observed  under 
strong  cathodic  polarization  (4.  ^0.4  1.3  A  cm  '  “)  in 
H2SO4  (pH  0-1)  [24],  the  relevance  of  these  results  may 
be  limited  due  to  the  severe  testing  conditions  em¬ 
ployed. 

Zinc  generally  exhibits  good  resistance  to  atmo¬ 
spheric  corrosion  because  of  the  formation  of  sparingly 
soluble  corrosion  products  [25].  The  life  of  a  zinc 
coating  can  additionally  be  extended  by  covering  it  with 
a  paint  or  a  similar  organic  in  order  to  delay  its 
exposure  to  the  corrosive  environment. 

Corrosion  control  of  Nd-Fe-B  via  zinc  and/or  or¬ 
ganic  coatings  does  not  present  an  inherent  problem, 
since  the  coating  material(s)  will  not  affect  the  magnetic 
field  produced  by  the  alloy.  The  coating  should  not  be 
excessively  thick,  however,  since  the  magnetic  flux  de¬ 
creases  with  the  square  of  the  distance  from  the  magnet 
[18].  Coatings  of  75  pm  or  more  can  be  used  without 
adversely  affecting  magnetic  performance  [26].  Zinc 
coatings  of  this  thickness  can  be  applied  using  hot-dip 
galvanizing,  electroplating  or  vapor  deposition. 


2.  Experimental  procedure 

Rapidly  solidified  Nd-Fe-B  alloys  were  produced 
by  the  MagnequenclC  Division  of  the  General  Motors 
Corporation.  Zinc  metal  (greater  than  99.9  wt.%)  was 
purchased  from  Johnson  Matthey  Chemicals.  Samples 
for  polarization  and  galvanic  corrosion  tests  were  pol¬ 
ished  to  a  1200  grit  finish,  degreased  with  acetone  and 
masked  with  a  thin  layer  of  silicone  rubber  adhesive  (16 
h  cure).  Polarization  was  conducted  at  0.16  mV  s  '. 
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Fig.  2.  Automotive  applications  involving  permanent  magnets  (after 
Croat  and  Herbst  [13]). 


Test  electrolytes  were  aerated,  non-agitated  0.5  M 
Na2S04  and  0.5  M  NaCl  (pH  ^  6)  at  both  30  ±  0.5  X 
and  80  ±  1  °C.  A  saturated  calomel  reference  electrode 
(SCE)  was  used  at  30  °C,  and  a  silver/silver  chloride 
reference  electrode  (Ag/AgCl)  at  80  °C. 


3.  Results  and  discussion 

3.L  Polarization  testing 

The  corrosion  of  Nd-Fe-B  was  initially  investigated 
by  measuring  the  polarization  behavior  of  h.p.  and  d.u. 
alloys  in  aerated  Na2S04  and  NaCl  solutions,  because 
of  the  scarcity  of  previous  electrochemical  testing  in 
relevant  electrolytes.  The  anodic  and  cathodic  polariza¬ 
tion  behavior  of  the  alloys  prepared  by  RSP  at  30  °C 
are  shown  in  Figs.  3(a)  and  3(b)  in  Na2S04  and  in  Figs. 
4(a)  and  4(b)  in  NaCl.  The  anodic  and  cathodic  polar¬ 
ization  behavior  at  80  ""C  are  shown  in  Figs.  5(a)  and 
5(b)  in  Na2S04  and  in  Figs.  6(a)  and  6(b)  in  NaCl.  Due 
to  the  anisotropic  nature  of  the  d.u.  magnets,  two 
orthogonal  planes  were  tested.  One  test  plane  was 
approximately  perpendicular  to  the  c-axis  of  the  elon¬ 
gated  Nd2Fei4B  grains  (d.u.lc),  and  the  other  plane 
was  approximately  parallel  to  the  c-axis  of  the  grains 
(d.u.||c). 

Nd-Fe-B  was  found  to  exhibit  Tafel  kinetics  (active 
corrosion)  at  low  anodic  overpotentials  in  all  four  test 
solutions,  as  shown  in  Figs.  3(a)- 6(a).  Regions  of 
higher  anodic  overpotential  were  not  shown  in  order  to 
enhance  the  clarity  of  Figs.  3(a)-6(a).  Mass  transfer 
control  was  generally  found  to  exist  up  to  -{- 1.5  V 
(SCE),  although  a  slight  reduction  in  current  density 
was  observed  at  potentials  noble  to  —  0.2  V  (SCE)  in 
Na2S04  at  30  °C.  An  active-passive  transition  was 


observed  in  Na2S04  at  80  °C  (Fig.  5(a)),  as  discussed 
below.  The  alloy  was  found  to  exhibit  diffusion-limited 
oxygen  reduction  kinetics  at  low  cathodic  overpoten¬ 
tials  in  all  test  solutions,  as  shown  in  Figs.  3(b)-6(b). 
The  linear  regions  observed  at  higher  cathodic  overpo¬ 
tentials  correspond  to  the  reduction  of  water  to  hydro¬ 
gen.  The  rate-controlling  reaction  in  the  corrosion  of 
Nd-Fe-B  in  the  test  solutions  appears  to  be  diffusion- 
limited  oxygen  reduction. 

Although  passivation  was  induced  by  anodic  polar¬ 
ization  at  80  °C  in  Na2S04,  the  usefulness  of  the  passive 
film  obtained  appears  to  be  limited.  Since  the  alloy 
exhibits  active  dissolution  at  open  circuit,  the  corrosion 
rate  of  the  alloy  is  substantial  (approximately  110  pA 
cm~^)  despite  the  presence  of  the  active -passive  transi¬ 
tion.  Both  the  passive  current  density  (approximately 
100  [xA  cm"^)  and  the  critical  current  density  for 
passivation  (approximately  20  mA  cm  “ ")  are  relatively 
high,  and  the  passive  region  is  very  narrow  (less  than 
0.1  V). 


Fig.  3.  Anodic  (a)  and  cathodic  (b)  polarization  of  hot  pressed  (h.p.) 
and  die  upset  (d.u.)  Nd-Fe-B  alloys  in  0.5  M  Na2S04  at  30  °C.  The 
anisotropic  d.u.  samples  were  tested  on  two  orthogonal  planes:  a 
plane  perpendicular  to  the  c-axis  of  the  Nd2Fe|4B  grains  (d.u.lc) 
and  a  plane  parallel  to  the  c-axis  of  the  grains  (d.u.jjc). 
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Fig.  4.  Anodic  (a)  and  cathodic  (b)  polarization  of  hot  pressed  (h.p.) 
and  die  upset  (d.u.lr,  d.u.  ||c)  Nd-Fe-B  alloys  in  0.5  M  NaCl  at 
30  °C. 


No  significant  effect  of  the  magnetic  flux  on  the 
polarization  behavior  of  Nd-Fe-B  was  observed  (Figs, 
3-6),  as  the  magnetic  flux  lines  emerging  from  the  d.u. 
samples  are  perpendicular  to  the  test  plane  of  the 
d.u.lc  samples  and  parallel  to  the  test  plane  of  the 
d.u. lie  samples.  In  addition,  the  microstructural  changes 
which  result  from  subjecting  the  h.p.  alloy  to  the  die 
upsetting  process  were  found  to  exert  only  a  slight 
effect  on  the  polarization  behavior  of  Nd-Fe-B  (Figs. 
3-6).  No  electrochemical  basis  was  observed  for  the 
results  of  Jacobsen  and  Kim  [27],  who  reported  that  the 
weight  loss  of  magnetized  (sintered)  Nd-Fe-B  in  aer¬ 
ated  salt  water  was  significantly  less  than  that  of  non- 
magnetized  samples. 

3.1.1.  Rate  of  metal  loss 

The  corrosion  current  density  (4orr)  can  be  estimated 
by  extrapolating  both  the  anodic  and  cathodic  polariza¬ 
tion  curves  to  the  corrosion  potential.  For  h.p.  Nd- 
Fe-B  in  NaCl  at  30  °C,  for  example,  the  average  4ori 
was  estimated  to  be  58  //A  cm“".  Faraday’s  law  can  be 


used  to  convert  this  value  into  a  penetration  rate  in  mils 
per  year  (mpy)  using  the  following  equation  [28] 

Penetration  rate  (mpy)  =  (0.129) 

4,,,,-(pA  cm  “ “)  X  atomic  weight  (g  mol~  ’) 
number  of  electrons  transferred  x  density  (g  cm“  ^) 

(1) 

The  density  of  h.p.  samples  is  7.6  g  cm  x  The  atomic 
weight  was  estimated  to  be  66  g  mol  *  and  the  number 
of  electrons  transferred  as  2.2,  using  weighted  averages 
based  on  the  standard  alloy  composition  of  15  at.%  Nd, 
77  at.%  Fe  and  8  at.%  B.  Using  these  parameters  in  Eq. 
(1),  the  rate  of  metal  loss  was  estimated  to  be  29  mpy 
(0.74  mm  year“‘),  assuming  general  corrosion  to  be 
operative.  Similar  values  (27-55  mpy)  were  estimated 
for  the  other  three  test  solutions. 

A  significant  limitation  of  polarization  testing  is  that 
it  does  not  provide  information  regarding  the  morphol¬ 
ogy  of  corrosive  attack.  If  localized  corrosion  is  taking 
place,  the  penetration  rates  calculated  above  are  likely 
to  be  a  significant  underestimate  of  the  actual  metal 
loss  rate  of  the  alloy. 


Fig.  5.  Anodic  (a)  and  cathodic  (b)  polarization  of  hot  pressed  (h.p.) 
and  die  upset  (d.u.lr,  d.u.||c)  Nd-Fe-B  alloys  in  0.5  M  Na^S04  at 
80  X. 
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A  complete  analysis  of  the  morphology  of  attack  is 
currently  in  progress.  Preliminary  work  has  revealed 
definitive  evidence  of  pitting  attack  in  NaCl  at  25  °C  at 
short  immersion  times  (15-60  min).  Although  mea¬ 
sured  pit  depths  (approximately  1  pm)  from  these  tests 
were  extrapolated  to  penetration  rates  greater  than  200 
mpy  (5  mm  year“'),  it  is  not  yet  known  whether  this 
type  of  attack  propagates  over  longer  periods  of  time. 
An  investigation  of  preferential  grain  boundary  corro¬ 
sion  is  planned,  although  this  analysis  is  expected  to 
require  significant  effort  as  a  result  of  the  extremely  fine 
scale  of  the  phases  present  in  the  alloys  prepared  by 
RSP. 

The  effects  of  preferential  grain  boundary  corrosion 
can  be  estimated  by  recalculating  the  penetration  rates 
assuming  that  the  anodic  current  at  E^orr  is  derived 
solely  from  the  corrosion  of  the  Nd-rich  phase.  The 
density  of  this  phase  was  estimated  as  7.3  g  cm“^,  the 
atomic  weight  as  118  g  mol"'  and  the  number  of 
electrons  transferred  as  2.7,  based  on  an  approximate 
grain  boundary  composition  of  Nd7Fe3  [2,29].  The 
grain  to  grain  boundary  area  ratio  was  estimated  as 
95  :  5  [30].  It  was  assumed  that  undercutting  of  grains 
can  continue  indefinitely  due  to  the  interconnection  of 
the  grain  boundary  phase.  The  penetration  rate  in  NaCl 
at  30  °C  was  estimated  as  890  mpy  (23  mm  year"'), 
and  similar  values  were  estimated  for  the  other  test 
solutions. 

The  estimated  penetration  rates  demonstrate  how 
strongly  localized  attack,  such  as  pitting  or  intergranu¬ 
lar  corrosion,  would  affect  the  overall  metal  loss  rate. 
Weight  loss  testing  could  not  be  used  to  determine  the 
accuracy  of  the  estimated  penetration  rates  since  crack¬ 
ing  of  several  samples  precluded  the  measurement  of 
useful  weight  loss  data,  as  described  later. 

The  results  of  the  polarization  tests  are  compatible 
with  previous  reports  of  the  poor  corrosion  resistance 
for  Nd-Fe-B  [14-16].  Since  penetration  rates  greater 
than  5-20  mpy  are  usually  considered  excessive  for 
expensive  alloys  such  as  Nd-Fe-B  [28],  the  penetration 
rates  estimated  indieate  that  corrosion  control  methods 
are  needed  to  improve  the  viability  of  Nd-Fe-B  as  an 
engineering  material. 

3.2.  Corrosion  control  via  sacrificial  zinc  coatings 

Since  the  barrier  properties  of  zinc  coatings  have 
been  characterized  in  the  past  [31-34],  the  current 
study  is  focused  on  evaluating  whether  or  not  protec¬ 
tion  will  be  eonferred  to  Nd-Fe-B  when  it  is  exposed 
to  the  corrosive  environment  due  to  penetration  of  the 
sacrificial  zinc  coating.  A  sacrificial  coating  must  be 
electrochemically  active  to  the  base  metal  in  order  to 
provide  cathodic  protection.  The  coating  supplies  pro¬ 
tection  by  acting  as  the  anode  of  the  coating/base  metal 
galvanic  couple  whieh  is  formed  once  the  coating  is 


Fig.  6.  Anodic  (a)  and  cathodic  (b)  polarization  of  hot  pressed  (h.p.) 
and  die  upset  {d.u.Xc,  d.u.||c)  Nd— Fe— B  alloys  in  0.5  M  NaCl  at 
80  °C. 


penetrated.  The  effectiveness  of  a  sacrificial  coating  can 
therefore  be  evaluated  by  studying  the  galvanic  proper¬ 
ties  of  the  sacrificial  coating/base  metal  system.  An 
established  technique  for  analyzing  galvanic  systems 
involves  the  use  of  the  mixed  potential  theory,  usually 
in  combination  with  galvanic  corrosion  testing  [35-39]. 
Only  one  test  solution  was  utilized  in  this  evaluation 
(NaCl,  30  °C)  due  to  the  limited  number  of  samples 
available. 

3.2.1.  Mixed  potential  theory  and  galvanic  corrosion 
testing 

Polarization  tests  were  performed  on  both  h.p.  Nd- 
Fe-B  and  zinc  in  NaCl  at  30  °C.  The  results  are  shown 
in  Fig.  7  using  a  Zn  to  Nd-Fe-B  area  ratio  of  1.8  :  1. 
The  area  ratio  was  greater  than  1  :  1  in  order  to  simu¬ 
late  the  area  ratio  obtained  when  a  small  area  of  base 
metal  is  exposed  to  an  electrolyte  due  to  cracking  or 
corrosion  of  the  coating  metal.  According  to  the  mixed 
potential  theory,  the  intersection  of  the  total  oxidation 
curve  and  the  total  reduction  curve  is  the  predicted 
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couple  potential  (£^oupic)  of  the  coating/base  metal  sys¬ 
tem.  and  the  reaction  rate  for  each  of  the  individual 
anodic  and  cathodic  reactions  can  be  predicted  by 
calculating  the  current  density  at  ^coupic- 

Galvanic  exposures  of  zinc  and  h.p.  Nd-Fe  B  were 
conducted  at  30  °C  in  NaCl,  using  a  Zn  to  Nd-Fc  B 
area  ratio  of  1.8  :  1.  Zinc  was  found  to  be  the  anodic 
member  of  the  couple  in  all  cases.  Measured  values  of 
both  £'eoupic  ttnd  the  galvanic  current  density  relative  to 
the  area  of  the  cathode  over  the  20  h  test  period 
are  shown  in  Fig.  8.  The  average  values  of  and 

/g(c)  vvere  —1.06  V  (SCE)  and  120  pA  cm  ~  respec¬ 
tively,  which  correlated  well  with  the  £’^.,,„pic  Gc) 
values  predicted  by  the  mixed  potential  theory  (  -  1 .04 
V  (SCE),  1 10  pA  cm  -).  The  galvanic  current  density  is 
reported  with  respect  to  the  area  of  the  cathode  (Nd- 
Fe-B),  since  the  parameter  is  relevant  to 

the  cathodic  protection  requirements  of  the  Nd-Fe  B 
alloy. 

3.2.2.  Preliminary  evaluation  of  sacrificial  zinc  coatings 
Nd-Fe- B  was  cathodically  polarized  by  0.27  V  on 
galvanic  coupling  to  zinc  =  —  0.79  V, 

pie  =  —  1.06  Y).  The  mixed  potential  theory  was  used 
to  predict  the  anodic  current  density  on  coupled  Nd  - 
Fe-B  by  extrapolating  the  Tafel  region  of  the  h.p. 
anodic  polarization  curve  in  Fig.  4(a)  to  E’coupic-  The 
anodic  dissolution  rate  of  coupled  Nd-  Fe-B  was  pre¬ 
dicted  to  be  negligible  (2  x  10“^’  pA  cm  ““).  The  pene¬ 
tration  rates  calculated  from  this  value  were  also 
predicted  to  be  negligible  (less  than  10“^  mpy),  regard¬ 
less  of  whether  general  or  intergranular  corrosion  was 
assumed  to  take  place.  The  mixed  potential  theory  thus 
predicts  that  sacrificial  zinc  coatings  may  be  capable  of 
reducing  the  corrosion  of  Nd-Fe-B  to  an  acceptable 
level,  even  if  localized  corrosion  is  considered. 


Fig.  7.  Anodic  and  cathodic  polarization  of  hot  pressed  Nd  Fc-B 
and  Zn  in  0.5  M  NaCl  at  30  °C.  The  diagram  corresponds  to  an 
Nd-Fe-B  electrode  with  an  area  of  1  cm-  and  a  Zn  electrode  of 
1.8  cnr. 


3.2.3.  Evaluation  of  sacrificial  zinc  coatings  via 
long-term  innnersion  tests 

Long-term  immersion  tests  were  performed  in  order 
to  evaluate  whether  the  significant  reduction  in  the 
Nd  Fe-B  dissolution  rate  predicted  to  occur  on  gal¬ 
vanic  coupling  to  zinc  would  actually  be  obtained  in 
practice.  Immersion  tests  were  also  performed  to  deter¬ 
mine  whether  incomplete  protection,  alkaline  damage 
and/or  hydrogen  damage  would  occur  if  Nd-Fe-B  was 
subjected  to  cathodic  polarization  for  an  extended  pe¬ 
riod  of  time. 

The  long-term  immersion  tests  (1  month)  were  per¬ 
formed  in  0.5  M  NaCl  at  25  °C  with  the  h.p.  Nd  Fe-B 
samples  either  immersed  at  open  circuit  (uncoupled)  or 
galvanically  coupled  to  zinc  using  a  Zn  to  Nd  Fe-B 
area  ratio  of  1.8  :  1.  Average  potential  values  of  —  0.82 
V  (SCE)  and  —  1.06  V  (SCE)  were  measured  for  un¬ 
coupled  and  coupled  samples  respectively.  Although  the 
potential  of  the  coupled  samples  became  slightly  noble 
with  time,  measured  values  were  active  to  —1.04  V 
(SCE)  at  all  times  during  the  29  day  test  period.  The 
measured  pH  of  all  bulk  solutions  was  approximately 
6.0  both  before  and  after  testing. 

It  was  initially  planned  to  evaluate  the  degree  of 
protection  provided  by  galvanic  coupling  to  zinc  by 
comparing  the  weight  loss  measured  for  Nd-Fe-B  in 
both  the  uncoupled  and  coupled  conditions.  However, 
weight  loss  testing  was  precluded  by  the  cracking  of 
several  test  samples.  The  degree  of  protection  could 
therefore  only  be  evaluated  by  comparing  the  amount 
of  insoluble  and  soluble  corrosion  products  formed  by 
both  uncoupled  and  coupled  samples.  A  second  set  of 
uncoupled  samples  was  used  in  this  determination  due 
to  cracking  of  the  original  test  specimens. 

The  uncoupled  samples  were  found  to  be  completely 
covered  by  an  insoluble,  rust-colored  corrosion  product 
in  less  than  5  days,  as  shown  in  Fig.  9(a).  The  coupled 
samples,  however,  exhibited  no  rust-colored  products 
even  after  29  days  in  solution,  as  shown  in  Fig.  9(b). 
The  very  thin  white  covering  found  to  exist  on  the 
coupled  samples  (Fig.  9(b))  is  believed  to  be  a  zinc 
corrosion  product  which  precipitated  in  the  solution 
and  settled  onto  the  Nd-Fe-B  surfaces.  Although  this 
product  was  too  thin  to  be  removed  for  conclusive 
analysis,  the  presence  of  zinc  on  the  coupled  Nd-Fe-B 
surfaces  was  verified  by  energy  dispersive  X-ray  spec¬ 
troscopy  (EDX). 

The  absence  of  any  rust-colored  product  on  the 
coupled  samples  after  29  days  of  immersion  (Fig.  9(b)) 
indicates  that  the  dissolution  rate  of  Fe  atoms  may 
have  been  significantly  reduced  by  galvanic  coupling  of 
Nd-Fe-B  to  zinc.  A  reduction  in  the  rate  of  Fe 
dissolution  is  consistent  with  the  fact  that  cathodic 
polarization  of  Nd-Fe-B  to  E'eoupic  moves  the  alloy 
into  the  immunity  region  of  the  Fe  Pourbaix  diagram 
[40],  as  shown  in  Fig.  10(a). 
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Fig.  8.  Galvanic  current  density  (relative  to  the  area  of  the  cathode) 
and  couple  potential  values  measured  during  the  galvanic  exposure  of 
hot  pressed  Nd-Fe-B  and  Zn  in  0.5  M  NaCl  at  30  °C,  using  a  Zn 
to  Nd-Fe-B  area  ratio  of  1.8  :  1,  Zinc  was  the  anodic  member  of  the 
couple. 


The  dissolution  of  Nd  and  B  cannot  be  evaluated  by 
an  examination  of  insoluble  corrosion  products,  since 
Nd-Fe-B  is  in  the  stability  region  of  soluble  Nd  and  B 
corrosion  products  at  both  E^ovr  -^coupic?  ‘ds  indi¬ 
cated  in  Figs.  10(b)  and  10(c).  The  possibility  of  form¬ 
ing  soluble  Fe  products  at  also  exists,  as  shown  in 
Fig.  10(a).  It  was  therefore  necessary  to  measure  the 
amount  of  soluble  Nd,  Fe  and  B  corrosion  products  in 
solution. 

Solutions  from  both  uncoupled  and  coupled  tests 
were  quantitatively  analyzed  using  inductively  coupled 
plasma  atomic  emission  spectroscopy  (ICP-AES),  as 


Fig.  9.  Flot  pressed  Nd-Fe-B  samples  which  were  (a)  left  at  open 
circuit  (uncoupled)  and  (b)  galvanically  coupled  to  zinc  in  0.5  M 
NaCl  at  25  °C.  The  uncoupled  sample  was  removed  after  5  days  in 
solution  and  the  coupled  sample  was  removed  after  29  days  in 
solution.  The  dark,  insoluble  corrosion  product  on  (a)  is  rust  colored. 


shown  in  Table  1.  Significant  amounts  of  soluble  Nd 
and  Fe  corrosion  products  were  present  in  the  solution 
containing  the  uncoupled  sample  after  only  5  days  of 
immersion.  Conversely,  the  amount  of  soluble  Nd,  Fe 
and  B  in  the  solution  containing  the  coupled  sample 
was  below  the  detection  limit  of  the  spectrometer,  even 
after  29  days  of  immersion. 

The  results  of  quantitative  solution  analysis  provide 
conclusive  evidence  that  the  dissolution  of  Nd,  Fe  and 
B  is  essentially  prevented  by  galvanic  coupling  to  zinc. 
Maximum  penetration  rates  for  coupled  Nd-Fe-B 
were  calculated  using  the  detection  limits  in  Table  1.  A 
penetration  rate  of  0.04  mpy  was  calculated  when  gen¬ 
eral  corrosion  was  assumed  to  be  operative.  If  all  metal 
loss  was  assumed  to  come  from  the  grain  boundary 
phase,  a  maximum  penetration  rate  of  0.7  mpy  was 
calculated.  Sacrificial  zinc  coatings  therefore  appear  to 
be  capable  of  reducing  the  corrosion  of  Nd-Fe-B  to  a 
negligible  level,  even  if  the  possibility  of  localized  corro¬ 
sion  is  considered. 

The  marked  reduction  in  the  dissolution  rate  of  Nd 
on  coupling  (Table  1)  indicates  that  the  electrochemical 
activity  of  Nd  should  not  be  a  barrier  to  the  use  of  zinc 
coatings  as  a  corrosion  control  method  for  Nd-Fe-B. 
The  observed  reduction  in  Nd  dissolution  may  be  at¬ 
tributed  to  either  thermodynamic  or  kinetic  factors,  as 
discussed  below. 

When  the  Nd-Fe-B  alloy  is  galvanically  coupled  to 
zinc,  the  anodic  dissolution  of  Nd  will  be  thermody¬ 
namically  impossible  if  E'coupic  (—1.06  V  (SCE))  is 
active  to  the  equilibrium  half-cell  potential  for  Nd 
(^Nd/Nd-^  +  )  [41].  However,  the  standard  potential  of  Nd 
(E’Nd/Nd-^+  =  —2.67  V  (SCE))  is  so  electronegative  that 
the  decrease  in  the  dissolution  of  Nd  on  coupling 
almost  certainly  cannot  be  attributed  to  thermody¬ 
namic  considerations  (see  Fig.  10(c)). 

Since  cathodic  polarization  of  the  Nd-Fe-B  alloy 
from  to  E'coupic  is  expected  to  reduce  the  anodic 
overvoltage  for  the  Nd  dissolution  reaction,  it  is  possi¬ 
ble  that  the  corrosion  rate  of  Nd  could  be  markedly 
reduced  by  coupling  to  zinc.  Although  the  anodic  Tafel 
slope  for  Nd  dissolution  is  not  known,  Tafel  slopes  for 
metal  dissolution  are  typically  100  mV  per  decade  or 
less  [41].  Cathodic  polarization  from  £corr  to  Fi’coupie  (270 
mV)  can  thus  be  predicted  to  reduce  the  Nd  dissolution 
rate  by  more  than  two  orders  of  magnitude.  Therefore 
kinetic  considerations  may  be  capable  of  explaining  the 
observed  reduction  in  Nd  dissolution  on  coupling. 

3.2.4.  Environmentally  assisted  cracking 

Several  Nd-Fe-B  samples  cracked  unexpectedly 
during  long-term  immersion  in  the  absence  of  external 
loading,  most  probably  due  to  a  combination  of  resid¬ 
ual  stresses  and  environmental  effects.  Two  uncoupled 
samples  each  cracked  after  9  days  in  solution,  one 
sample  which  was  coupled  to  zinc  cracked  after  23  days 
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Fig.  10.  The  Pourbaix  diagrams  for  (a)  Fe.  (b)  B  and  (c)  Nd  at  25  °C.  Insoluble  corrosion  products  appear  in  bold  type  and  soluble  corrosion 
products  in  standard  type.  The  average  in  the  uncoupled  tests  (  ~  0.82  V  vs.  SCE)  corresponds  to  -  0.58  V  on  the  diagrams,  and  the  average 
^couple  (—1-06  V  vs.  SCE)  corresponds  to  —0.82  V.  The  bulk  pH  was  appro.ximately  6.0  in  both  cases. 


in  solution  and  the  other  coupled  sample  had  not 
cracked  on  removal  at  29  days,  as  shown  in  Fig.  11. 

The  extent  of  cracking  in  the  uncoupled  tests  was 
substantial,  as  shown  in  Fig.  12(a).  Both  uncoupled 
samples  were  found  to  crack  catastrophically  into  sev¬ 
eral  fragments  after  9  days  of  immersion.  The  damage 
suffered  by  the  coupled  sample  which  cracked  after  23 
days  in  solution  was  much  less  severe,  as  shown  in  Fig. 
12(b),  as  only  a  small  fraction  of  the  sample  was  lost  due 
to  cracking.  The  coupled  sample  which  did  not  crack 


during  29  days  of  immersion  is  also  shown  in  Fig.  12(b). 
The  initial  dimensions  of  the  cracked  samples  were 
similar  to  the  dimensions  of  the  uncracked  specimen. 

One  concern  regarding  the  use  of  sacrificial  zinc 
coatings  as  a  corrosion  control  method  for  Nd-Fe-B  is 
the  fact  that  hydrogen  production  will  be  galvanically 
stimulated  on  the  alloy  at  breaks  in  the  coating.  In  the 
presence  of  an  applied  or  residual  stress,  the  rate  of 
cracking  of  Nd-Fe-B  could  be  accelerated  by  the 
resulting  hydrogen  uptake.  However,  increased  damage 
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Table  1 

Results  of  the  quantitative  ICP-AES  solution  analysis  for  coupled 
and  uncoupled  long-term  immersion  tests  in  NaCl  at  25  °C.  All 
values  were  measured  in  milligrams  per  liter  and  the  volume  of  the 
test  solution  analyzed  was  0.65  1  in  both  cases.  The  exposed  area  of 
the  Nd-F-B  samples  was  approximately  2.1  cm“  in  both  the  uncou¬ 
pled  and  coupled  tests.  The  uncoupled  samples  were  removed  after  5 
days  in  solution,  and  the  coupled  samples  after  29  days  of  immersion 


Element 

Uncoupled 

Coupled 

Neodymium 

2.55 

<0.10 

Iron 

3.99 

<0.05 

Boron 

0.15 

<0.05 

Zinc 

<0.05 

20.30 

of  Nd-Fe-B  on  coupling  was  not  found  to  occur  as 
galvanic  coupling  to  zinc  was  found  to  reduce  rather 
than  accelerate  the  rate  of  cracking  (Fig.  11). 

The  increase  in  cracking  resistance  obtained  on  cou¬ 
pling  should  be  viewed  in  a  comparative  rather  than  an 
absolute  sense,  since  cracking  was  not  completely  elimi¬ 
nated  by  coupling  to  zinc.  Since  the  coupled  sample 
which  cracked  during  testing  underwent  essentially  no 
anodic  dissolution  (Table  1),  it  apparently  was  dam¬ 
aged  by  hydrogen.  The  appearance  of  hydrogen  dam¬ 
age  on  coupling  does  not  appear  to  be  a  barrier  to  the 
use  of  sacrificial  zinc  coatings,  however,  since  both  the 
rate  and  extent  of  cracking  were  much  less  than  in  the 
absence  of  coupling. 

Although  the  cause  of  fracture  in  the  uncoupled 
samples  would  seem  to  be  an  anodic  phenomenon,  such 
as  stress  corrosion  cracking  or  corrosion  product  wedg¬ 
ing,  the  cause  of  environmentally  assisted  fracture  can¬ 
not  be  assessed  on  the  basis  of  potential  alone  [42-45]. 
For  example,  the  presence  of  pitting  indicates  the  possi- 
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Fig.  11.  Time  to  cracking  for  hot  pressed  Nd-Fe-B  samples  in 
aerated  0.5  M  NaCl  at  25  °C.  The  sample  marked  with  an  arrow  did 
not  exhibit  cracking  on  removal  from  the  test  solution  after  29  days 
of  immersion.  The  extent  of  cracking  of  the  remaining  samples  is 
shown  in  Fig.  12. 


Fig.  12.  Extent  of  cracking  exhibited  by  (a)  uncoupled  samples  and 
(b)  coupled  samples  after  immersion  in  0.5  M  NaCl  at  25  °C.  The 
uncoupled  samples  were  removed  (on  cracking)  after  9  days  in  the 
test  solution,  and  the  coupled  samples  were  removed  after  29  days  of 
immersion. 

bility  of  extensive  localized  hydrogen  generation  under 
open-circuit  conditions.  Electrochemical  permeation 
testing  will  be  used  to  investigate  the  cause  of  fracture. 

The  source  of  the  stress  which  contributed  to  the 
observed  cracking  is  under  investigation,  but  has  not  yet 
been  identified.  Residual  stresses  might  have  been  im¬ 
parted  to  the  samples  during  the  machining  treatment 
used  to  produce  specimens  with  a  common  diameter. 
The  stress  could  also  have  been  provided  by  the  wedging 
action  of  anodically  formed  corrosion  products. 

An  analysis  of  the  crack  path  is  in  progress,  but  has 
been  impeded  thus  far  by  the  extremely  fine  grain  size 
of  the  alloy.  Immersion  tests  are  being  performed  in 
Na2S04  to  investigate  the  effect  of  Cl”  on  the  cracking 
process. 


4.  Conclusions 

(1)  Nd-Fe-B  alloys  prepared  by  RSP  were  found  to 
corrode  actively  at  open  circuit  in  all  test  solutions, 
with  estimated  metal  loss  rates  of  at  least  27  mpy. 

(2)  The  anodic  dissolution  of  Nd,  Fe  and  B  was 
essentially  prevented  by  galvanic  coupling  of  Nd-Fe-B 
to  zinc  in  NaCl  at  25  °C.  The  maximum  metal  loss  rate 
of  coupled  Nd-Fe-B  was  calculated  to  be  less  than  1 
mpy. 

(3)  Galvanic  coupling  to  zinc  was  found  to  reduce 
the  rate  of  environmentally  assisted  cracking  of  Nd- 
Fe-B  in  NaCl  at  25  X. 

(4)  Sacrificial  zinc  coatings  appear  to  be  a  viable 
corrosion  control  method  for  Nd-Fe-B,  based  on 
results  obtained  in  NaCl  at  25-30  °C. 
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Abstract 

The  oxidation  behaviour  of  an  amorphous  Ni77P23  alloy,  prepared  by  electrodeposition,  was  investigated  in  air  and  in  dry 
oxygen  at  300  °C.  The  morphology,  structure  and  composition  of  the  oxide  developed  on  the  alloy  were  examined  by  X-ray 
photoelectron  spectrometry,  secondary-ion  mass  spectrometry  (SIMS),  and  by  high  resolution  transmission  electron  microscopy 
of  ultramicrotomed  sections.  With  successful  preparation  of  extremely  thin  ultramicrotomed  sections,  between  5  and  10  nm  thick, 
the  microstructure  of  the  oxide  grown  on  the  alloy  and  the  oxide-alloy  interface  were  revealed  clearly,  at  atomic  scale  resolution, 
for  the  first  time.  SIMS  depth  profiling  analysis  has  shown  that  the  oxide  films,  grown  in  air  and  dry  oxygen,  consist  mainly  of 
NiO.  However,  the  oxide  growth  rate  in  air  was  found  to  be  considerably  less  than  that  in  dry  oxygen.  High  resolution 
cross-sectional  transmission  electron  microscopy  has  shown  that  the  difference  in  oxidation  rates  appears  to  be  due  to  the 
distinctly  different  mosaic  structure  of  the  oxide  films  grown  in  air  and  dry  oxygen  which,  in  turn,  affects  the  length  of  easy  paths 
for  Ni-"^  diffusion  during  oxide  growth. 

Keywords:  Amorphous  Ni-P  alloy;  Oxidation;  XPS;  SIMS;  Cross-sectional  TEM 


1.  Introduction 

Amorphous  nickel -phosphorus  alloys,  prepared  by 
electrolytic  or  electroless  deposition,  are  of  great  com¬ 
mercial  interest.  Thus,  these  alloys  are  often  applied 
over  various  substrates,  aluminium  alloys  for  example, 
to  enhance  corrosion  resistance,  and  to  improve  hard¬ 
ness,  wear  properties,  and  solderability.  More  recently, 
these  alloys  are  also  receiving  considerable  interest  as 
catalysts  and  as  potential  materials  for  making  ohmic 
contact  to  III-V  devices.  The  understanding  of  the 
oxidation  behaviour  of  these  alloys  at  relatively  low 
temperatures,  below  300  is  of  practical  importance, 
since  they  are  subjected  to  such  temperatures  during 
processing  or  use.  Thus,  the  thermal  oxidation  of  an 
amorphous  Nig^Pig  alloy,  prepared  by  electroless  de¬ 
position,  has  been  investigated  in  air  at  temperatures 
below  350  °C  by  Siconolfi  and  Frankentahl  [1]  using 
X-ray  photoelectron  spectrometry  (XPS)  and  Auger 
electron  spectroscopy  (AES)  combined  with  argon 
sputtering  for  depth  analysis.  It  has  been  reported  that 
the  oxidation  in  air  at  300  °C,  for  example,  results  in 
the  growth  of  a  layer  of  oxidation  product  consisting 


of  three  distinct  layers.  Next  to  the  Ni-P  substrate, 
there  is  a  thin  layer  of  Ni,  (P04)2,  seperating  the  Ni- 
P  substrate  from  a  layer  of  NiO  which  constitutes  the 
bulk  of  the  oxide.  Over  the  NiO  layer  and  adjacent  to 
the  air,  there  is  a  thin  layer  of  Ni(OH)2. 

In  order  to  obtain  further  insight  into  this  complex, 
but  interesting,  behaviour  of  the  oxide  growth  on 
amorphous  nickel -phosphorus  alloys,  high  resolution 
cross-sectional  transmission  electron  microscopy  has 
been  employed  here,  yielding  various  pieces  of  impor¬ 
tant  information,  as  described  below,  on  the  structure 
of  the  oxide  films,  which  cannot  be  obtained  readily 
by  other  techniques  for  surface  analysis. 

2.  Experimental  details 

High  purity  annealed  copper  sheets,  of  dimensions 
10  X  20  X  0.5  mm^,  were  electropolished  in  a  phospho¬ 
ric  acid  solution  to  obtain  a  mirror  finished  surface. 
After  electropolishing,  the  specimens  were  rinsed  thor¬ 
oughly  in  distilled  water  and  dried  in  a  cold  air 
stream. 
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An  amorphous  nickel-phosphorus  alloy,  with  an 
atomic  composition  of  Ni77P23,  was  electrodeposited 
onto  the  electropolished  copper  substrate  in  a  bath 
containing  240  g  I  '  of  NiS04-6H20,  45  g  1  ‘  of 
NiCk-bH.O,  30  gl  '  of  H2BO3  and  40  gl  '  of 
H3PO3  at  70  °C  with  a  constant  current  density  of 
5Adm“-  for  2  min  [2].  After  electrodeposition,  the 
specimens  were  rinsed  thoroughly  in  distilled  water, 
dried  in  a  cold  air  stream,  and  stored  in  a  desiccator  for 
30  min  before  oxidation  in  air  or  in  dry  oxygen  at 
300  °C  for  times  ranging  from  5  to  120  min. 

The  oxidised  specimens  were  analysed  using  a  JPS- 
90SX  X-ray  photoelectron  spectrometer  with  a  non- 
monochromated  Mg  Ka  X-ray  source.  The  core-level 
photoelectron  spectra  were  recorded  for  Ni  2p3  3,  O  Is, 
C  Is  and  P  2p  regions  after  various  oxidation  times.  All 
binding  energies  were  corrected  for  charge  shift  by 
taking  the  C  Is  spectrum  from  the  adventitious  carbon 
at  284.6  eV.  The  oxidized  specimens  were  also  analysed 
by  secondary-ion  mass  spectrometry  (SIMS)  depth 
profiling  with  particular  attention  to  the  distribution  of 
OH“  and  phosphorus  in  the  oxide.  SIMS  depth  profil¬ 
ing  was  carried  out  in  a  Perkin-Elmer  Atomica  6500  ion 
microprobe.  The  primary  ion  beam  for  sputtering  was 
Cy  of  3  keV  with  a  beam  current  of  5  nA,  rastered 
across  the  surface  area  of  300  x  300  jitm-;  the  secondary 
ions  were  collected  only  from  a  central  area,  about 
30  X  30  pm“.  The  incident  angle  of  the  primary  ion 
beam  was  set  to  60  °C. 

Ultramicrotomed  sections  of  the  Ni  P  alloys  and 
attached  copper  substrate  were  prepared  in  the  usual 
way,  using  an  RMC  6000  XL  ultramicrotome  [3]. 
Briefly,  encapsulated  specimens  were  trimmed  initially 
with  a  glass  knife  and  suitably  thin  sections,  between  5 
and  10  nm,  were  prepared  by  sectioning,  in  the  direc¬ 
tion  approximately  parallel  to  the  (Ni-P)-copper  inter¬ 
face,  with  a  diamond  knife.  The  sections  were  then 
examined  in  a  Philips  EM430  or  JEM  4000EX  high 
resolution  transmission  electron  microscope  operated  at 
300  kV  and  400  kV  respectively. 


Fig.  1.  Transmission  electron  micrograph  of  an  ultramicrotomed 
section  of  the  NiyTPj.^  alloy  and  the  copper  substrate. 

are  readily  evident,  indicating  that  the  Ni77P23  alloy  is 
largely  amorphous.  However,  close  examination  of  the 
alloy  at  higher  resolution  revealed  the  presence  of  or¬ 
dered  regions,  a  few  nanometres  in  size  [2,4].  This 
suggests  that  the  Ni77P23  alloy  is  not  totally  amorphous 
as  has  been  believed  previously  [5],  but  appears  to  have 
a  more  ordered  structure  which  is  related  to  the  atom¬ 
istic  processes  of  electrodeposition. 

Fig.  2  show^s  the  Ni  2p3  2  and  O  Is  spectral  regions 
obtained  from  the  as-deposited  Ni77P23  alloy  which  had 
been  rinsed  thoroughly  in  distilled  water  after  electro¬ 
deposition.  dried  in  a  cool  air  stream  and  subsequently 
stored  in  a  desiccator  for  30  min  at  room  temperature 
before  XPS  analysis.  The  P  2p  region  is  shown  in  Fig.  3 
separately.  Deconvolution  of  the  Ni2p3  2  region  gave 
two  peaks  at  852.9  and  856.5  eV.  Similarly,  deconvolu¬ 
tion  of  the  P2p  region  gave  two  peaks  at  129.5  and 
133.2  eV,  while  the  O  Is  peak  is  a  singlet  with  a  binding 
energy  of  531.4  eV.  Of  these  peaks,  the  Ni  2p3  2  compo¬ 
nent  at  852.9  eV  and  the  P  2p  component  at  129.5  eV 
are  associated  with  the  substrate  Ni77P23  alloy.  Thus, 
the  remaining  peaks  are  associated  with  the  presence  of 
a  thin  surface  layer  formed,  over  the  electrodeposited 
^^77^23  surface,  during  rinsing  in  distilled  water  or 
exposure  to  air  at  room  temperature  before  XPS  analy¬ 
sis.  The  P  2p  component  at  133.2eV  is  a  clear  indica- 


3.  Results 

3.1.  Examination  of  the  initial  NijjP2^  alloy 

Fig.  1  show^s  a  transmission  electron  micrograph  of 
an  ultramicrotomed  section  of  the  Ni77P23  alloy  and  the 
copper  substrate.  The  copper  substrate  is  observed  at 
the  bottom  of  the  micrograph  and  show^s  a  flat  and 
smooth  surface.  The  Ni77p23  layer  is  observed  above 
the  flat  copper  substrate  as  a  darker  band  of  material  of 
uniform  thickness,  about  390  nm.  The  Ni77P23 
appears  featureless  and  uniform  in  contrast  in  the 
transmission  electron  microscope.  No  diffracting  re¬ 
gions,  indicative  of  the  presence  of  crystalline  regions, 


Binding  Energy (eV) 

Fig.  2.  The  Ni  2p3  ^  '^nd  O  Is  photoelectron  spectra  obtained  from 
the  surface  of  as-deposited  Ni77P23  alloy. 
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Binding  Energy (eV) 

Fig.  3.  The  P  2p  photoelectron  spectrum  obtained  from  the  surface 
of  as-deposited  Ni77P23  alloy. 


tion  that  the  phosphorus  is  oxidised  and  present  as  + 
in  the  surface  layer,  as  expected  from  the  fact  that  both 
nickel  and  phosphorus  are  thermodynamically  unstable 
in  air.  Interpretation  of  the  Ni  2p^i2  at  856.5  eV  and 
O  Is  at  531.3  eV  depends  on  the  form  of  in  the 
thin  surface  film.  Recent  work  by  Sicinolfi  and 
Frankentahl  [1]  has  shown  that  the  Ni-P  alloy  of 
similar  composition,  but  prepared  by  electroless  deposi¬ 
tion,  is  covered  with  an  Ni(0H)2-Ni3(P04)2  layer  only 
6  A  thick.  There  is  no  reason  to  suppose  that  the 
surface  film  covering  the  Ni77P23  should  be  any  differ¬ 
ent.  Thus,  the  Ni  2p3;2  peak  at  856.5  eV  and  O  Is  peak 
at  531.4  eV  are  interpreted  as  the  sum  of  contributions 
from  Ni(OH)2  and  Ni3(P04)2. 

3.2  Oxide  film  developed  on  the  alloy  in  air  at  300  °C 

Fig.  4  shows  the  X-ray  photoelectron  spectra  for  the 
Ni  2p3  ■>  and  O  Is  regions  for  specimens  oxidized  in  air 
at  300  °C  for  5  min  (Fig.  4(a))  and  30  min  (Fig.  4(b)). 
No  signal  was  detected  from  either  component  of  the 
alloy  or  from  P^+  due  to  the  growth  of  a  relatively 
thick  layer  of  NiO,  as  will  be  shown  later  by  SIMS 
depth  profiling.  Deconvolution  of  the  Ni  2p3/2  region 


(a) 


Ni  2p3/2 


Binding  Energy (eV) 

Fig.  4.  The  Nilp"'  -  and  O  Is  photoelectron  spectra  obtained  from 
the  specimens  oxidised  in  air  at  300  °C  for  (a)  5  min  and  (b)  30  min. 


Fig.  5.  SIMS  depth  profile  of  the  oxide  film  grown  on  the  Ni77P23 
alloy  by  oxidation  in  air  at  300  °C  for  30  min. 


gave  two  peaks  at  845.5  and  856.5  eV.  The  higher-bind¬ 
ing-energy  components  in  the  Ni  2p'^  “  and  0  1s  spectra 
are  from  Ni(OH)2,  while  the  lower-binding-energy 
components  are  from  NiO  [1].  Comparing  the  spectra 
in  Figs.  4(a)  and  4(b),  an  increasing  contribution  from 
Ni(OH)2  is  evident  as  oxidation  time  increases.  At 
face  value,  this  suggests  that  Ni(OH)2  is  present  as  a 
discrete  layer  which  thickens  with  increasing  oxidation 
time  in  agreement  with  the  results  of  Siconolfi  and 
Frankentahl  [1]. 

Fig.  5  shows  a  SIMS  depth  profile  of  the  oxide  grown 
over  the  Ni77P23  alloy  by  heating  in  air  at  300  ""C  for 
30  min,  revealing  the  approximate  distributions  of  Ni, 
O,  P,  and  OH  through  the  film  thickness.  It  is  evident 
that  NiO  is  the  major  component  of  the  oxide  film. 
Adjacent  to  the  Ni-P  substrate,  however,  there  appears 
to  be  a  thin  layer  (shaded  in  Fig.  5)  in  which  Ni,  O  and 
P  are  present.  It  is  most  likely  that  the  layer  corre¬ 
sponds  to  the  Ni3(P04)2  layer  detected,  by  Siconolfi 
and  Frankentahl  using  AES  depth  profiling,  for  the 
oxide  grown  over  the  Ni^^  P19  alloy  under  similar  oxida¬ 
tion  conditions  (see  Fig.  6  in  Ref.  [1]).  A  further 
interesting  point  which  emerges  from  SIMS  depth  pro¬ 
filing  is  that  the  outermost  Ni(OH)2  layer,  which  has 
been  detected  by  XPS  and  shown  to  grow  as  oxidation 
time  increases,  cannot  be  clearly  revealed  here  as  a 
discrete  layer.  Rather,  the  depth  profile  suggests  that 
the  OH  is  present  only  at  the  surface  of  the  NiO. 

Fig.  6  shows  a  transmission  electron  micrograph  of 
an  ultramicrotomed  section  of  the  Ni77P23  alloy  and  its 
thermal  oxide  grown  by  heating  in  air  at  300  °C  for 
30  min.  The  oxide  film  is  observed  clearly  over  the  alloy 
which  appears  to  have  been  crystallized,  mostly  to 
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Fig.  6.  Transmission  electron  micrograph  of  an  ultramicrotomed  section  of  the  Ni77P2:,  alloy  and  the  oxide  film,  which  was  formed  by  oxidising 
in  air  at  300  °C  for  30  min. 


Ni.P,  during  oxidation  [6,7].  The  oxide  layer  is  not 
microscopically  uniform  in  thickness.  The  thickness  of 
the  oxide  layers  varies  from  about  5  nm,  in  thinner 
regions,  to  about  10  nm.  in  thicker  regions.  It  is  evident 
that  the  oxide  layer  consists  mainly  of  fine  NiO  crystals, 
only  a  few  nanometres  in  size,  which  appear  to  be 
randomly  oriented.  Lattice  fringes  of  spacings  about 
0.24  nm  and  0.21  nm  are  observed  clearly  within  these 
crystals,  which  correspond  to  the  (1 1 1)  and  (200)  planes 
of  NiO  respectively.  Close  examination  of  the  oxide 
surface  indicates  that  the  lattice  fringes  associated  with 
NiO  extend  up  to  the  outermost  surface.  Facetting  is 
also  observed  clearly  at  locations  indicated  by  the  ar¬ 
rows.  The  Ni(OH)2  layer,  which  has  been  detected  by 
XPS  and  shown  to  grow  as  oxidation  time  increases, 
cannot  be  readily  observed  here.  Between  the  NiO  layer 
and  Ni-P  alloy,  on  the  other  hand,  there  appears  to  be 
a  thin  lighter  layer,  a  few  nanometres  thick,  which  is 
thought  to  be  the  Ni3(P04)2  layer  suggested  by  the 
AES  and  SIMS  depth  profiling  analyses  described 
above. 

3.3.  Oxide  film  developed  on  the  cdlov  in  dry  oxygen 
at  300 

The  oxide  film  growth  in  dry  oxygen  was  found  to  be 
considerably  different  from  that  in  air.  The  difference  in 
thickness  of  the  oxide  was  evident  immediately  even 
from  examination  of  the  oxidized  specimens  by  the 
naked  eye.  Thus  no  significant  changes  were  observed 
in  the  appearance  of  the  specimen  after  oxidation  in  air 
at  300  °C  for  30  min,  while  the  specimen  oxidized  in  dry 
oxygen  at  300  °C  for  30  min  exhibited  a  brown  shade, 
indicating  the  growth  of  thicker  oxide. 

Fig.  7  shows  a  SIMS  depth  profile  of  the  oxide 
developed  on  the  Ni77P23  alloy  by  heating  in  dry  oxy¬ 
gen  at  300  °C  for  30  min.  Comparing  Figs.  6  and  7, 
thicker  oxide  growth  is  evident  in  dry  oxygen.  From  the 
time  needed  to  remove  completely  the  oxide  by  sputter¬ 
ing.  the  thickness  of  the  oxide  developed  in  dry  oxygen 
is  estimated  to  be  about  twice  that  grown  in  air.  No 


significant  differences  are,  however,  observed  in  the 
composition  of  the  oxide  grown  in  air  and  in  dry 
oxygen.  It  appears  that  the  oxide  consists  mainly  of 
NiO.  Next  to  the  alloy,  a  thin  layer  is  formed  in  which 
Ni,  O  and  P  are  present.  However,  the  layer,  which  is 
thought  to  be  Ni3(P04)2,  is  not  revealed  as  clearly  as  in 
the  oxide  grown  in  air  (Fig.  5). 

Fig.  8  shows  a  transmission  electron  micrograph  of 
an  ultramicrotomed  section  of  the  Ni77P2:;  alloy  and  its 
thermal  oxide  film  developed  by  heating  in  dry  oxygen 
at  300  °C  for  30  min.  The  oxide  film,  about  20  nm 
thick,  is  observed  clearly  over  the  Ni77P23  alloy  which 
appears  to  have  been  crystallized  during  oxidation.  It  is 
evident  that  the  microstructure  of  the  oxide  layer  is 
considerably  difierent  from  that  grown  in  air  (Fig. 
6)  where  the  oxide  layer  consists  of  fine,  randomly 
oriented  NiO  crystals,  only  a  few  nanometres  in  size.  It 
appears  that  the  oxide  film  developed  in  dry  oxygen 


Sputtering  time  (min.) 

Fig.  7.  SIMS  depth  profile  of  the  oxide  grown  on  the  Ni77P7.  alloy 
by  oxidation  in  dry  oxygen  at  300  for  30  min. 
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Fig.  8.  As  Fig.  6  but  after  oxidation  in  dry  oxygen  at  300  °C  for  30  min. 


consists  of  larger,  columnar  crystals  with  diameters  up 
to  10  nm.  Fig,  9  is  an  enlargement  of  a  local  area  in  Fig. 
8.  Lattice  fringes  of  spacings  about  0.24  nm  and  0.21  nm, 
which  correspond  respectively  to  the  (111)  and  (200) 
planes  of  NiO,  are  observed  within  the  crystals.  An  NiO 
crystal  in  [001]  projection  is  observed  at  the  location 
indicated  by  the  arrow,  showing  crossed  (200)  fringes  of 
spacing  about  0.21  nm.  Close  examination  of  the  inter¬ 
face  between  the  oxide  and  the  Ni-P  substrate  also 
reveals  a  thin  lighter  layer,  a  few  nanometres  thick,  as 
in  the  oxide  grown  in  air.  Given  the  SIMS  depth  profile 
shown  in  Fig.  7,  the  layer  is  thought  to  represent  the  layer 

of  Ni3(P04)2. 


4.  Discussion 

The  understanding  of  many  problems  associated  with 
the  growth  of  thin  surface  films  on  metals,  like  the  oxide 
on  the  Ni77P23  alloy  of  interest  here,  has  become  increas¬ 
ingly  dependent  on  gaining  precise  knowledge  of  the 
morphologies,  compositions  and  structures  of  the  films, 
as  well  as  the  film-metal  interfaces  involved.  It  is  clear 
that  both  the  structural  and  chemical  characterization  of 
the  films  and  film-metal  interfaces  can  best  be  done  by 
examining  cross-sectional  specimens  in  the  analytical  and 
high  resolution  transmission  electron  microscope.  How¬ 
ever,  the  preparation  of  the  cross-sectional  specimens  is 
not  routine.  Without  experience,  the  preparation  of 
cross-sectional  specimens  can  be  an  extremely  frustrating 
and  time-consuming  process.  Ion  beam  milling  is  now  the 
best-established  technique  for  reducing  specimen  thick¬ 
ness  to  electron  transparency  and  has  been  widely  used 
for  semiconductors  and  ceramics.  However,  the  tech¬ 
nique  cannot  be  applied  successfully  for  many  of  the 
surface  films  on  metals  because  of  vastly  different  thin¬ 
ning  rates  experienced  across  the  film-metal  interfaces. 
A  further  problem  is  that  the  specimen  suffers  damage 
by  ion  beam  as  well  as  becoming  chemically  active. 


The  problems  associated  with  ion  beam  milling  can 
be  avoided  by  the  novel  use  of  ultramicrotomy.  Ultra¬ 
microtomy,  a  technique  of  mechanically  cutting  thin 
slices  for  electron  microscopy,  has  been  used  widely  in 
biological  studies.  However,  the  application  of  the 
technique  for  materials  science  was  very  rare.  The  work 
at  the  Corrosion  and  Protection  Centre,  University  of 
Manchester  Institute  of  Science  and  Technology,  has 
shown  [2,8,9]  that  ultramicrotomy  is  an  extremely  pow¬ 
erful  technique  for  the  preparation  of  cross-section-al 
specimens  of  metals  and  their  surface  films.  It  has  been 
shown  that  ultramicrotomed  sections  can  be  prepared 
successfully  for  aluminium  and  aluminium  alloys,  cop¬ 
per,  and  even  for  harder  and  tougher  metals  such  as 
zirconium,  titanium  and  stainless  steels.  With  an  im¬ 
proved  materials’  ultramicrotomy  approach,  it  is  now 
possible  to  prepare  ultramicrotomed  sections,  between 
5  and  10  nm  thick,  with  negligible  damage  to  the  film 
material  and  the  film -metal  interface. 

With  successful  preparation  of  extremely  thin  ultra¬ 
microtomed  sectons,  between  5  and  10  nm  thick,  the 
microstructure  of  the  oxide  developed  on  the  Ni77P23 
alloy  and  the  oxide-alloy  interface  have  been  revealed 
clearly,  at  atomic-scale  resolution,  for  the  first  time.  It 
has  been  shown  that  the  microstructures  of  the  oxides 
developed  in  air  and  in  dry  oxygen  are  considerably 
different.  The  oxide  developed  in  air  appears  to  consist 
of  fine,  randomly  oriented  NiO  crystals,  a  few  nanome¬ 
tres  in  size.  In  comparison,  the  oxide  developed  in  dry 
oxygen  consists  of  larger,  columnar  NiO  crystals  with 
diameters  up  to  about  10  nm.  In  either  case,  a  thin 
lighter  layer,  which  is  thought  to  be  Ni3(P04)2,  has 
been  observed  between  the  NiO  layer  and  Ni-P  sub¬ 
strate.  At  the  relatively  low  oxidation  temperature  con¬ 
cerned  here,  i.e.  300  °C,  the  oxide  growth  on  the 
amorphous  Ni77P23  alloy  is  thought  to  proceed,  like 
that  on  nickel,  by  migration  of  Ni^*^  ions  along  grain 
boundaries  in  the  oxide  film  which  act  as  paths  for  easy 
diffusion.  Thus,  it  appears  that  the  difference  in  oxida- 
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Fig.  9.  An  enlargement  of  a  local  area  in  Fig.  8. 


tion  rates  in  air  and  in  dry  oxygen  is  closely  related  to 
the  difference  in  the  mosaic  structure  of  the  oxide  films 
which,  in  turn,  affects  the  length  of  easy  paths  for  Ni-^ 
diffusion. 

A  further  interesting  point  is  the  behaviour  of  phos¬ 
phorus  during  oxidation.  As  shown  in  Fig.  6,  oxidation 
in  air  at  300  °C  for  30  min  results  in  the  growth  of  the 
oxide  film  which  consists  of  an  outer  NiO  layer,  about 
8  nm  in  average  thickness,  and  an  inner  Ni3(P04)2 
layer,  about  1  nm  thick.  Assuming  the  density  of  NiO 
and  Ni3(P04)2  to  be  6.67  and  4.40  respectively,  the 
amount  of  phosphorus  in  the  oxide  film  (or  more 
precisely  the  layer  of  oxidation  products)  is  estimated 
to  be  only  about  one-tenth  of  that  expected  from  the 
alloying  composition.  This  suggests  that  most  phospho¬ 
rus  atoms,  if  not  all  diffuse  into  the  bulk  alloy  during 
oxidation. 

The  distinct  difference  in  the  microstructure  of  the 
oxide  grown  in  air  and  in  dry  oxygen  deserves  particu¬ 
lar  attention.  The  difference  could  be  due  to  the  pres¬ 
ence  or  absence  of  water  vapour  in  the  oxidizing 
environments,  to  the  differing  oxygen  pressure,  or  to 
the  combination  of  both.  Using  ellipsometry,  Gupta  et 
al.  [10]  studied  oxidation  of  Ni,  Ni-Cr  and  Nij.;,P,4 
alloys  in  the  temperature  range  100-400  °C  in  different 
environments  including  air,  water  vapour,  and  O2-N2 
mixtures  in  which  the  partial  pressure  of  oxygen  was 
varied  form  0.05  to  0.5  atm.  They  found  that  the  rate  of 
oxide  growth  for  all  three  metals  in  water  vapour  is 
considerably  less  than  that  in  air.  At  400  °C,  for  in¬ 
stance,  oxidation  of  the  Ni^5p,4  alloy  in  air  for  30  min 
resulted  in  the  growth  of  an  oxide,  about  6  nm  thick.  In 
contrast,  in  water  vapour,  no  significant  oxide  growth 
was  detected  on  the  alloy  until  the  oxidation  time 
exceeded  about  60  min.  They  also  found  that  the  oxida¬ 


tion  rate  increases  as  the  partial  pressure  of  oxygen 
increases  for  all  three  metals  studied.  Following  oxida¬ 
tion  at  400  °C  for  100  min,  for  example,  the  thicknesses 
of  the  oxides  grown  on  the  Nij.^,  P14  alloy  are  estimated 
to  be  about  45  nm  and  70  nm  for  oxygen  pressures  of 
0.2  atm  (which  roughly  corresponds  to  that  in  air)  and 
1  atm  respectively  (Fig.  6  in  Ref.  [10]).  Unfortunately, 
data  at  300  °C,  the  temperature  employed  in  the  present 
work,  are  not  available  in  Ref.  [10],  preventing  com¬ 
parison  with  the  present  work.  However,  it  is  reason¬ 
able  to  assume  that  the  difference  in  the  microstructure 
of  the  oxide  grown  in  air  and  in  dry  oxygen  is  due  to 
the  combined  eftects  of  water  vapour  and  oxygen  pres¬ 
sure  which  affect  the  nucleation  of  NiO  crystals  and 
subsequent  development  of  the  mosaic  structure.  The 
oxide  grow^th  on  the  amorphous  Ni77P23  alloy  appears 
complex,  involving  not  only  short  circuit  diffusion  of 
Ni-  +  ,  but  also  transport  of  Ni“+  through  the 
Ni3(P04)2  layer,  separating  the  NiO  layer  from  the 
alloy,  and  crystallization  of  the  amorphous  alloy.  Thus, 
the  role  of  water  vapour  and  oxygen  pressure  on  the 
nucleation  of  NiO  crystals  and  subsequent  development 
of  the  mosaic  structure  will  be  best  addressed  by  study¬ 
ing  a  simple  system,  which  exhibits  a  similar  oxidation 
behaviour.  The  oxidation  of  nickel  seems  ideal,  since 
the  oxide  growth  on  nickel  is  known  to  be  affected  by 
water  vapour  and  oxygen  partial  pressure  in  ways 
similar  to  those  observed  for  Ni^so^u  ^iHoy  [10].  Work 
along  this  line  is  now  in  progress  and  the  results  will  be 
published  in  due  course. 

Finally,  the  cause  for  the  discrepancy  between  the 
XPS,  transmission  electron  microscopy  concerning  the 
presence  or  absence  of  the  outermost  Ni(OH)2  layer  is 
discussed  only  briefly.  XPS  analysis  of  the  specimens 
oxidized  in  air  has  shown  clearly  the  presence  of 
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Ni(0H)2  at  the  outermost  surface  of  the  oxidized  speci¬ 
mens.  An  increasing  contribution  from  Ni(OH)2  is  also 
evident  in  the  Ni  2p3/2  and  O  Is  spectra  as  the  oxidation 
time  increases.  At  face  value,  this  suggests  that  the 
Ni(OH)2  is  present  as  a  discrete  layer,  covering  the  NiO 
layer,  and  its  thickness  increases  with  oxidation  time. 
However,  the  Ni(OH)2  layer  is  not  revealed  by  high 
resolution  transmission  electron  microscopy  of  ultra- 
microtomed  sections,  while  SIMS  depth  profiling  analy¬ 
sis  has  also  suggested  that  OH  is  present  only  at  the 
surface  of  NiO  rather  than  as  a  discrete  layer.  The 
discrepancy  between  the  XPS,  transmission  electron 
microscopy  and  SIMS  results  may  result  from  the 
assumption  in  the  XPS  analysis  of  thin  films  that  the 
films  are  uniform,  whereas  in  reality  the  oxide  grown 
on  the  Ni77P23  alloy  is  microscopically  non-uniform. 
Thus,  the  analysis  of  XPS  results  based  on  a  uniform, 
layered  model  of  the  oxide  is  not  valid  here.  The 
surface  of  the  oxide  film  is  noticeably  rough  at  a 
microscopic  scale,  since  the  film  consists  of  fine,  ran¬ 
domly  orientated  NiO  crystals.  As  the  oxidation  time 
increases,  more  NiO  crystals  are  formed,  and  the 
roughness  at  the  oxide  surface  increases.  Thus,  it  is 
most  likely  that  XPS  has  simply  detected  surface  OH 
groups  which  increase  in  number  with  oxidation  time  as 
a  result  of  the  increasing  surface  area.  Using  the  uni¬ 
form  layer  model,  an  erroneous  interpretation  is  made 
that  the  Ni(OH)2  is  present  as  a  discrete  layer  which 
thickens  with  increasing  oxidation  time. 

Various  surface  analytical  techniques,  such  as  XPS, 
AES,  SIMS,  ion  scattering  spectroscopy  (ISS)  etc.,  are 
now  available  for  compositional  and  structural  analysis 
of  thin  surface  films,  less  than  10  nm  thick,  on  metals. 
The  results  obtained  by  these  techniques  are  analysed 
normally  with  the  assumption  (implicit  or  explicit)  that 
the  films  are  microscopically  uniform  in  thickness.  In 
certain  cases,  the  film  is  very  thin,  less  than  10  nm,  has 
been  taken  to  imply  that  the  film  is  microscopically 
uniform.  It  now  appears  that  such  views  are  too  naive 
and,  in  certain  cases,  could  well  lead  to  an  erroneous 


interpretation  of  results.  The  present  work  indicates 
clearly  that  high  resolution  cross-sectional  transmission 
electron  microscopy,  allied  with  a  novel  technique  of 
specimen  preparation  using  ultramicrotomy,  has  an 
enormous  potential  for  the  structural  and  composi¬ 
tional  analysis  of  thin  surface  films  on  metals,  even 
when  the  thicknesses  of  the  films  are  less  than  10  nm. 
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Abstract 

Flat  and  cylindrical  heat-treated  AISI  4135  low  alloy  steel  specimens  were  surface  treated  using  power  levels  of  50,  100  and 
200  W.  The  results  of  hydrogen  permeation  and  slow  strain  rate  tension  (SSRT)  tests  show  the  following. 

(1)  Laser  surface  treatment  of  AISI  4135  low  alloy  steel  results  in  a  reduction  in  the  hydrogen  absorption  kinetics  as 
measured  by  the  permeation  test,  and  also  an  improved  resistance  to  hydrogen-induced  fracture  in  the  SSRT  test  under 
galvanostatic  charging  conditions. 

(2)  The  degree  of  effectiveness  in  reducing  the  hydrogen  absorption  rate  is  shown  to  occur  at  all  power  levels,  and  is 
greatest  at  the  50  W  level. 

(3)  A  clear  qualitative  relationship  is  described  between  the  hydrogen  absorption  rate  and  the  time  to  failure  in  the  SSRT 
test.  This  relation  was  even  more  striking  in  terms  of  the  fractographic  detail  of  the  fracture  face. 

(4)  A  possible  explanation  for  the  reduced  hydrogen  absorption  as  a  result  of  low  power  laser  surface  melting  treatment  is 
the  influence  of  the  rapidly  quenched  metal  surface  on  the  steady  state  degree  of  hydrogen  adatom  coverage  or  the  absorption 
kinetic  rate  constant  or  both. 

(5)  Reverse  membrane  permeation  experiments  indicated  that  the  effect  of  laser  surface  melting  on  the  permeation  flux  at 
constant  charging  current  was  not  due  to  barriers  in  the  metal  which  alter  the  hydrogen  flux  gradient  across  the  membrane. 

Keywords:  Hydrogen  embrittlement;  Permeation;  Absorption;  Kinetics;  Low  alloy  steels 


1.  Introduction 

One  limitation  to  the  widespread  use  of  high  strength 
steels  is  their  susceptibility  to  hydrogen-induced  frac¬ 
ture  (HIF)  under  conditions  in  which  exposure  involves 
corrosion  in  aqueous  media.  It  is  recognized  that,  for 
HIF  to  occur,  hydrogen  atoms  must  enter  the  steel 
through  the  surface  in  contact  with  the  corrosive  envi¬ 
ronment,  and  recent  efforts  have  been  directed  at  im¬ 
peding  the  entry  of  hydrogen  by  suitably  modifying  the 
corroding  surface  of  the  steel  as  described  elsewhere 
[1,2]. 

The  amount  of  hydrogen  generated  on  the  surface  by 
the  corrosion  reaction  decreases  with  decreasing  corro¬ 
sion  rate;  therefore  it  is  argued  that  any  method  of 
reducing  the  latter  should  reduce  the  amount  of  hydro¬ 
gen  absorbed.  Surface  modification  using  laser  beams 
has  been  found  to  be  successful  in  reducing  corrosion 

0921 -5093/95/ $09.50  ©  1995  —  Elsevier  Science  S.A.  All  rights  reserved 
SSDI  092 1  -5093(94)04506-2 


rates  in  several  alloy  systems  [3-17],  and  this  work  is  a 
continuation  of  that  of  Wilde  and  Shimada  [18],  who 
found  that  laser  surface  melting  (LSM)  reduced  hydro¬ 
gen  absorption  into  AISI  1018  steel. 

However,  in  this  work,  in  addition  to  the  LSM  of 
flat  permeation  membrane  specimens,  equivalent  LSM 
of  round  slow  strain  rate  tension  (SSRT)  test  specimens 
of  a  low  alloy  steel  (AISI  4135)  was  carried  out  to 
evaluate  directly  whether  the  susceptibility  to  HIF 
could  be  correlated  with  the  hydrogen  permeation  test 
results. 


2.  Theoretical  background 

It  is  well  known  that  the  hydrogen  evolution  reaction 
on  metal  surfaces  is  a  multistep  reaction  involving  the 
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following  steps  [19-23]: 

(1)  hydrogen  adsorption 

M(e)“  +H30‘^  ->  +  H2O  (in  acid  solutions)  (1) 

M(e)“  +  +  OH  “  (in  alkaline  solutions) 

(2) 

(2)  hydrogen  recombination 

MH,,3  +  MH,,,^2M  +  H2  (3) 

(3)  electrode  desorption 

+  H3O  +  M(e)  -  ^  2M  +  H2O  +  H2  (4) 

(4)  hydrogen  absorption 

(5) 

where  and  MH.^bs  to  the  hydrogen  adatom 

and  the  hydrogen  absorbed  by  the  metal  respectively. 

As  far  as  HIF  is  concerned,  the  hydrogen  absorption 
reaction  (Eq.  (5))  is  the  most  important  and  involves 
the  incorporation  of  a  surface  adatom  in  the  metal 
lattice.  The  amount  of  hydrogen  adsorbed  on  the  sur¬ 
face  is  represented  by  the  surface  coverage  9,  which  is 
defined  as  [21] 

^  _  number  of  adsorption  sites  filled 

total  number  of  adsorption  sites  available 

The  rate  at  which  the  adsorbed  hydrogen  is  absorbed 
into  the  metal  surface  can  be  represented  as 

rate  of  absorption  =  (7) 

where  is  the  absorption  rate  constant  and  k^^^  is  the 
desorption  rate  constant. 

The  absorbed  hydrogen  builds  up  a  concentration  Q 
just  beneath  the  metal  surface  which  controls  the  per¬ 
meation  of  the  absorbed  hydrogen  into  the  metal  mem¬ 
brane  according  to  the  boundary  conditions  shown  in 
Fig.  1. 

The  permeation  rate  of  the  absorbed  hydrogen 
through  the  membrane  is  given  by 

i)(Q-  C) 

/=  y — -  (8) 

where  D  is  the  diffusivity  of  hydrogen  in  the  metal,  Cl 
is  the  fugacity  of  hydrogen  at  the  exit  side  of  the 
metallic  membrane  and  L  is  the  membrane  thickness. 

Kim  and  Wilde  [24]  have  shown  that  the  absorption 
kinetics  follow  a  first-order  reaction  path,  and  the 
higher  the  surface  coverage  6,  the  greater  will  be  the 
amount  of  hydrogen  entering  the  steel  with  the  con¬ 
comitant  higher  risk  of  HIF.  However,  little  work  is 
found  in  the  literature  attempting  to  correlate  data 
obtained  from  hydrogen  absorption  experiments  with 
susceptibility  to  HIF.  One  of  the  objectives  of  this 
study  was  to  determine  whether  such  a  correlation 
existed  in  the  case  of  laser  surface  melted  AISI  4135 
high  strength  low  alloy  steel. 


Fig.  1.  Schematic  representation  of  the  boundary  conditions  involved 
in  the  absorption  of  hydrogen  into  a  membrane. 


3.  Experimental  procedure 

The  composition  of  the  steel  used  in  this  study  and 
the  heat  treatment  employed  to  obtain  a  yield  (0.2% 
offset)  strength  of  183  ksi  are  given  in  Table  1.  Hydro¬ 
gen  permeation  membranes  (size,  40  mm  x  40  mm  x 
1.7  mm)  and  SSRT  specimens  (diameter,  3.75  mm) 
were  prepared  by  machining.  After  heat  treatment,  the 
specimens  were  ground  to  320  grit  finish  and  washed 
with  detergent  and  acetone.  LSM  was  then  carried  out 
using  a  Coherent  Everlase  M53  CO2  laser  machine.  A 
Laserdyne  410  CNC  machine  was  used  to  control  the 
movement  of  the  workpiece.  The  arrangement  used  for 
the  LSM  of  the  permeation  membranes  is  shown  in  Fig. 
2  and  the  LSM  conditions  employed  are  summarized  in 
Table  2. 

The  SSRT  test  specimens  were  surface  treated  using  a 
rotary  fixture.  LSM  was  carried  out  by  focusing  a 
stationary  laser  beam  on  the  surface  of  the  cylindrical 
specimen  rotating  at  a  constant  speed  and  moving 
axially  at  a  constant  rate.  In  order  to  keep  the  LSM 
conditions  as  close  as  possible  to  those  employed  for 
the  permeation  membrane  specimens  used  in  the  hydro¬ 
gen  absorption  studies,  the  travel  speed  was  maintained 
at  100  in  min“’  by  rotating  the  specimen  at  248  rev 
min“\  and  an  interval  of  0.005  in  between  passes  was 
obtained  by  providing  an  axial  movement  of  1.24  in 


Table  1 

Composition  and  heat  treatment  of  the  steel  used 


Element  C 

Mn 

Si  Cr  Mo  S  P 

Content  (wt.%)  0.33 

0.75 

0.30  1.09  0.185  0.013  0.003 

Heat  treatment:  austenitize  at  870  °C  for  1  h,  followed  by  an  oil 
quench;  temper  at  425  °C  for  30  min,  followed  by  air  cool. 
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Fig.  2.  Diagram  of  LSM  arrangement. 


Laser  treated  surface 


Permeation -tested  surface 


Fig.  3.  Location  of  LSM  and  permeation  testing  on  membranes. 


min~^  Power  levels  of  50,  100  and  200  W  were  once 
again  employed.  Fig.  3  shows  the  specimen  and  the 
location  where  LSM  and  permeation  testing  were  car¬ 
ried  out  on  the  membrane  specimens. 

Hydrogen  absorption  rate  experiments  were  carried 
out  at  room  temperature  using  the  Devanathan- 
Stachurski  electrochemical  technique  described  else¬ 
where  [22]  and  shown  schematically  in  Fig.  4.  The 
permeation  cell  consisted  of  two  identical  Pyrex  glass 
chambers  with  the  membrane  fixed  between  them  using 
clamps.  The  electrode  potentials  in  both  circuits  were 
measured  using  saturated  calomel  electrodes  (SCEs) 
mounted  through  Luggin  capillary  probes.  NaOH  (1  N) 
was  used  as  electrolyte  since  the  steel  is  passive  in  this 
environment  and  is  virtually  immune  to  corrosion 
effects  such  as  stress  corrosion  cracking.  The  solution 
was  prepared  using  reagent  grade  NaOH  and  double- 
distilled,  demineralized  water,  and  was  used  as  the 
electrolyte  in  both  chambers.  In  the  anodic  cell,  the 
membrane  (working  electrode)  was  maintained  at  a 
potential  of  +100  mVscE  using  a  potentiostat.  After 
the  specimen  had  been  degassed  (which  was  indicated 
by  the  attainment  of  a  low  background  current),  hydro¬ 
gen  was  evolved  galvanostatically  on  the  cathodic  side 
at  a  rate  of  197  pA  cm"^.  This  value  was  chosen  to 
correspond  to  the  rate  of  hydrogen  evolution  that  a  low 
alloy  steel  surface  would  experience  when  corroding 
under  natural  conditions  in  acidified  brine.  Nitrogen 
was  bubbled  through  the  electrolyte  in  both  chambers. 
The  current  in  the  anodic  circuit  was  recorded  as  a 
function  of  time  using  a  strip-chart  recorder  and  the 
steady  state  permeation  current  was  obtained  for  each 


Table  2 

LSM  conditions  employed 


Laser 

Beam  diameter 
Lens 

Power  levels 
Power  densities 
Travel  speed 
Shielding  gas 
Interval 
Dwell  time 


CO2,  10.6  pm 
330  pm 

ZnSe,  5  in  focal  length 

50,  100  and  200  W 

5.73,  11.46  and  22.9  x  lO^Wcm'^ 

42,3  mins-’ 

Argon 

0.127  mm  (0.005  in) 

3  s 


specimen.  The  difference  between  the  steady  state  per¬ 
meation  current  density  and  the  background  current 
density  yielded  the  hydrogen  permeation  flux  which 
was  used  as  the  criterion  for  comparison. 

Microhardness  measurements  (Knoop  25  g  load) 
were  made  in  the  base  steel  and  in  the  laser  surface 
melted  regions  of  the  membranes  and  the  results  are 
shown  schematically  in  Fig.  9  (see  Section  4)  together 
with  the  metallurgical  microstructures  developed. 

SSRT  testing  was  carried  out  on  the  3.175  mm 
diameter  cylindrical  specimens  in  both  the  untreated 
and  laser  surface  melted  conditions  using  a  strain  rate 
of  2x  10"^.  The  electrolyte  used  and  the  charging 
current  density  were  once  again  1  N  NaOH  and  197  pA 
cm~^  respectively.  A  load  cell  was  used  to  monitor  the 
stress  (and  hence  the  strain)  and  its  output  was  con¬ 
nected  to  a  strip-chart  recorder.  Thus  the  test  involved 
obtaining  the  stress-time  relationship  for  a  specimen 
strained  at  a  constant  rate  on  which  hydrogen  was 
galvanostatically  evolved  at  a  predetermined  rate.  In 
order  to  exclude  brittle  fracture  and  stress  corrosion 
effects,  one  specimen  was  tested  in  air  and  another  in 
1  N  NaOH  without  hydrogen  charging.  The  fracture 
surfaces  were  examined  using  a  scanning  electron  mi¬ 
croscope.  The  time  to  failure  and  the  fracture  mode 
were  used  as  assessment  criteria. 


Ref.  Elcclrodc  Luggin  Ref.  Electrode 


Fig.  4.  Schematic  diagram  of  the  hydrogen  permeation  cell. 
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Table  3 

Results  of  hydrogen  permeation  experiments 

Condition  Permeation  flux  J ^ 

(pA  cm“-) 

Base  steel  0.60 

LSM  50  W  0.38 

LSM  100  W  0.40 

LSM  200  W  0.51 

Charging  current  density  197  pA  cm“- 

Anodic  potential  0.100 

Electrolyte  1  N  NaOH 

LSM  50  W  refers  to  laser  treatment  using  50  W  power. 

4.  Results  and  discussion 

The  results  of  the  permeation  experiments  (Table  3) 
reveal  that  LSM  treatment  resulted  in  reduced  hydro¬ 
gen  absorption,  with  the  50  W  treatment  being  the  most 
effective.  The  200  W  treatment,  which  gave  the  highest 
permeation  flux  of  the  laser  surface  melted  specimens, 
was  also  seen  to  reduce  the  hydrogen  absorption  to 
some  extent  compared  with  the  untreated  condition. 

The  kinetics  of  hydrogen  absorption  into  a  ferrous 
metal  surface  have  been  discussed  in  Section  2  and  have 
a  first-order  dependence  on  0,  which  in  turn  dictates  the 
value  of  Q.  In  view  of  the  experimental  data  showing 
a  decrease  in  absorption  rate  in  the  LSM  experiments, 
it  is  clear  that  the  LSM  treatment  influences  either 
or  0,  or  the  LSM  treatment  changes  the  hydrogen  flux 
gradient  across  the  membrane  (see  Fig.  1). 

To  explore  these  possibilities,  permeation  experi¬ 
ments  were  conducted  as  previously  described  by  Chat- 
toraj  and  Wilde  [25],  in  which  the  treated  surface  was 
reversed  and  made  the  oxidation  side  of  the  membrane 
and  the  hydrogen  fugacity  was  maintained  at  zero  with 
an  applied  anodic  potential.  Under  these  conditions,  it 
was  rationalized  that  the  now  untreated  input  surface 
would  absorb  hydrogen  at  a  high  rate  (like  the  base 
steel,  see  Table  3)  if  the  LSM  treatment  affected  the 
surface  absorption  kinetics,  e.g.  6  or  However,  if 
the  measured  flux  was  less  than  that  measured  at 
constant  current  on  a  non-treated  surface,  this  would 
imply  that  the  LSM  treatment  affected  the  hydrogen 
flux  gradient  inside  the  steel. 

In  the  event,  the  data  obtained  in  the  reverse  mem¬ 
brane  experiments  all  gave  permeation  fluxes  similar  in 
magnitude  to  that  obtained  on  a  base  steel  surface, 
indicating  that  the  LSM  affected  the  basic  hydrogen 
absorption  kinetics,  i.e.  similar  to  that  observed  in 
the  presence  of  compressive  stresses  imposed  by  shot 
peening. 

The  SSRT  test  results  presented  in  Table  4  and  Figs. 
5-8  reveal  that  the  LSM  50  W  treatment,  in  addition  to 
decreasing  the  absorption  rate  of  hydrogen  under  the 
charging  conditions  used,  resulted  in  a  significant  im- 


Table  4 

Results  of  the  SSRT  tests 


Condition 

Time  to  failure  (h) 

Base  steel  in  air 

27.5 

Base  steel  in  NaOH  (no  H.  charging) 

27.5 

Base  steel  in  NaOH  with  IN  charging 

14.5 

LSM  50  W  in  NaOH  with  H2  charging 

27 

LSM  100  W  in  NaOH  with  H.  charging 

20 

LSM  200  W  in  NaOH  with  U.  charging 

16.5 

Cathodic  charging  current 

197  pA  cm  “ 

Strain  rate 

2  X  10 

provement  in  the  HIF  behavior.  While  the  base  steel 
failed  in  14.5  h  in  a  100%  brittle,  intergranular  (IG) 
mode  in  the  untreated  condition  (Fig.  5),  the  LSM  50 
W  treatment  resulted  in  a  100%  ductile  fracture  by 


a)  Base  steel  fractured  in  air 


b)  Base  steel  with  cathodic  charging 

Fig.  5.  Scanning  electron  microscopy  fractograph  of  the  base  steel 
SSRT  specimen  (1500  x  magnification). 
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Fig.  6.  Scanning  electron  microscopy  fractograph  of  LSM  50  W 
SSRT  specimen  (1500  x  magnification). 

microvoid  coalescence  (MVC)  and  took  almost  as  long 
to  fail  as  the  specimen  in  air  (Fig.  6).  The  LSM  100  W 
and  LSM  200  W  treatments  gave  intermediate  results, 
but  both  showed  longer  times  to  failure  and  less  brittle 
fractures  compared  with  the  untreated  condition  (Figs. 
7  and  8).  The  observation  that  the  time  to  failure  of  the 
untreated  specimen  in  1  N  NaOH  without  hydrogen 
charging  was  the  same  as  that  in  air  rules  out  stress 
corrosion  effects. 

According  to  the  hydrogen-assisted  cracking  model 
proposed  by  Beachem  [26],  IG  fracture  is  generally 
favored  at  low  stresses  and  high  hydrogen  levels.  The 
fact  that  IG  features  were  observed  in  the  untreated 
base  steel  fracture  surface  suggests  that  the  amount  of 
hydrogen  absorbed  by  the  steel  was  relatively  high 
under  the  charging  conditions  employed.  On  the  other 
hand,  the  MVC  type  of  fracture  observed  in  the  LSM 
50  W  specimen  indicates  that  the  fracture  occurred 
under  (relatively)  high  stress  and  low  hydrogen  condi- 


Fig.  7.  Scanning  electron  microscopy  fractograph  of  LSM  100  W 
SSRT  specimen  (1500  x  magnification). 


Fig.  8.  Scanning  electron  microscopy  fractograph  of  LSM  200  W 
SSRT  specimen  (1500  x  magnification). 


tions.  This  indicates  that  less  hydrogen  was  absorbed  in 
the  LSM  50  W  specimen  compared  with  the  untreated 
base  steel  specimen.  The  LSM  100  W  and  LSM  200  W 
specimens  showed  the  effects  of  increasing  hydrogen 
and  decreasing  stress  conditions. 

The  hydrogen  permeation  and  SSRT  test  results  pre¬ 
sented  in  Tables  3  and  4  indicate  clearly  that  low  power 
LSM  improves  the  HIF  resistance  of  the  steel  by  reduc¬ 
ing  the  rate  of  hydrogen  absorption  at  the  steel  surface. 
However,  these  effects  could  not  definitely  be  correlated 
with  the  hardness  in  the  laser  surface  melted  region.  As 
shown  in  Fig.  9,  the  LSM  50  W  and  LSM  100  W 
specimens  showed  higher  hardness  levels  in  the  laser 
surface  melted  regions  and  lower  permeation  fluxes 
than  the  untreated  base  steel.  However,  the  LSM  200 
W  specimen  showed  a  lower  hardness  and  a  lower 
permeation  flux  than  the  untreated  base  steel.  Thus  the 
hardness  of  the  microstructure  by  itself  does  not  appear 
to  play  a  significant  role  in  hydrogen  absorption. 

One  possible  explanation  for  the  diminished  effect  of 
the  higher  power  levels  could  be  that  the  tempered 
heat-affected  zone  (HAZ)  of  each  pass,  which  was 
observed  as  a  dark  etching  region  of  relatively  low 
hardness  (see  Fig.  9),  acted  as  a  pipe  for  hydrogen 
diffusion  into  the  substrate.  Although  not  experimen¬ 
tally  verified,  it  is  possible  that  the  stress  fields  associ¬ 
ated  with  the  martensitic  transformation  or 
dislocations,  or  both,  might  play  a  role.  The  portion  of 
each  pass  unaffected  by  the  next  pass  can  be  expected 
to  retain  a  compressive  stress  as  a  result  of  the  marten¬ 
sitic  transformation  and  the  associated  expansion  which 
is  resisted  by  the  underlying  substrate. 

It  appears  that  the  best  situation  would  be  obtained 
if  the  width  of  the  fusion  pass  is  minimized,  which  can 
be  achieved  by  increasing  the  cooling  rate  following  the 
iieating  cycle  by  reducing  the  laser  power  or  increasing 
the  travel  speed  and  by  optimizing  the  pass  overlap. 
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Fig.  9.  Results  of  Knoop  microhardness  measurements  with  corresponding  microstructures:  (a)  LSM  50  W;  (b)  LSM  100  W;  (c)  LSM  200  W. 


The  present  results,  indicating  a  correlation  between 
the  hydrogen  absorption  kinetics  and  the  performance 
in  the  SSRT  tests,  although  qualitatively  valid,  should 
be  treated  with  some  caution  from  a  quantitative  point 
of  view.  Because  of  the  dynamic  nature  of  the  interac¬ 
tion  of  hydrogen  with  dislocations,  the  lower  the  diffu- 
sivity  of  hydrogen  in  the  steel,  the  lower  the  strain  rate 
that  should  be  employed  in  the  SSRT  test.  Either  SSRT 
testing  using  slower  strain  rates  or  constant  load  testing 
with  hydrogen  charging  might  resolve  this  issue  and  is 
recommended  for  future  investigation. 

Also,  while  correlating  the  permeation  and  SSRT  test 
results,  it  should  be  borne  in  mind  that,  even  though 
the  composition,  heat  treatment,  charging  conditions, 
etc.  were  reproduced  within  practical  limits,  the  hydro¬ 
gen  diffusion  flux  profile  in  the  two  cases  may  be 
different  because  of  differences  in  the  geometry  of  the 


specimens.  In  the  permeation  specimen,  hydrogen  is 
allowed  to  difliise  freely  across  the  specimen  and  attain 
a  steady  state  concentration  profile,  whereas  in  the 
SSRT  specimen,  hydrogen  is  charged  all  around  the 
cylindrical  surface.  Thus  the  results  should  only  be  seen 
as  indicating  a  trend. 

5.  Conclusions 

On  the  basis  of  the  data  presented  in  this  investiga¬ 
tion,  the  following  conclusions  can  be  drawn. 

(1)  Laser  surface  treatment  of  AISI  4135  low  alloy 
steel  results  in  a  reduction  in  the  hydrogen  absorption 
kinetics  as  measured  by  the  permeation  test,  and  also 
an  improved  resistance  to  hydrogen-induced  fracture  in 
the  SSRT  test. 
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(2)  The  degree  of  effectiveness  in  reducing  the  hydro¬ 
gen  absorption  rate,  which  occurs  at  all  power  levels,  is 
greatest  at  the  50  W  level. 

(3)  A  clear  qualitative  relationship  is  found  between 
the  hydrogen  absorption  rate  and  the  time  to  failure  in 
the  SSRT  test.  This  relation  is  even  more  striking  in 
terms  of  the  fractographic  detail  of  the  fracture  face. 

(4)  A  possible  explanation  for  the  reduced  hydrogen 
absorption  as  a  result  of  low  power  laser  surface  melt¬ 
ing  treatment  is  the  influence  of  the  rapidly  quenched 
metal  surface  on  the  steady  state  degree  of  hydrogen 
adatom  coverage  or  the  absorption  kinetic  rate  con¬ 
stant  or  both. 

(5)  Reverse  membrane  permeation  experiments  indi¬ 
cate  that  the  effect  of  laser  surface  melting  on  the 
permeation  flux  at  constant  charging  current  is  not  due 
to  barriers  in  the  metal  which  alter  the  hydrogen  flux 
gradient  across  the  membrane. 
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Abstract 

In  a  research  project  devoted  to  the  elimination  of  toxic  materials  in  methods  of  corrosion  protection,  surface  modification 
processes  have  been  developed  to  improve  the  pitting  resistance  of  aluminum  alloys  without  the  use  of  chromates.  These  processes 
use  chemical  treatments  in  various  cerium  salt  solutions  and  an  electrochemical  treatment  in  a  molybdate  solution.  The  details  of 
the  surface  modification  method  depend  on  alloy  composition.  For  A1  6061  and  A1  6013  treated  by  immersion  in  hot  Ce(N03)3 
and  CeCl3  followed  by  anodic  polarization  in  Na2Mo04,  pitting  did  not  occur  during  immersion  in  0.5  M  NaCl  for  60  days. 
Surface  modification  of  A1  7075-T6  and  A1  2024-T3  involves  immersion  in  boiling  Ce(N03)3,  anodic  polarization  in  Na2Mo04 
and  immersion  in  boiling  CeC^.  Very  corrosion-resistant  surfaces  were  produced  on  A1  7075-T6  after  applying  an  electrochemical 
pretreatment  step  which  removes  copper  from  the  outer  surface  layers.  During  exposure  of  A1  7075  in  0.5  M  NaCl  for  30  days 
no  measurable  corrosion  was  indicated  by  continuous  monitoring  with  electrochemical  impedance  spectroscopy  and  by  visual 
observation.  For  A1  2024,  significant  improvements  in  the  resistance  to  localized  corrosion  were  also  obtained  with  these 
processes.  A  further  modification  of  the  Ce-Mo  process  which  is  very  effective  for  A1  2024  consists  of  immersion  in  hot  cerium 
acetate,  anodic  polarization  in  Na2Mo04  and  immesion  in  hot  Ce(N03)3.  Impedance  data  collected  in  0.5  M  NaCl  remained 
capacitive  for  30  days,  which  is  indicative  of  lack  of  localized  corrosion.  Surface  anlaysis  showed  increased  levels  of  Ce  and  Mo 
at  sites  where  Cu-containing  compounds  are  located.  Apparently  local  cathodes  are  eliminated  during  the  surface  modification 
process,  thereby  reducing  the  driving  force  for  pitting. 

Keywords:  Aluminium  alloys;  Surface  modification;  Corrosion  protection;  Pitting 


1.  Introduction 

For  more  than  40  years,  chromate  conversion  coat¬ 
ings  have  been  widely  applied  for  corrosion  protection 
of  Ai  alloys.  Major  reasons  for  the  widespread  use  of 
chromate  conversion  coatings  are  their  self-healing 
nature,  the  ease  of  application  and  their  high  electric 
conductivity.  However,  chromium  is  amoung  the  US 
Environmental  Protection  Agency’s  top  toxic  sub¬ 
stances,  since  in  its  hexavalent  form  it  is  a  known 
carcinogen  and  is  environmentally  hazardous  as  a  waste 
product  [1].  Because  current  environmental  legislation 
is  moving  towards  total  exclusion  of  Cr^  ^  and  because 
of  tightening  regulatory  pressure  to  reduce  the  haz¬ 
ardous  waste  of  chromium,  many  attempts  are  being 
made  to  develop  non-toxic  alternative  methods  of  cor¬ 
rosion  protection.  Early  work  centered  on  metal  oxyan- 
ion  analogs  of  chromate  such  as  molybdates, 
tungstates,  vanadates  and  permanganates.  The  most 
widely  investigated  compound  in  this  group  has  been 
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molybdate,  possibly  because  of  its  non-toxic  nature 
[2,3]  and  its  known  ability  to  reduce  the  susceptibility 
to  pitting  of  stainless  steels.  Progress  in  developing 
Cr^^-free  methods  of  corrosion  protection  has  been 
discussed  in  a  recent  workshop  on  chromate  replace¬ 
ments  in  light  metal  finishing  [4].  It  is  apparent  that  at 
present  no  simple  process  is  available  which  can  com¬ 
pletely  replace  chromate  conversion  coatings  at  equal 
corrosion  resistance  of  the  coated  alloy  and  equal  ease 
of  application. 

Research  in  this  laboratory  has  focused  on  the  con¬ 
cept  of  “corrosion  protection  by  surface  modification” 
with  emphasis  on  elimination  of  hazardous  chemicals 
used  in  corrosion  protection  of  Al  alloys.  The  Ce-Mo 
process  (US  Patent  No.  5  194  138)  for  surface  modifica¬ 
tion  of  Al  alloys  consists  of  a  combination  of  chemical 
(immersion  in  boiling  CeCl3  followed  by  immersion  in 
boiling  Ce(N03)3)  and  electrochemical  (anodic  polar¬ 
ization  in  Na2Mo04)  process  steps  [5-11].  This  process 
was  successfully  applied  to  corrosion  protection  of  Al 
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Table  1 

Minor  alloying  elemcnls  of  A1  7075  and  A1  2024  (wt.%) 


Alloy 

Cu 

Si 

Fe 

Mn 

Mg 

Zn 

Cr 

A1  2024 

3.8/4.9 

<0.5 

<0.5 

0.3/0.9 

1.2  1.8 

<0.25 

<0.1 

A1  7075 

1.2. 2.0 

<0.4 

<0.5 

<0.3 

2.1  2.9 

5.1  '6.1 

0.18/0.28 

6061-T6,  which  did  not  show  any  signs  of  corrosion 
during  immersion  in  0.5  M  NaCl  for  30  days,  and  A1 
6013-T6,  which  passed  the  salt  spray  test  according  to 
ASTM  B  1 17  [1 1].  The  experimental  results  suggest  that 
the  exceptional  resistance  of  these  alloys  to  localized 
corrosion  is  due  to  synergistic  effects  of  Ce  and  Mo. 

When  the  Ce-Mo  process  was  applied  to  A1  alloys 
with  higher  Cu  content  such  as  A1  7075-T6  and  A1 
2024-T3,  less  satisfactory  results  were  obtained.  Cu- 
containing  intermetallic  compounds  in  the  outer  surface 
layer  apparently  affect  the  corrosion  behavior  of 
modified  surfaces,  weakening  their  resistance  of  local¬ 
ized  corrosion.  Therefore,  in  the  studies  reported  below, 
a  Cu  removal  process  was  used  as  pretreatment  step  in 
order  to  avoid  deleterious  effects  of  Cu-containing  in- 
termetallics  [12].  Cu  is  removed  only  from  the  outer 
surface  layers  without  affecting  the  mechanical  proper¬ 
ties  of  the  alloy.  In  addition,  it  was  found  necessary  to 
modify  the  original  Ce-Mo  process  slightly  for  these 
alloys.  The  corrosion  behavior  of  modified  surfaces  on 
A1  2024  and  A1  7075  was  investigated  using  polariza¬ 
tion  measurements,  electrochemcial  impedance  spec¬ 
troscopy  (EIS),  microscopic  observation  and  surface 
analysis. 

2.  Experimental 

2.1.  Materials 

The  materials  studied  were  A1  7075-T6  with  about 
1.6  wt.%  Cu  and  A1  2024-T3  with  about  4,4  wt.'!^)  Cu. 
The  minor  alloying  elements  are  listed  in  Table  1. 

2.2.  Methods 

2.2.1.  Cu  remo val  process 

The  Cu  removal  process  consists  of  deoxidizing  the 
sample  in  Diversey  560  (Diversified  Chemical  Sales, 
USA)  for  10  min  at  room  temperature  followed  by 
anodic  polarization  in  an  acidic  solution  (Table  2).  The 
deoxidizer  Diversey  560  contains  approximately  25% 
H2SO4,  15%  HNO3  and  2%  H2SiF(3.  In  the  polariza¬ 
tion  step,  different  operation  parameters  and  solutions 
were  used  for  A1  2024  and  A1  7075.  A1  2024  was 
polarized  at  —55  mV  (vs,  SCE)  in  0.5  M  NaNO^T 
0.67  M  HNO3,  while  for  A1  7075  a  potential  of 
—  248  mV  was  applied  in  0.5  M  NaN03  (pH  1,  adjusted 


with  HCI).  At  these  potentials,  pure  Cu  was  found  to 
dissolve  at  very  high  rates.  Whereas  pure  A1  was  pas¬ 
sive.  Anodic  polarization  curves  for  A1  7075  showed  a 
current  peak  in  the  Cu  removal  solution  at  —248  mV. 
For  A1  2024  it  has  been  observed  that  Cu  removal  can 
also  be  achieved  in  the  same  solution  using  a  galvano- 
static  technique  or  coupling  to  a  graphite  electrode  [13]. 

2.2.2.  Surfaee  modification 

The  surface  modification  process  for  A1  2024  and  A1 
7075  involves  immersion  in  boiling  10  niM  Ce(N03)3  at 
100  °C  for  2  h,  anodic  polarization  in  0.1  M  Na2Mo04 
at  +500  mV  vs.  SCE  for  2h  and  immersion  in  boiling 
5  mM  CeCl3  at  100  °C  for  2  h.  This  modification  of  the 
original  Ce-Mo  process  for  A1  6061  [5-12]  is  described 
in  Table  3.  For  A1  7075,  the  modified  Ce-Mo  process 
was  applied  after  Cu  removal  (Table  2)  and  to  as- 
received  samples,  which  were  degreased  by  wiping  with 
Alconox  detergent.  For  A1  2024,  surface  modification 
was  applied  after  Cu  removal. 

2.2.3.  Evaluation  of  corrosion  resistance 

The  corrosion  resistance  of  samples  with  different 
surface  treatments  was  evaluated  by  immersion  in 
0.5  M  NaCl  (open  to  air).  Changes  in  surface  properties 
were  monitored  periodically  with  EIS.  The  exposed 
area  was  ^  —  20  cm^.  The  test  period  was  based  on  the 
observed  degree  of  corrosion.  For  untreated  A1  7075 
(A1  7075  as-received)  and  for  A1  2024  after  Cu  removal 
(A1  2024./Cu  removal),  tests  were  carried  out  for  7  days, 
whereas  for  the  corresponding  modified  surfaces  corro¬ 
sion  tests  were  performed  for  30  days.  EIS  data  were 
collected  at  the  open-circuit  potential  E'eorr-  The  soft¬ 
ware  packages  basics  and  pitfit  [14,15]  were  used  for 
the  analysis  of  EIS  data.  For  passive  surfaces,  EIS  data 
were  analyzed  using  basics  based  on  the  equivalent 
circuit  shown  in  Fig.  1(a),  where  is  the  polarization 
resistance  of  the  passive  surface  and  is  its  capaci¬ 
tance.  Pitfit  was  utilized  when  pitting  corrosion  was 
observed.  In  the  pitting  model  described  in  Fig.  1(b), 
and  Cp  are  the  properties  of  the  passive  surface,  R^,^ 
and  Cpji  are  the  corresponding  parameters  of  the  pitted 
area,  F  is  the  area  fraction  on  which  pitting  occurs 
and  W  =  {KIF){j(DY  describes  a  transmission  line  ele¬ 
ment  with  —  1  < /?  <  0  [16].  Analysis  of  experimental 
impedance  spectra  with  pitfit  results  in  the  values  of 
Rp(  \  —  F),  R^iJF  and  Q  =  Cp(l  —  F)  +  FC^,^  and  also 
of  K/F  and  n  as  a  function  of  exposure  time.  Polariza- 
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Table  2 

Copper  removal  processes  for  A1  2024-T3  and  A1  7075-T6 


Step 

Al  2024-T3 

Al  7075-T6 

1.  Cleaning  and  degreasing 

Immersion  in  Alconox  for  1  min 

Wipe  with  Alconox 

Rinse 

Immersion  in  Alconox  for  1  min 

Wipe  with  Alconox 

Rinse 

2.  Deoxidizing 

Diversey  560  for  10  min 

Rinse 

Diversey  560  for  10  min 

Rinse 

3.  Copper  removal 

Polarization  in  0.5  M  NaN03  -h 

0.67  M  HNO3  at  -55  mV 
(vs.  SCE)  for  30  min 

Rinse 

Polarization  in  0.5  M  NaNO^ 

(pH  1,  adjusted  by  HCl)  at  —248 
mV  (vs.  SCE)  for  30  min 

Rinse 

tion  curves  in  0.5  M  NaCI  were  measured  at  a  scan  rate 
0.2mVs“*  for  untreated  and  modified  samples  of  A1 
7075-T6. 

Surface  analysis 

Surface  analysis  was  performed  by  EDS  for  A1  7075/ 
as-received  treated  in  the  modified  Ce-Mo  process.  The 
chemical  composition  of  the  surface  layer  was  analyzed 
for  both  exposed  and  unexposed  surfaces.  For  selected 
samples,  surface  morphologies  were  determined  by 
scanning  electron  microscopy  (SEM)  and  elemental 
mapping  by  EDS  was  employed  to  determine  the  distri¬ 
bution  of  Ce  and  Mo  in  the  modified  oxide  layers  and 
its  relation  to  localized  corrosion  events. 


3.  Results  and  discussion 

3.7,  Untreated  Al  7075 

The  impedance  spectra  for  Al  7075/as-received  in 
0.5  M  NaCl  in  Fig.  2  clearly  indicate  that  localized 
corrosion  occurred  already  in  the  early  stages  of  expo¬ 
sure.  For  passive  surfaces,  impedance  spectra  show  only 
one  time  constant  and  the  phase  angle  approaches  zero 
degree  at  the  lowest  frequencies.  Spectra  for  pitting 
corrosion  such  as  those  in  Fig.  2  are  characterized  by  a 
transmission  line  type  impedance  and  a  minimum  of  the 
phase  angle  at  lower  frequencies.  The  occurrence  of  a 
second  time  constant  can  be  seen  clearly  in  Bode  plots 
of  phase  angle  in  the  low-frequency  region  (Fig.  2). 
Another  characteristic  change  of  the  impedance  spectra 
due  to  development  of  localized  corrosion  is  the  in¬ 
crease  of  Q  at  intermediate  frequencies  (Fig.  2).  Pit 
initiation  was  observed  visually  in  less  than  1  day  for 
as-received  samples.  EIS  data  were  not  collected  for 
such  samples  during  the  early  stage  of  pit  initiation 
owing  to , experimental  problems  as  discussed  elsewhere 
[17-19]. 

Electrochemical  parameters  obtained  by  fitting  of  the 
experimental  data  in  Fig.  2  to  the  pitting  model  (Fig. 


1(b))  are  plotted  in  Fig.  3  as  a  function  of  exposure 
time,  where  iRp  is  the  polarization  resistance  of  passive 
surface  normalized  to  the  total  exposed  area  A,  and  Q 
contains  contributions  from  the  capacitances  of  the 
passive  and  pitted  surface  fractions.  i?p  decreased 
slightly  with  increasing  exposure  time,  whereas  Q  in¬ 
creased  continuously.  The  observed  increase  in  Q  is 
due  to  the  increase  in  the  capacitance  of  the  pitted  area 
C’pit.cxp  =  ^^pit  assuming  that  Cp(l  -  F)  =  Cp  for  F-^0 
remains  constant  during  the  test  period.  Cpjt,exp  is  ob¬ 
tained  as  Cpit  cxp=  Q"  <^P'  Assuming  further  that  pits 
are  hemispherical,  the  pitted  area  can  be  calculated  as  a 
function  of  exposure  time  as  A^-,^  =  2AF.  The  value  of  F 
at  the  end  of  the  test  is  determined  by  microscopic 
observation.  Based  on  this  value  a  specific  pit  capaci¬ 
tance  Cpit  =  CpUexpMpit  is  then  calculated,  which  is 
assumed  to  remain  constant  during  the  test.  F  is  calcu¬ 
lated  as  a  function  of  exposure  time  as 

F=C^-.ue.,/2AC%  (1) 

For  the  data  in  Fig.  3,  Cpj^ -=  634  pF  cm"'-  was  used. 

The  increase  in  F  and  the  polarization  resistance  of 
the  pits  Rla  =  Rpii^pit  with  exposure  time  as  shown  in 
Fig.  4.  F  increased  from  about  0.6%  (zfpjt  =  0.024  cm-) 
to  about  2%  (0.08  cm-)  in  5  days.  The  increase  in 
with  time  suggests  that  pit  growth  rates  decrease  with 
time.  The  dependence  of  R^-^^  on  exposure  time  t  was 
further  evaluated  by  plotting  log  (l/FpjJ  vs.  log  t  (Fig. 
5).  The  linear  dependence  observed  in  Fig.  5  allows  a 
pit  growth  law  to  be  established  which  can  be  described 
by  [20,21] 

\IR%  =  aF  (2) 

where  a  and  b  are  experimentally  determined  parame¬ 
ters.  For  most  Al  alloys  studied  during  exposure  to 
NaCl,  b  (Eq.  (2))  was  close  to  —1  [20,21],  which  means 
that  pit  growth  rates  decrease  linearly  with  exposure 
time.  It  has  to  be  considered  that  contrary  to  other 
evaluations  of  pit  growth  laws  with  electrochemical 
techniques  in  which  an  external  potential  was  applied, 
the  present  data  have  been  obtained  at  F^orr- 
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Table  3 

Surface  modificaiion  procedures 


Step 


Treat  men  i 


1.  Surface  modification 
by  Ce(NO;,), 

2.  Surface  modification 
by  Na,Mo04 

3.  Suface  modification 
by  CeCl, 


Immersion  in  lOmM  CefNO;),  at  ](K)°C  for  2  h. 
then  rinsing  in  distilled  water 

Polarization  in  0.1  M  Na.Mo04  at  +100  mV  (vs.  mercury  sulfate 
reference  electrode)  for  2  h.  then  rinsing  in  distilled  water 
Immersion  in  5  niM  CeCb,  at  100  °C  for  2  h. 
then  rinsing  in  distilled  v\aier 


3.2.  A I  7075:Ce- Mo  process 

The  impedance  spectra  for  A1  7075  treated  with  the 
modified  Ce-Mo  process  described  in  Table  3  indicate 
that  the  modified  surface  remained  passive  during  the 
test  period  of  30  days  (Fig.  6).  /?p  was  nearly  constant 
at  about  5  x  10''  ohm  cm-  and  CJJ  increased  slowly  from 
7.5  to  9.5  pF  cm  which  is  a  typical  range  for  a  thin 
film  of  hydrated  aluminum  oxide  [21]  (Fig.  7).  Visually, 
a  few  spots  of  local  dissolution  were  observed  after  4 
days,  which  grew  very  slowly  with  increasing  exposure 
time.  After  exposure  to  NaCl  for  30  days,  the  surface 
morphology  was  examined  by  SEM.  It  was  found  that 
the  morphology  of  these  spots  was  different  from  the 
pitting  corrosion  phenomena  usually  occurring  on  A1 
alloys.  A  circular  area,  typically  about  60  pm  in  diame¬ 
ter,  with  cracks  in  the  oxide  layer  was  observed  (Fig. 
8(a)).  Some  areas  of  very  small  dimensions  with  local¬ 
ized  attack  can  be  found  at  the  periphery  of  these 
circular  features.  Fig.  8(b)  shows  more  detailed  infor¬ 
mation  from  the  center  of  the  spot  in  Fig.  8(a).  Cracks 
radiating  from  the  center  can  be  identified  ending  at  a 


a 


Cp 


Rp/(1-F) 


Fig.  1.  Equivalent  circuit  for  A1  alloys  exposed  to  NaCl;  (a)  for  a 
passive  surface;  (b)  for  a  pitted  surface. 


short  distance.  The  chemical  composition  of  the  surface 
in  Fig.  8  was  analyzed  by  EDS  for  a  portion  of  the 
sample  which  had  not  been  exposed  and  an  area  which 
had  been  exposed  to  NaCl  for  30  days.  The  results  are 
given  in  Fig.  9(a)  for  the  unexposed  surface  and  in  Fig. 
9(b)  for  the  corrosion  spot  shown  in  Fig.  8.  In  both 
cases  Ce  and  Mo  were  detected  in  the  surface  layer; 
however.  Ce  and  Mo  showed  increased  levels  around 
the  observed  spot  (Fig.  9(b)). 

Elemental  mapping  was  employed  to  determine  the 
distribution  of  Ce  and  Mo  in  the  modified  surfaces  in 
more  detail.  Results  for  the  area  shown  in  Fig.  8(a)  are 
presented  in  Fig.  10.  It  is  interesting  that  the  chemical 


10^ 


Fig.  2.  Bode  plots  for  A1  7()75-T6  as-reccived  as  a  function  of 
exposure  time  to  0.5  IVI  NaCl. 
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Exposure  time  (days) 

Fig.  3.  /?p  and  Q  for  A1  7075-T6/as-received  as  a  function  of 
exposure  time  to  0.5  M  NaCl. 
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Fig.  4.  F  and  /?pji  for  A1  7075-T6/as-received  as  a  function  of 
exposure  time  to  0.5  M  NaCl. 
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Fig.  6.  Impedance  spectra  of  A1  7075-T6/as-received,  modified  by  the 
Ce-Mo  process,  during  exposure  to  0.5  M  NaCl. 
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log  t  (t  in  days)  Exposure  time  (days) 

Fig.  5.  Pit  growth  law  for  A1  7075-T6/as-received  exposed  to  0.5  M  Fig.  7.  Rl  and  for  A1  7075-T6/as-received,  modified  by  the 
NaCl.  Ce-Mo  process,  as  a  function  of  exposure  time  to  0.5  M  NaCl. 


composition  of  the  surface  layer  is  different  in  the  inner 
circle  and  an  outer  ring.  Ce  is  concentrated  in  the  inner 
circle  which  also  contains  Mo  in  the  region  where  Cu 
was  also  identified.  Very  little  A1  is  detected  in  the  inner 
circle.  These  results  can  be  explained  by  assuming  that 
during  surface  modification  in  the  Ce-Mo  process, 
Cu-containing  intermetallic  compounds  served  as 


cathodes,  creating  an  alkaline  environment  in  their 
vicinity,  thereby  accelerating  local  dissolution  of  Al  and 
leading  to  precipitation  of  Ce  oxide  and/or  Ce  hydrox¬ 
ide  around  these  compounds  [22,23].  Incorporation  of 
Mo  into  the  surface  film  occurred  during  anodic  polar¬ 
ization  in  Na2Mo04,  probably  by  interaction  between 
molybdate  and  aluminium  oxide  [24-26].  The  observed 
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Fig.  8.  Surface  morphology  of  A1  7075-T6/as-reccivcd,  modified  by  the  Ce  Mo  process,  after  exposure  to  0.5  M  NaCl  for  30  days. 


cracks  occurred  during  exposure  to  NaCl  and  not  dur¬ 
ing  treatment  in  the  modified  Ce-Mo  process. 

In  order  to  evaluate  further  the  effects  of  surface 
modification  on  the  resistance  to  localized  corrosion, 
anodic  polarization  curves  were  recorded  in  0.5  M  NaCl 
(open  to  air)  for  A1  7075  which  was  untreated  or  treated 
in  the  modified  Ce-Mo  process  in  Table  3.  The  polar¬ 
ization  behavior  in  NaCl  showed  that  the  increased 
pitting  resistance  of  the  modified  surface  was  due  to  the 
increase  of  the  pitting  potential  at  constant  T'eon  - 


The  anodic  polarization  curve  for  A1  7075/as-received 
modified  by  the  Ce-Mo  process  shows  a  passive  region 
of  approximately  200  mV  (Fig.  11).  During  anodic  po¬ 
larization,  sudden  jumps  of  the  current  were  observed 
accompanied  by  the  formation  of  new  single  pits.  The 
passive  current  densities  ranged  from  1  to  5|.iAcm“-. 
This  polarization  behavior  is  very  different  from  that  for 
A1  7075-T6/as-received,  for  which  and  £^01-1  coincide 
(Fig.  11).  With  increasing  anodic  polarization,  the  cur¬ 
rent  dramatically  increased,  as  shown  in  Fig.  11,  as  pits 
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Energy  (KeV) 

Fig.  9.  Chemical  composition  of  surface  layers  on  A1  7075-T6/as-re- 
ceived,  modified  by  the  Ce-Mo  process:  (a)  unexposed  surface;  (b) 
corrosion  spot  after  exposure  to  0.5  M  NaCl  for  30  days. 

nucleated  and  grew.  The  observed  increase  in  is 
most  likely  the  result  of  changes  in  the  surface  chem¬ 
istry  of  the  modified  surface  layers,  on  which  weak 
spots,  which  would  lead  to  pit  initiation  for  untreated 
surfaces,  have  been  passivated  during  the  surface  mod¬ 
ification  process  by  the  formation  of  Ce  oxide/hydrox¬ 
ides  and  incorporation  of  Mo  species. 

3.3.  Al  2024ICu  removal 

Experimental  impedance  spectra  obtained  for  Al 
2024  treated  with  the  Cu  removal  step  according  to 
Table  2  are  presented  in  Fig.  12,  and  and  Q  are 
shown  as  a  function  of  exposure  time  in  Fig.  13.  Similar 
corrosion  behavior  was  determined  as  for  Al  7075  (Fig. 
3),  but  the  pitted  area  seemed  to  increase  faster  than  for 
Al  7075,  as  can  be  seen  from  the  increase  in  Q  from 
525.  to  1450  |iF  within  6  days  (Fig,  13)  (Eq.  (1)). 

3.4.  Cu  removal  I  Ce~  Mo  process 

The  results  in  Figs.  9  and  10  demonstrated  that  Ce 
and  Mo  can  be  incorporated  into  the  outer  surface 


Al  Ce 


Mo  Cu 

Fig.  10.  Elemental  mapping  for  Al  7075-T6  (sample  of  Fig.  8). 


layers  of  Al  7075  by  the  modified  Ce-Mo  process, 
leading  to  reduced  pit  initiation  and  propagation  rates. 
However,  localized  dissolution  due  to  the  presence  of 
AI2  Cu  intermetallic  compounds  could  not  be  eliminated 
to  the  extent  achieved  previously  for  Al  6061  [5-11].  In 
order  to  eliminate  completely  localized  corrosion  for  Al 
7075  and  Al  2024,  Cu  removal  (Table  2)  was  applied  as 
a  pretreatment  step  before  the  Ce-Mo  process.  It  had 
been  demonstrated  earlier  by  surface  analysis  that  Cu- 
containing  compounds  had  been  removed  from  the 
outer  surface  after  applying  the  Cu  removal  process 
[12].  The  surface  morphology  of  Al  7075  after  Cu 
removal  in  Fig.  14  shows  some  holes  from  which  Cu 
compounds  had  been  removed;  however,  the  remaining 
surface  was  fairly  smooth. 

Following  Cu  removal,  the  modified  Ce-Mo  process 
was  applied  to  Al  7075  and  Al  2024.  Impedance  spectra 
for  Al  7075  are  shown  in  Fig.  15.  For  a  test  period  of 
30  days,  no  measurable  corrosion  was  indicated  and  the 
impedance  remained  capacitive.  and  Cp  did  not 
change  significantly  with  exposure  time  (Fig.  16).  The 
constant  values  of  (about  lO^ohmcm^)  and  Cp 
(about  3  jiF  cm“")  demonstrate  that  the  modified  sur¬ 
face  is  resistant  to  pitting  in  0.5  M  NaCl. 

For  Al  2024,  a  significant  improvement  of  the  corro¬ 
sion  resistance  was  obtained  by  applying  the  modified 
Ce-Mo  process  after  Cu  removal.  For  a  sample  treated 
in  this  manner,  the  impedance  spectra  in  Fig.  17  were 
entirely  different  from  those  for  the  sample  from  which 
Cu  had  been  removed  but  the  Ce-Mo  Process  had  not 
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Fig.  11.  Polarization  curves  in  0.5  M  NaCl  for  Al  7075-T6,  iiiurealcd 
and  modified  by  the  Ce-Mo  process. 
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Fig.  13.  and  C\  for  A!  2024-T3  Cu  removal  as  a  function  of 
exposure  time  to  0,5  M  NaCl. 

been  applieci  (Fig.  12).  For  an  exposure  period  of  30 
days,  no  changes  in  the  surface  properties  due  to  corro¬ 
sion  were  indicated  by  EIS  (Fig.  17).  It  should  be 
mentioned  that  a  few,  very  small  pits  initiated  between 
4  and  7  days.  However,  after  1  week,  no  additional  pit 
initiation  was  observed  visually.  At  the  end  of  the  test, 
13  small  pits  were  identified  and  F  was  about 
6.5  X  10““‘M)  (.4p,t  =  0.026  cm-).  This  value  is  much 
smaller  than  that  for  the  sample  with  Cu  removal  only 
for  which  F  was  determined  as  8%  after  exposure  to 
0.5  M  NaCl  for  only  7  days  (Fig.  12).  For  Al  2024-T3/ 
as-received  or  after  Cu  removal,  the  pit  initiation  time 
was  determined  as  less  than  2  h  and  pits  spread  out  over 
the  surface  within  3  days.  In  terms  of  pit  initiation  time, 
resistance  of  localized  corrosion  was  increased  consider¬ 
ably  through  application  of  the  Ce-Mo  process  after 
Cu  removal. 

A  further  modification  of  the  Ce-Mo  process  consists 
in  immersion  in  hot  Ce  acetate  ((CH3CO2  )3Ce),  anodic 
polarization  in  Na2Mo04  and  immersion  in  hot 
Ce(N03)3  (Table  4).  Excellent  results  were  obtained  for 
Al  2024  after  the  Cu  removal  step  during  immersion  in 
0.5  M  NaCl  for  30  days  (Fig.  18).  The  impdance  data 
did  not  show  any  significant  changes  between  the  first 
and  the  last  day  of  exposure,  remaining  capacitive, 
which  is  typical  of  passive  surfaces.  remained  close 
to  4  X  10^  ohm  cm-  and  Cp  increased  slightly  from  7  to 
9  pF  cm“-  (Fig.  19).  Anodic  polarization  curves  showed 
that  Epji  for  Al  2024  increased  after  Cu  removal  at 
constant  and  treatment  according  to  Table  4  with 
Vass  <  1  4^  crti  -  (Fig.  20).  It  is  obvious  that  the  surface 
modification  procedure  in  Table  4  produces  oxides 
layers  on  Al  2024  of  outstanding  resistance  to  a  very 
aggressive  solution  such  as  0.5  M  NaCl  (open  to  air). 

4.  Conclusions 


Fig.  12.  Impedance  spectra  for  Al  2024-T3  Cu  removal  as  a  function 
of  exposure  time  to  0'.5  M  NaCl. 


'‘Stainless”  aluminum  alloys  with  exceptional  resis¬ 
tance  to  localized  corrosion  can  be  prepared  by  surface 
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Fig.  14.  Surface  morphology  of  A1  7075-T6/Cu  removal. 
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Fig.  15.  Impedance  spectra  of  A1  7075-T6/Cu  removal,  treated  by  the 
Ce-Mo  process,  during  exposure  to  0.5  M  NaCl. 


Fig.  16.  Rp  and  CjJ  for  A1  7075-T6/Cu  removal,  treated  by  the 
Ce-Mo  process,  as  a  function  of  exposure  to  0.5  M  NaCl. 

modification.  For  A1  6061  and  6013,  the  original  Ce- 
Mo  process  {Ce(NO)3)3-CeCl3-Na2Mo04  was  very 
successful  in  preventing  pit  initiation  and  growth  for 
extended  time  periods.  The  modified  Ce-Mo  process 
improves  the  pitting  resistance  of  high-Cu  A1  alloys 
such  as  A1  2024  and  7075.  Very  corrosion-resistant 
surfaces  were  produced  for  A1  7075-T6.  However,  ow¬ 
ing  to  the  presence  of  AI2CU  intermetallic  compounds, 
pitting  corrosion  could  not  be  eliminated  completely 
and  localized  corrosion  still  occurred  to  a  minor  extent. 
By  applying  a  Cu  removal  pretreatment  step,  which 
removes  Cu-containing  compounds  from  the  outer  sur¬ 
face  layers  without  affecting  the  mechanical  properties, 
modified  surfaces  of  A1  7075-T6  were  produced  for 
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Fig.  17,  Impedance  spectra  of  A1  2024-T3/Cli  removal  treated  by  the 
Ce-Mo  process,  during  exposure  to  0.5  M  NaCl 

which  no  measurable  corrosion  was  observed  during  a 
period  of  exposure  of  30  days  to  0.5  M  NaCl. 

For  AI  2024-T3,  significant  improvements  in  the 
resistance  to  localized  corrosion  were  obtained  when 
the  Cu  removal  pretreatment  was  applied.  Use  of  Ce 
acetate  as  the  first  step  of  the  surface  modification 
process  and  replacement  of  CcCl^,  with  Ce(N03)3  re¬ 
sulted  in  excellent  resistance  of  pitting  in  0.5  M  NaCl. 
The  incorporation  of  Ce  and  Mo  in  the  outer  surface 
layers  reduces  the  susceptibility  to  localized  corrosion. 
Mo  and  Ce  are  concentrated  at  sites  where  Cu  precipi¬ 
tates  were  located,  thereby  reducing  the  extent  and 
activity  of  local  cathodes.  Ce  and  Mo  seem  to  produce 

Table  4 

Surface  modification  for  Al  2024-T3 
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Fig.  18.  Impedance  spectra  of  Al  2024-T3/Cu  removal  treated  by  the 
Ce-Mo  process  according  to  Table  4,  during  exposure  to  0.5  M  NaCl. 
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Fig.  19.  and  Cp  for  Al  2024-T3/Cli  removal  treated  by  the 
Ce-Mo  process  according  to  Table  4,  as  a  function  of  exposure  time 
to  0.5  M  NaCl 


Step  Treatment 

1.  Surface  modification  Immersion  in  4mH  (CH3C02)3  Ce  at  100  °C  for  1.5  h, 

by  (CH3C02)3Ce  then  rinsing  in  distilled  water 

2.  Surface  modification  Polarization  in  0.1  M  Na2Mo04  at  +100  mV  (vs.  mercury  sulfate 

by  Na2Mo04  reference  electrode)  for  2  h.  then  rinsing  in  distilled  water 

3.  Surface  modification  Immersion  in  lOmM  Ce{N03)3  at  I00°C  for  2  h, 

by  Ce(N03)3  then  rinsing  in  distilled  water 
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Fig.  20.  Polarization  curves  in  0.5  M  NaCl  for  A1  2024-T3,  untreated 
and  after  Cu  removal  and  surface  modification  by  the  Ce-Mo 
process  according  to  Table  4. 

synergistic  effects  by  a  mechanism  which  is  still  unclear. 
Further  work  in  defining  the  roles  of  Ce  and  Mo  in 
achieving  the  remarkable  improvements  in  corrosion 
resistance  reported  here  for  two  high-Cu  A1  alloys  is 
being  carried  out. 
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Abstract 


Fe203-Cr203  composite  oxide  thin  films,  that  is,  artificial  passivation  films,  with  various  Cr203  content  were  formed  on  Pt 
substrates  by  a  MOCVD  method.  The  rate  of  change  of  film  thickness  as  a  function  of  potential  was  examined  in  1  kmol  m  “ 
H2SO4  using  in-situ  ellipsometry  under  potentiostatic  control.  The  rate  of  thinning  can  be  divided  into  four  characteristic  ranges 
according  to  potential;  i.e,  the  range  of  the  reduction  dissolution  of  Fe203  component,  the  range  of  no  dissolution,  the  range  of 
the  field-assisted  dissolution  of  Fe203  component,  and  the  range  of  the  oxidation  dissolution  of  Cr203  component.  The  range  of 
no  dissolution  of  Fe203Cr203  composite  films  was  named  the  intrinsic  passivity.  The  anodic  polarization  curve  for  an  Fe-18Cr 
alloy  in  passive  and  transpassive  potentials  was  also  divided  into  four  characteristic  ranges  which  correspond  to  the  ranges  for  the 
artificial  passivation  films.  The  dissolution  behavior  of  passive  and  transpassive  films  can  be  explained  based  on  the  origin  of  the 
four  ranges.  It  was  presumed  that  passive  films  on  Fe-Cr  alloys  exhibit  their  intrinsic  nature  in  the  potential  range  of  the  intrinsic 
passivity. 

Keywords:  Artificial  passivation  film;  Fe203-Cr203  film;  MOCVD;  Ellipsometry;  Potentiostatic  control;  Passivity;  Transpassivity 


1.  Introduction 

A  knowledge  of  the  electrochemical  properties  of 
passive  films  is  indispensable  for  the  analysis  of  corro¬ 
sion  characteristics  of  stainless  steels.  It  is  hard,  how¬ 
ever,  to  get  exact  information  on  those  properties, 
because  most  passive  films  have  some  defects  resulting 
from  the  steel  matrices,  and  the  information  from  passi¬ 
vated  steels  contains  not  only  the  information  from  the 
passive  films  but  also  that  from  the  steel  matrices. 

A  means  to  overcome  this  difficulty  is  to  use  artificial 
passivation  films.  Artificial  passivation  films  are  the 
films  which  are  formed  to  simulate  the  composition  and 
nature  of  real  passive  films  on  metals  and  alloys  [1]. 
The  films  can  be  used  for  simulation  experiments  to 
estimate  the  dissolution  rate  of  passive  films  in  corrosive 
environments.  The  authors  synthesized  Fe203Cr203, 
Ni0-Cr203,  and  Fe203~Cr203-Ni0  artificial  passiva¬ 
tion  films  using  a  metal-organic  chemical  vapor  deposi¬ 
tion  (MOCVD)  method,  and  reported  quantitative 
relationships  between  the  dissolution  rate  and  the  com¬ 
position  of  the  films  in  5  kmol  m“^  HCl  [2,3]. 

It  is  well  known  that  the  dissolution  rate  of  stainless 
steels  changes  with  potential,  and  this  has  been  ex¬ 


plained  by  the  potential-dependent  dissolution  of  pas¬ 
sive  films  on  the  steels.  The  purpose  of  the  present 
study  is  to  obtain  quantitative  relationships  between  the 
dissolution  rates  and  the  electrode  potential  on  Fe203- 
Cr203  artificial  passivation  films  in  1  kmol  m  “  ^  H2SO4. 
Based  on  those  relationships,  correlations  between  the 
potential-dependent  dissolution  characteristics  of  the 
artificial  passivation  films  and  the  passivation  behavior 
of  Fe-Cr  alloys  are  discussed. 


2.  Experimental  details 

2/.  MOCVD 

Fe203~Cr203  composite  oxide  films  were  made  by  a 
MOCVD  technique.  Fe(III)  and  Cr(III)  acetylacetonate 
compounds,  i.e.  Fe(02C5H7)3  and  Cr(02C5H7)3,  were 
used  as  vapor  sources  and  heated  to  423  K  and  438  K, 
respectively  [4,5].  Water  vapor  was  used  as  reaction  gas 
and  N2  was  used  as  carrier  gas.  A  Pt  plate  of  25  mm  x 
15  mm  X  0.5  mm  was  used  as  a  substrate.  The  surface 
of  the  Pt  plate  was  finished  with  1-pm  diamond  paste 
and  degreased  ultrasonically  in  ethanol. 
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incidence  of  the  monochromatic  light  was  60.00°.  The 
polarizer  was  fixed  at  an  angle  of  45°.  The  analyzer  was 
rotated  at  an  angular  velocity  of  360  deg  s  The 
intensity  of  light  through  the  analyzer  was  measured 
by  a  photodiode  and  recorded  with  a  computer  as  a 
function  of  rotation  angle. 

In  the  measurements  of  ellipsometric  parameters, 
three-parameter  ellipsometry  was  employed  [6].  That  is, 
the  relative  phase  retardation  A,  the  relative  amplitude 
reduction  tani//  and  the  relative  reflectivity  change 
tsRlR  were  measured.  From  these  parameters  obtained, 
the  thicknesses  and  optical  constants  of  the  films  were 
calculated  using  Drude’s  exact  optical  equations. 


Fig.  1  shows  the  schematic  of  the  MOCVD  system. 
Each  source  was  heated  in  an  oil  bath,  and  the  source 
vapor  and  water  vapor  were  carried  into  a  reactor  cell 
by  the  carrier  gas.  Line  pipes  and  the  reactor  cell  were 
heated  to  473  K  by  tape  heaters  to  avoid  condensation 
of  vapor  source  in  the  system.  The  substrate  was  heated 
to  623  K  on  a  heater  and  horizontally  rotated  with  a 
moving  device  to  get  a  homogeneous  flow  of  the  vapor 
sources  on  the  substrate.  As  a  result,  oxide  films  with 
homogeneous  composition  in  depth  were  obtained.  The 
composition  of  the  films  was  controlled  by  the  flow  rate 
of  the  carrier  gas.  The  thickness  of  the  films  was 
adjusted  to  15-30  nm  by  controlling  the  deposition 
time. 

2.2.  Ellipsometry 

The  thickness  and  optical  constant  of  the  films  were 
determined  by  ellipsometry.  A  rotating-analyzer-type 
automatic  ellipsometer,  which  has  the  conventional  po¬ 
larizer-compensator-specimen  analyzer  configuration, 
was  used.  Fig.  2  shows  the  schematic  of  the  ellipso¬ 
meter  system  combined  with  an  electrochemical  polar¬ 
ization  system.  Monochromatic  light  of  wavelength 
546.1  nm  was  used  for  the  measurements.  The  angle  of 


2.2.  Inductively  coupled  plasma -emission  spectroscopy 
(ICPS)  analysis 

The  chemical  composition  of  composite  oxide  films 
was  determined  by  chemical  analysis:  the  films  were 
dissolved  under  anodic  polarization  in  5  x  10  “  m-^  of  1 
kmol  m“''  H2SO4,  and  this  solution  was  analyzed  by 
ICPS,  which  gave  the  content  of  the  Fe  and  Cr  in  the 
films,  and  The  cationic  mass  fraction  of  Fe 
and  Cr,  Xy^  and  of  the  films  were  calculated  from 
Wy,  and  14V,-,  for  example,  T,-,,  -  fFc’R/( 

2.4.  XPS  analysis 

The  oxidation  states  of  the  constituent  elements  of 
the  films  were  examined  by  X-ray  photoelectron  spec¬ 
troscopy  (XPS).  A  Mg  Ka,  2  X-ray  source  (1253.6  eV) 
was  operated  at  5  kV  and  30  mA.  The  photoelectron 
spectra  of  the  2p3,2  level  for  Fe  and  Cr,  and  the  Is  level 
for  C  and  O  were  measured.  The  measurement  of  the 
spectra  was  carried  out  under  a  pressure  of  5  x  10“  Pa 
at  room  temperature.  For  calibration  of  the  photo¬ 
electron  binding  energy,  the  Cls  peak  appearing  at 
285.0  eV  in  the  background  spectra  was  used. 

2.5.  Electrochemical  polarization  test 

Electrochemical  polarization  tests  of  the  films  were 
done  using  the  system  shown  in  Fig.  2.  The  electrolytic 
solution  was  1  kmol  m  “  FI2SO4  at  298  K.  A  Ag/AgCl 
(3.33  kmol  m"-"  KCl)  electrode  (0.206  V  vs.  SHE)  was 
used  as  a  reference  electrode. 

Changes  in  ellipsometric  parameters  as  a  function  of 
time  were  measured  on  the  films  at  each  set  potential. 
The  set  potential  was  increased  or  decreased  at  intervals 
of  0.1  V  from  the  corrosion  potential.  Continuous 
measurements  as  a  function  of  potential  on  the  same 
specimen  were  performed  on  Fe203  or  Cr203  single 
oxide  films.  On  the  other  hand,  discontinuous  measure¬ 
ments  were  done  on  Fe203-Cr203  composite  oxide 
films;  i.e.  specimens  were  exchanged  at  each  set  poten- 
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tial  because  of  the  change  in  the  surface  composition 
of  specimens.  Holding  times  at  each  set  potential 
were  2  and  4  ks  for  single  and  composite  oxide  films, 
respectively. 

Potentiodynamic  anodic  and  cathodic  polarization 
curves  were  also  measured  on  single  and  composite 
oxide  films  under  a  dark  room  light  illumination.  The 
scan  rate  was  0.38  mV  s^h 


3.  Results 

3.1.  XPS  analysis  of  Fe20^-Cr203  composite  films 

The  XPS  spectra  of  Fe  2p3/2,  Cr  2p3;2,  and  O  Is  levels 
for  a  Fe203-Cr203  (Vcr  =  0.43)  composite  oxide  film 
are  shown  in  Figs.  3(a),  3(b)  and  3(c),  respectively.  The 
Fe  2p3/2  spectrum  of  the  film  exhibits  a  main  peak  at 
71 1.2  ±0.1  eV,  which  is  close  to  the  peaks  of  a-  and 
7-Fe203  (711.0-711.2  eV)  in  the  literature  [7,8].  There 
is  no  peak  component  at  708.3-709.7  eV  which  is 
ascribed  to  Fe^"^  species  in  the  film  [7,8].  Therefore,  Fe 
exists  in  the  film  as  Fe^  +  ions.  The  Cr  2p3/2  spectrum  of 
the  film  exhibits  a  main  peak  at  577.2  ±0.1  eV,  which 
is  close  to  the  peak  of  a-Cr203  (576.52  eV)  [9]  and 
Cr(OH)3  (577.03  eV)  [9].  This  means  Cr  exists  in  the 
film  as  Cr^^  ions.  The  O  Is  spectrum  of  the  film 
exhibits  a  strong  peak  at  530.2  eV  and  weak  shoulders 
at  about  531.8  eV  and  about  533.4  eV,  which  are 
assigned  to  0^“,  OH“  and  H2O  species,  respectively 
[7-10].  This  indicates  O  in  the  film  exists  as  0^“, 
OH  - ,  and  H2O. 

From  XPS  analysis  of  passive  films  on  Fe-Cr  and 
Fe-Cr-Ni  alloys  in  acid  solutions,  it  has  been  shown 
that  Fe,  Cr,  and  O  in  the  films  exist  as  Fe^^  and  Fe-^"^, 
Cr^^,  and  and  OH“,  respectively  [11-16].  While 
in  the  passive  films  formed  in  neutral  solutions,  Fe 
mostly  exists  as  Fe^+  [17].  Therefore,  the  oxidation 
states  of  constituent  elements  in  the  Fe203-Cr203  com¬ 
posite  oxide  films  are  analogous  to  those  in  passive 
films  on  Fe— Cr  and  Fe— Cr— Ni  alloys.  The  OH“  and 


Binding  energy  /  eV  Binding  energy /eV  Binding  energy  /  eV 


Fig.  3.  XPS  spectra  for  Fe203-Cr203  (Xcr  =  0.43)  composite  film. 


Fig.  4.  Anodic  and  cathodic  polarization  curves  for  Fe203,  Cr203  and 
Fe203-Cr203  films  in  1  kmol  m”^  H2SO4. 


H2O  contents  of  the  composite  oxide  films  are,  how¬ 
ever,  substantially  lower  than  those  of  passive  films  on 
the  alloys. 

3.2.  Polarization  curves  of  Fe202-Cr202  composite 
films 

Potentiodynamic  anodic  and  cathodic  polarization 
curves  for  Fe203,  Cr203  and  Fe203-Cr203  films  in 
1  kmol  m"^  H2SO4  are  shown  in  Fig.  4.  The  anodic 
polarization  curve  for  the  Fe203  film  has  a  very  low 
current  region  between  0.5  V  and  1.0  V  which  reflects 
the  nature  of  an  n-type  semiconductor  [18].  The  current 
sharply  increases  because  of  oxygen  evolution  at  poten¬ 
tials  higher  than  1.5  V.  The  cathodic  polarization  curve 
for  the  Fe203  film  shows  a  large  current  increase  due  to 
the  reduction  of  the  film  at  potentials  lower  than  0.5  V. 
The  anodic  polarization  curve  for  the  Cr203  film  shows 
a  large  current  increase  due  to  the  oxidation  of  the  film 
to  Cr207^“  ions  at  potentials  higher  than  0.9  V.  The 
cathodic  polarization  curve  for  the  Cr203  film  has  a  very 
low  current  region  between  —  0.1  V  and  ±  0.7  V  which 
reflects  the  nature  of  a  p-type  semiconductor  [18].  The 
current  begins  to  increase  owing  to  the  hydrogen  evolu¬ 
tion  at  potentials  lower  than  -0.1  V.  The  anodic  and 
cathodic  polarization  curves  for  the  Fe203~Cr203  films 
move  toward  the  anodic  and  the  cathodic  polarization 
curves  for  the  Cr203  film,  respectively,  with  increasing 
Xcr  of  the  films.  This  reflects  changes  in  the  conduction 
type  and  the  chemical  nature  of  the  films. 

3.3.  Ellipsometric  analysis  of  Fe202-Cr202  films  under 
potentiostatic  polarization 

Changes  in  the  complex  optical  constant  n  —  k\  and 
thickness  as  a  function  of  time  t  for  the  Fe203  film  at 
a  cathodic  potential  of  0.3  V  in  1  kmol  m“^  H2SO4  are 
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Fig.  5.  Changes  in  optical  constant  n  —  k\  and  thickness  d  as  a 
function  of  time  t  for  Fe203  film  at  0.3  V  in  1  kmol  m"’^  H2SO4. 

shown  in  Fig.  5.  The  values  of  n  and  k  were  almost 
constant,  and  the  value  of  d  decreased  linearly  with 
time.  This  means  that  the  film  can  be  reduced  homoge¬ 
neously  without  any  change  in  the  film  composition. 

The  decrease  in  the  thickness  of  the  Cr203  film  due  to 
oxidation  dissolution  at  potentials  higher  than  1.1  V 
was  also  homogeneous  and  proportional  with  time. 

Changes  in  the  complex  optical  constant  n  —  k\  and 
thickness  as  a  function  of  time  t  for  the  Fe203-Cr203 
(Xcr  =  0.58)  film  at  a  cathodic  potential  of  0.2  V  in 


Analytical  limit  oi-Ad ! At 


1 0'^  '  - — * — ^ ^ ^ ^  ^  1 0'^ 

0.0  0.2  0.4  0.6  0.8  1.0  1.2  1.4  1.6  1.^ 

E  /  V  vs.  Ag/AgCI  (3.33  kmol-m’S  KCI) 

Fig.  7.  Change  in  decrease  rate  of  film  thickness,  -Ac/, A/,  and 
current  density,  /,  as  a  function  of  potential,  £,  for  Fe203  film  in 
Ikmolm  ’  H2SO4. 

I  kmol  m  ~  H2SO4  are  exhibited  in  Fig.  6.  The  value  of 
n  increased  and  that  of  k  decreased  slightly  with  time. 
The  value  of  d  decreased  sharply  at  the  beginning  of 
reduction  and  then  gradually  at  the  end  of  reduction. 
This  means  that  selective  reduction  takes  place,  accom¬ 
panying  the  change  in  film  composition.  Therefore,  the 
average  gradient  of  the  d  vs.  t  curve  at  the  beginning  of 
reduction  was  taken  for  the  thinning  rate  of  film  thick¬ 
ness,  —  MjlAt. 

The  thinning  rates  of  film  thickness  —  Ad /At,  thus 
obtained  as  a  function  of  potential  E  for  Fe203,  Cr203 
and  Fe203-Cr203  films  in  1  kmol  m“^  H2SO4  are 


E  /  V  vs.  Ag/AgCI  (3.33  kmol-m'^  KCI) 


Fig.  8.  Change  in  decrease  rate  of  film  thickness,  —Adi At,  and 
current  density,  /,  as  a  function  of  potential,  £,  for  Cr^O^  film  in 
1  kmol  m“^  F12S04. 


Fig.  6.  Changes  in  optical  constant,  n  —  k  /,  and  thickness,  c/,  as  a 
function  of  time,  /,  for  Fei03~Cr203  film  =  0.58)  at  0.2  V  in 
1  kmol  m~  ^  H2SO4 . 
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E  /  V  VS.  Ag/AgCI  (3.33  kmol-rn-^  KCi) 

Fig.  9.  Change  in  decrease  rate  of  film  thickness,  —Ad /'At,  as  a 
function  of  potential,  £,  for  Fe203-Cr203  films  in  Ikmolm-"^ 
H2SO4. 


Fig.  10.  Change  in  decrease  rate  of  film  thickness,  -Ad  I  At,  as  a 
function  of  cationic  fraction  of  Cr,  for  Fe203-Cr203  film  at 
1.2  V  in  1  kmolm""^  H2SO4. 

anodic  and  cathodic  polarization  curves  obtained  at  the 
same  time  under  the  illumination  of  monochromatic 
light  for  ellipsometry  are  also  given  in  the  figures. 

Fig.  7  shows  that  increases  in  —  AdjAt,  which  are 
due  to  field-assisted  dissolution  and  reduction  dissolu¬ 
tion,  occur  on  the  Fe203  film  at  potentials  higher  than 
1.0  V  and  lower  than  0.5  V,  respectively.  The  current 
density  of  the  anodic  polarization  curve,  which  contains 
photocurrent,  is  larger  than  that  in  Fig.  4. 

Fig.  8  shows  an  increase  in  —  Ad! At ,  which  is  due  to 
oxidation  dissolution,  occurs  on  the  Cr203  film  at  po- 


Fig.  11.  Change  in  decrease  rate  of  film  thickness,  -Adi At,  as  a 
function  of  cationic  fraction  of  Cr,  Xcr,  for  F02O3“Fr2O3  film  at 
1.2  V  in  1  kmolm~^  H2SO4. 


tentials  higher  than  1 . 1  V.  There  is  a  slight  increase  in 
current  between  0.6  V  and  1.0  V.  This  increase  in 
current  is  not  due  to  dissolution  because  there  is  no 
increase  in  AdjAt. 

Fig.  9  shows  that  both  field-assisted  and  reduction 
dissolution  can  be  suppressed  by  increasing  Xcr  of 
Fe203-Cr203  films.  Oxidation  dissolution  is,  however, 
promoted  with  increasing  X^r-  The  decrease  in  the  rate 
of  reduction  dissolution  is  shown  in  Fig,  10  as  a 
function  of  Xcr  for  the  Fe203-Cr203  films.  Reduction 
dissolution  disappears  at  X^^^  values  larger  than  0.8. 
The  increase  in  the  rate  of  oxidation  dissolution  is 
shown  in  Fig.  11  as  a  function  of  Xcr  for  the  Fe203-- 
Cr203  films.  Oxidation  dissolution  is  suppressed  up  to 
Xcr  =  0-2  and  then  increases  exponentially  with  increas¬ 
ing  A^cr- 


4.  Discussion 

4.L  Reduction  dissolution  of  Fe20^film 

Reduction  dissolution  of  the  Fe203  film  is  thought  to 
occur  according  to  following  reactions  [19]  : 

2Fe"+  +3H20-Fe203-|-6H^  +2e  (1) 

=  0.728  -  0.1773pH  -  0.0591  log[Fe2  +  ] 

(V  vs.  NHE)  (2) 

The  value  of  £eq  calculated  by  assuming  [Fe^^]=  1 
in  1  kmol  m“^  H2SO4  (pH^i^O)  is  about  0.52  V  (vs. 
Ag/AgCl,  3.33  kmol  m“^  KCI).  This  value  corresponds 
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well  with  the  potential  at  the  onset  of  the  increase  in 
—  Ac!  I  At  in  the  cathodic  region  of  Fig.  7. 


4.2.  Field-assisted  dissolution  of  FejO-^  film 


The  dissolution  of  oxides  under  a  high  field  has  been 
explained  by  the  field-assisted  ion  transfer  mechanism 
given  by  Mott  and  Cabrera  [20,21]  and/or  the 
Helmholtz-layer  potential-difiference  mechanism  given 
by  Vermilyea  [22].  The  dissolution  rate  of  oxides  can  be 
expressed  by  the  Mott  and  Cabrera  mechanism  as 
follows: 


C,(ox)  =  /p,  o(ox)exp 


zaF  AE 


(3) 


where  /pe(ox)  is  the  dissolution  rate  of  Fe203,  /j.v.o(ox)  is 
the  exchange  current,  r  is  the  valence  of  the  ion,  a  is  the 
transfer  coefficient  of  the  ion,  F  is  the  Faraday  con¬ 
stant,  R  is  the  gas  constant,  T  is  the  absolute  tempera¬ 
ture,  AE  is  the  potential  difierence  across  the  film,  and 
is  the  film  thickness.  The  dissolution  rate  of  oxides 
expressed  by  the  Vermilyea’s  mechanism  is  as  follows: 


f-aF 

/p,(ox)  =  /V,.o(ox)exp(  ^  f 


(4) 


where  ^ipp  is  the  potential  difference  across  the 
Helmholtz  layer.  Both  mechanisms  suggest  that  the 
increase  in  film  dissolution  occurs  without  the  oxidation 
of  Fe  ions.  The  increase  in  —  AdjAt  at  high  potentials 
in  Fig.  7  should  correspond  to  this.  Field-assisted  disso¬ 
lution  of  the  Fe203  film  begins  at  0.8  V,  as  shown  in 
Fig.  9,  which  shows  results  obtained  using  fresh  speci¬ 
mens  at  each  potential. 


4.3.  Oxidation  dissolution  of  0x0  film 


E  /  V  vs.  Ag/AgCI  (3.33  kmol-m-SKCl) 


I  :  Passivity  with  reduction  dissolution 

II  :  Intrinsic  passivity 

III  :  Passivity  with  field-assisted  dissolution 

IV  :  Passivity  with  oxidation  dissolution 

(transpassivity) 

Fig.  12.  Four  ranges  of  decrease  rate  of  film  thickness,  —Ad: At.  vs. 
potential.  E.  curve. 


reduction  dissolution  of  Fe203  below  0.4  V,  no  dissolu¬ 
tion  between  0.4  V  and  0.8  V,  field-assisted  dissolution 
of  Fe203  between  0.8  V  and  1.1  V,  and  oxidation 
dissolution  of  Cr203  above  1.1  V.  These  ranges  are 
labeled  here:  (a)  passivity  with  reduction  dissolution 
(range  I),  (b)  intrinsic  passivity  (range  II),  (c)  passivity 
with  field-assisted  dissolution  (range  III),  and  (d)  pas¬ 
sivity  with  oxidation  dissolution  (transpassivity,  range 
IV),  respectively,  and  are  shown  schematically  in  Fig. 
12.  Such  dissolution  behavior  of  Fe203-Cr203  artificial 
passivation  films  should  reflect  the  behavior  of  in-situ 
passive  films  on  Fe-Cr  alloys. 


The  anodic  oxidation  dissolution  of  the  Cr203  film 
can  be  expressed  by  the  following  reaction  [23]: 

Cr203  +  4H2O  =  Cy.O-j  -  +  8H  +  +  6e  (5) 

E,^  =  1 . 1 68  -  0.0788pH  -F  0.0098  log[CR20^  ] 

(V  Rv.  NHE)  (6) 

The  value  of  E^.^^  calculated  by  assuming  [CisO^"  ]  =  1 
in  1  kmol  m  “  -'^  H2SO4  (pH  ^  0)  is  about  0.96  V  (vs. 
Ag/AgCl,  3.33  kmol  m  ^  KCl).  This  value  corresponds 
well  with  the  potential  at  the  onset  of  the  increase  in 
—  Adi  At  in  the  anodic  region  of  Fig.  8. 

4.4.  Dissolution  ranges  of  Fe 20^- O’ 20:^  artificial 
passivation  films 

A  —AdjAt  vs.  E  curve  for  a  Fe203- €1*203 
(Ac- =  0.39)  film  has  four  characteristic  ranges,  as 
shown  in  Fig.  9;  i.e.  the  ranges  which  correspond  to 


4.5.  Dissolution  range  of  real  passive  film  on  Fe-Cr 
alloy 

The  four  characteristic  dissolution  ranges  of  Fe203- 
€1*203  artificial  passivation  films  were  superimposed  on 
the  anodic  polarization  curve  of  a  high-purity  Fe-18€r 
alloy  (€,  0.0054  wt.%;  N,  0.0005  wt.%;  Mn,  less  than 
0.001  wt.%;  Si,  0.003  wt.%)  in  de-aerated  1  kmol  m“'^ 
H2SO4  at  298  K.  The  result  is  shown  in  Fig.  13.  The 
change  of  the  /  vs.  E  curve  in  the  passivity  and  trans¬ 
passivity  regions  in  Fig.  13  is  very  similar  to  that  of  the 
—  AdjAt  vs.  E  curve  for  the  artificial  passivation  films 
shown  in  Figs.  9  and  12.  A  small  increase  of  /  in  range 
I  can  be  explained  by  the  degradation  of  the  passive 
film  owing  to  reduction  dissolution  of  the  Fe203  com¬ 
ponent  of  the  film.  The  passive  film  in  this  range  should 
be  slightly  porous.  A  current  minimum  is  observed  in 
range  II,  where  there  is  no  dissolution.  The  passive  film 
in  this  range  should  be  compact.  A  gradual  increase  of 
i  with  potential  in  range  III  can  be  assigned  to  field- 
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I  :  Passivity  with  reduction  dissolution 

II  ;  Intrinsic  passivity 

III  :  Passivity  with  field-assisted  dissolution 

IV  :  Passivity  with  oxidation  dissolution 

(transpassivity) 

Fig.  13.  Four  ranges  of  anodic  polarization  curve  for  Fe-18Cr  alloy 
in  1  kmol  H2SO4. 


assisted  dissolution  of  the  Fe203  component  of  the  film. 
The  passive  film  should  become  slightly  porous.  A  large 
increase  of  i  in  range  IV  is  due  to  oxidation  dissolution 
of  the  Cr203  component  of  the  film.  The  passive  film 
(transpassive  film)  here  should  be  very  porous.  Such 
supposed  structures  of  passive  films  on  Fe-18Cr  alloy 
are  schematically  given  in  each  range  of  Fig.  14.  The 
passive  films  on  Fe-Cr  alloys  should  exhibit  their 
intrinsic  nature  in  the  intrinsic  passivity  range  (range  II) 
where  there  is  no  dissolution  of  Fe203-Cr203  films. 


I:  Film  is  porous  due  to  reduction  dissolution  of  Fe203 
II:  Film  is  compact  without  dissolution  of  both  Cr203  and  Fe203 
III:  Film  is  slightly  porous  due  to  field-assisted  dissolution  of  Fe203 
IV:  Film  is  porous  due  to  oxidation  dissolution  of  Cr203 

Fig.  14.  Supposed  structure  of  passive  films  on  Fe-18Cr  alloy  in  four 
potential  ranges  in  1  kmolm"^  H2SO4. 


5.  Conclusions 

(1)  Fe203  films  show  reduction  dissolution  at  poten¬ 
tials  lower  than  0.4  V  and  field-assisted  dissolution  at 
potentials  higher  than  0.8  Y. 

(2)  Cr203  films  show  no  reduction  dissolution  at 
potentials  in  the  cathodic  region,  and  oxidation  dissolu¬ 
tion  at  potentials  higher  than  1.1  V. 

(3)  Fe203-Cr203  composite  films  show  reduction 
dissolution  at  potentials  lower  than  0.4  V  and  field-as¬ 
sisted  and  oxidation  dissolution  at  potentials  higher 
than  0.8  V  and  1.1  V,  respectively. 

(4)  Reduction  dissolution  can  be  suppressed  with 
increasing  Cr203  content  of  Fe203-Cr203  composite 
films. 

(5)  The  intrinsic  passivity  range  was  recognized  for 
Fe203-Cr203  composite  films  in  the  potential  region 
between  0.4V  and  0.8  V. 

(6)  The  passive  current  of  Fe-Cr  alloy  exhibits  a 
minimum  in  the  potential  range  corresponding  to  the 
intrinsic  passivity  of  Fe203-Cr203  composite  film. 
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Abstract 

To  improve  the  corrosion  resistivity  of  steels,  the  effect  of  oxide  coating  has  been  studied.  Various  oxides  were  coated  on 
stainless  steels  by  r.f.  sputtering  and  corrosion  properties  of  the  steels  were  examined  in  acidic  solutions.  Structural  defects, 
pinholes,  were  inevitable  in  the  sputter-coated  oxides.  The  defect  probability  was  determined  by  electrochemical  measurements 
and  direct  observations  using  a  liquid  crystal.  The  anodic  current  was  analyzed  assuming  current  flow  through  the  defects.  The 
corrosion  properties  were  discussed,  taking  the  electrical  charge  on  the  surface  of  oxides  in  solutions  into  account. 

Keywords:  Oxide  coating;  Pinhole;  pH  of  zero  charge;  Stainless  steel;  Corrosion 


1.  Introduction 

Stainless  steel  with  its  passivation  film  has  high  cor¬ 
rosion  resistivity,  and  has  been  used  without  surface 
coatings.  In  recent  years,  however,  various  surface  coat¬ 
ings  were  developed  also  for  stainless  steel  with  various 
intentions  [1],  Oxide  coating  is  one  of  the  interesting 
treatments  for  realizing  high  corrosion  resistivity  and 
good  surface  appearance.  Oxides  or  hydroxides  are 
naturally  formed  on  stainless  steels,  but  their  composi¬ 
tion  and  structure  are  determined  mostly  by  the  nature 
of  the  steel,  and  are  not  easily  modified.  By  a  dry 
process  of  coating  any  kind  of  oxide  film  can  be  formed 
on  any  substrate.  Studies  of  the  preformances  of  artifi¬ 
cially  formed  surface  films  are  sometimes  useful  for 
understanding  the  nature  of  natural  surface  films.  An 
oxide  surface  in  solution  has  its  specific  electrical  charge 
[2],  and  the  excess  surface  charge  has  been  known  to 
play  an  important  role  in  corrosion.  Natishan  et  al.  [3] 
studied  the  corrosion  properties  of  oxides  on  Al  formed 
by  ion  implantation,  and  showed  the  importance  of  the 
pH  of  zero  charge  of  the  oxide.  Sato  [4]  discussed  the 
properties  of  passivity  referring  to  the  ion  selectivity  of 
the  bilayered  structure  of  the  passivation  film.  Sugi- 
moto  [5]  formed  oxide  films  as  an  artificial  passivation 
film  to  study  the  nature  of  corrosion  resistivity.  Oxide 
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coating  is,  therefore,  interesting  both  from  the  technical 
viewpoint  of  improving  the  corrosion  resistivity  of 
steels  and  the  scientific  viewpoint  of  studying  the  passi¬ 
vation  and  corrosion  resistivity  of  materials. 

R.f.  sputtering  is  a  useful  way  of  forming  any  kind  of 
oxide  film  on  any  substrate.  In  this  study  single-  and 
double-layered  oxide  films  were  formed  on  stainless 
steels  by  r.f.  sputtering,  and  the  structural  defects  in  the 
films  and  the  effect  of  the  oxide  coating  on  the  corro¬ 
sion  properties  were  studied.  The  effect  of  pH  of  zero 
charge  of  the  oxides  in  solutions  on  the  corrosion 
properties  was  examined. 


2.  Experimental  details 

Various  oxide  films  were  coated  on  sheets  of  stainless 
steel,  types  410  and  304,  by  r.f.  sputtering.  The  sputter¬ 
ing  targets  were  oxides,  AI2O3,  Si02,  Ta2  05,  Ti02  and 
Zr02.  The  substrate  temperature  was  573  K,  and  the 
sputtering  gas  was  Ar  at  5.3  Pa.  The  X-ray  diffraction 
peaks  were  not  observed  from  most  of  the  oxide  films 
except  for  Ti02  and  Zr02.  The  thicknesses  of  the  oxide 
films  were  adjusted  to  about  1  pm.  Pairs  of  double¬ 
layered  oxide  films  were  also  prepared  by  changing  the 
coating  sequence  of  the  two  different  oxides. 
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Fig.  1.  Schematic  representation  of  the  defect  observation  method 
using  a  nematic  liquid  crystal. 


Since  structural  defects  were  inevitable  in  the  sputter 
coating  films,  the  pinhole  defect  was  observed  using 
dynamical  scattering  of  a  nematic  liquid  crystal  [6,7]. 
As  shown  in  Fig.  1  a  thin  layer  of  nematic  liquid  crystal 
was  inserted  between  the  coating  film  and  a  transparent 
electrode,  and  an  electrical  field  was  applied  between 
the  substrate  and  the  transparent  electrode.  When  pin¬ 
holes  exist  in  the  insulating  oxide  film,  electrical  current 
flows  through  the  pinholes  and  the  liquid  crystal.  The 
current  disturbs  the  alignment  of  the  molecules  of  the 
liquid  crystal,  and  this  disturbance  can  be  observed  by 
an  optical  microscope  from  the  transparent  electrode 
side. 

The  probability  of  the  pinhole  defects  was  also  deter¬ 
mined  by  an  electrochemical  method  proposed  by  Sugi- 
moto  [8],  which  measures  the  critical  passivation  current 
density  in  a  solution  of  0.5  kmol  m“-^  H2SO4  containing 
0.05  kmolm"  ^  potassium  thiocyanate  (KSCN). 

The  effect  of  coatings  on  corrosion  was  studied  by 
measuring  anodic  polarization  curves  in  sulphuric  acid 
solutions. 


3.  Results 

The  anodic  polarization  curves  measured  in  the  solu¬ 
tion  containing  KSCN  are  shown  in  Figs.  2  and  3  for 
the  substrate  steels  of  type  410  and  type  304  respec¬ 
tively.  The  polarization  curves  showed  distinct  active 
dissolution  peaks  before  passivation.  The  peak  current 
density  is  used  as  a  measure  of  defect  probability.  The 
defect  density  was  obtained  from  the  number  of  distur¬ 
bance  points  counted  in  the  observation  of  the  dynamic 


-0.8  -0.4  0  0.4  0.8 


Potential  A/  vs.  Ag/AgCI 

Fig.  2.  Anodic  polarization  curves  of  oxide-coated  410  stainless  steel 
measured  in  the  solution  of  0.5  kmol  m“-"  H2SO4  containing  KSCN. 

scattering  of  the  liquid  crystal.  The  relation  between  the 
critical  passivation  current  density  and  the  defect  den¬ 
sity  is  shown  in  Fig.  4.  A  good  linear  relation  is 
obtained.  Since  the  defect  probability  is  very  sensitive 
to  the  condition  of  the  r.f.  sputter  coating,  it  exhibits 
scatter  from  specimen  to  specimen  but  the  linear  rela¬ 
tionship  of  Fig.  4  remains. 

The  peak  current  densities  for  the  specimens  are 
shown  in  Fig.  5  referred  to  the  values  of  pH  of  zero 
charge  of  the  oxides  [9-15].  There  seems  no  correlation 
between  the  critical  passivation  current  density  and  pH 
of  zero  charge. 

Anodic  polarization  curves  were  measured  in 
0.5  kmol  m  H2SO4  for  specimens  with  a  single  layer 
of  oxide  films.  The  passive  current  densities  are  shown 
in  Fig.  6  as  a  function  of  the  pH  of  zero  charge  of  the 
oxides.  The  passive  current  density,  compared  to  the 
critical  passivation  current  density,  shows  rather  a  good 
correlation  with  the  pH  of  zero  charge:  the  passive 
current  is  lower  for  a  specimen  coated  with  an  oxide 


-0.4  0  0.4  0.8  1.2 


Potential  A/  vs.  Ag/AgCI 

Fig.  3.  Anodic  polarization  curves  of  oxide-coatcd  304  stainless  steel 
measured  in  the  solution  of  0.5  kmol  m“^  H2SO4  containing  KSCN. 
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Fig.  4.  Relation  between  the  two  types  of  defect  observation  meth¬ 
ods:  critical  passivation  current  density  measured  in  a  solution  con¬ 
taining  KSCN  and  observation  of  the  dynamical  scattering  of  the 
liquid  crystal. 

with  a  lower  value  of  pH  of  zero  charge,  although  the 
results  are  not  compared  for  the  specimens  with  equal 
defect  probability. 

Anodic  polarization  curves  were  also  measured  for 
specimens  with  double-layered  oxide  coatings.  Pairs  of 
double-layered  oxides  were  prepared  by  changing  the 
coating  sequence  of  the  oxides.  The  passive  current 
densities  are  shown  in  Fig.  7.  The  current  density  is  low 
for  the  specimen  with  an  oxide  of  higher  value  of  pH  of 
zero  charge  as  an  inner  coating  and  an  oxide  of  lower 
value  of  it  as  an  outer  coating.  Though  there  is  no  good 
correlation  with  the  difference  between  the  values  of  pH 
of  zero  charge  of  the  two  oxides,  the  coating  order  has 
a  distinct  effect  on  the  passive  current  density.  The 
passive  current  densities  for  the  double-layered  coatings 
were  measured  as  a  function  of  the  pH  of  the  measur¬ 
ing  solution.  The  results  are  shown  in  Figs.  8  and  9  for 


Fig.  6.  Relation  between  the  passive  current  density  of  the  oxide- 
coated  steels  and  pFI  of  zero  charge  of  the  oxide. 


the  pairs  of  oxides  Si02/Al2  03  and  Ta2  05/Al2  03.  The 
difference  in  passive  current  decreases  as  the  pH  value 
of  the  solution  increases,  and  for  some  pH  values  the 
difference  is  not  observable. 


4.  Discussion 

Since  the  oxides  coated  in  this  experiment  are  insula¬ 
tors,  the  current  measured  at  the  potential  of  anodic 
polarization  is  the  current  from  the  substrate  steel. 
Electrochemical  reactions  at  the  surface  of  the  oxide 
need  not  be  considered.  The  current  in  the  active  region 
is  very  high,  and  the  nature  of  the  inner  wall  of  the 
pinhole  of  the  oxide  has  little  influence  on  the  rate  of 
electrochemical  reactions.  The  results  of  Fig.  4  may  be 
understood  by  considering  only  pinhole  defects  in  the 
coating  films.  The  electrochemical  method  of  determin¬ 
ing  defect  probability  proposed  by  Sugimoto  has  a 


Fig.  5.  Relation  between  the  critical  passivation  current  density  of 
the  oxide-coated  steels  and  pH  of  zero  charge  of  the  oxide. 


Fig.  7.  Passive  current  densities  of  the  double-layered  oxide-coated 
steels;  a  pair  of  the  coated  oxides  is  compared  by  changing  the 
sequence  of  the  coating. 
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Fig.  8.  Change  of  the  passive  current  densities  of  steel  coated  with 
the  double-layered  oxides  AFO-,  and  Si2  0,  with  the  change  of  the 
solution  pH. 

significant  meaning  for  these  oxide  coatings.  To  decrease 
the  defect  probability  an  increase  in  the  thickness  of  the 
film  is  effective.  However,  the  defect  distribution  appears 
statistically,  and  it  is  difficult  to  produce  a  perfect  film 
by  r.f.  sputtering. 

The  passive  current,  on  the  other  hand,  is  low  and  is 
much  influenced  by  the  change  of  the  environment  inside 
the  pinhole.  The  electrical  charge  on  the  inner  wall  of  the 
pinhole  varies  with  the  change  of  the  oxide  and  the 
solution  pH.  The  cation  and  anion  distribution  in  the 
solution  inside  the  pinhole  is  modified  by  the  nature  of 
the  oxide.  On  the  inner  wall  of  the  pinhole  of  the  oxide 
with  a  high  pH  of  zero  charge,  a  positive  charge  exists, 
and  anions  can  easily  penetrate  into  the  pinhole.  Since 
the  solution  does  not  contain  halogen  ions,  the  anodic 
current  is  not  due  to  pitting  by  Cl  ~ .  The  passive  film  is 
formed  inside  the  pinhole,  and  the  rate  of  the  passive  film 
formation  is  limited  by  the  transfer  of  OH  “  .  The  supply 
of  anions  keeps  the  passivation  current  a  little  high. 


Fig.  9.  Change  of  the  passive  current  densities  of  steel  coated  with 
the  double-layered  oxides  AI2O3  and  Ta2  05,  with  the  change  of  the 
solution  pH. 


which  means  that  anion-selective  films  show  higher 
passive  currents.  For  the  double-layered  coating  the 
nature  of  the  outer  coating  may  regulate  the  passivation 
current.  The  anion-selective  film  of  the  outer  layer 
transports  OH  into  the  pinhole  and  keeps  the  passiva¬ 
tion  current  higher.  The  details  of  the  mechanism  are  not 
yet  clear,  but  the  change  of  passive  current  by  the 
sequential  order  of  the  oxide  coatings  may  be  explained 
as  an  effect  of  the  surface  charge  of  the  oxide.  Multilay¬ 
ering  is  one  of  the  ways  to  have  high  corrosion  resistiv¬ 
ity.  For  the  design  of  a  layering  coating  the  pH  of  zero 
charge  of  the  oxide  is  one  factor  to  be  taken  into 
account. 


5.  Conclusion 

Various  oxides  were  coated  on  stainless  steels  by 
sputtering,  and  their  effect  on  corrosion  has  been  stud¬ 
ied.  Pinhole  defects  were  inevitable  in  the  oxide  films. 
The  defect  probability  is  measured  by  an  electrochemical 
method  and  by  direct  observation  using  a  liquid  crystal. 
Both  results  showed  a  good  correlation.  The  passive 
current  densities  measured  during  the  anodic  polariza¬ 
tion  had  some  correlation  with  the  values  of  pH  of  zero 
charge  of  the  oxides.  This  effect  was  more  clearly  shown 
for  the  double-layered  oxide  coatings.  Specimens  coated 
with  an  oxide  with  a  larger  value  of  pH  of  zero  charge 
as  an  inner  coating  showed  a  lower  passive  current 
density.  This  effect  was  observed  for  all  pairs  of  the 
oxides  studied.  The  passivation  of  the  steel  occurs  at  the 
bottom  of  the  pinhole,  and  the  passivation  current  is 
influenced  by  the  excess  electrical  charge  on  the  inner 
wall  of  the  pinhole  in  the  oxide. 
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Abstract 

Stainless  steels  are  widely  used  for  architecture,  vehicles,  etc.  because  of  their  good  corrosion  resistance  and  surface  aesthetics. 
In  order  to  provide  additional  surface  functions,  such  as  decorative  colors,  we  have  developed  a  continuous  dry  coating  process, 
which  can  provide  stainless  steel  strip  with  a  multilayer  ceramic  or  metallic  coating.  In  this  paper,  the  role  of  the  environment  will 
be  discussed  from  two  different  points  of  view.  The  first  is  the  performance  of  these  coated  stainless  steels  in  corrosive  and 
mechanically  stressed  environments.  The  second  is  the  influence  of  the  plasma  environment  used  to  synthesize  the  coating 
materials  on  the  quality  of  thin  films. 

Keywords:  Surface  modification;  Plasma-assisted  CVD;  Sputtering;  Ion  plating;  Stainless  steel 


1.  Introduction 

Stainless  steels  are  used  in  architectural,  automotive 
and  chemical  processing  applications  because  of  their 
good  corrosion  resistance,  clean  appearance  and  work¬ 
ability.  Coating  these  metals  with  ceramics,  other 
metals  or  alloys  adds  innovative  surface  functions, 
such  as  insulation  or  dielectric  properties,  aesthetic 
appeal  and  optical  characteristics.  In  order  to  develop 
these  additional  surface  functions,  a  combined  pro¬ 
cess  utilizing  sputtering,  ion  plating  and  plasma- 
assisted  chemical  vapor  deposition  (PACVD)  has  been 
assessed. 

Thin  film  processes  that  use  ion  and  low-temperature 
plasmas  are  commonly  applied  to  modify  the  surface 
characteristics  of  materials.  Unfortunately,  handling 
problems  associated  with  many  toxic  coating  materials 
and  the  severe  process  requirements,  such  as  high  vac¬ 
uum  or  material  purity,  have  limited  the  large-scale 
production  use  of  ion  and  plasma  deposition  tech¬ 
niques.  We  have  developed  a  dry  coating  process  that 
combines  ion  plating,  sputtering  and  PACVD  in  a 
tandem  arrangement  to  coat  continuously  coils  of  ma¬ 
terial  on  a  semi-production  scale  [1]. 
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The  above  three  processes  have  been  selected  since 
they  generally  give  dense  and  adherent  films.  However, 
each  coating  process  has  its  own  limitations.  For  exam¬ 
ple,  stainless  steel  coated  with  Si02  or  Si3N4  by 
PACVD  shows  higher  corrosion  resistance  than  that 
coated  by  sputtering;  in  addition,  the  applicability  of 
PACVD  is  limited  by  the  availability  of  coating  materi¬ 
als  in  the  form  of  gases  [2].  Therefore  the  combination 
of  the  above-mentioned  three  processes  is  particularly 
meaningful. 

By  eliminating  exposure  to  external  environments, 
the  tandem  arrangement  allows  improvements  in  con¬ 
ventional  coating  systems.  It  also  creates  a  procedure 
for  developing  new  composite  materials  by  allowing 
different  materials  to  be  sequentially  coated.  Although 
our  coating  process  is  compatible  with  many  materials, 
we  have  used  it  to  coat  stainless  steel  strip. 

In  this  paper,  the  role  of  the  environment  will  be 
discussed  from  two  different  points  of  view.  The  first  is 
the  performance  of  the  coated  stainless  steels  in  corro¬ 
sive  and  mechanically  stressed  environments.  The  sec¬ 
ond  is  the  influence  of  the  plasma  environment  used  to 
synthesize  the  coating  materials  on  the  quality  of  thin 
films. 
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2.  Experimental  details 

2,7.  Substrate 

The  materials  used  in  this  study  were  commercially 
available  cold-rolled  type  304  and  430  stainless  steels, 
which  are  the  most  versatile  stainless  steels,  and 
YUS180  (19Cr-0.3Ni-0.4Cu-0.4Nb,  low  carbon  and 
nitrogen),  which  is  widely  used  in  outdoor  applications. 
These  materials  were  received  as  bright  annealed  (BA) 
sheet. 

2.2.  Pretreatment 

Before  deposition,  the  specimens  were  pretreated  by 
one  or  a  combination  of  the  following  methods:  (1)  no 
treatment;  (2)  acetone  ultrasonic  cleaning;  (3)  ion  bom¬ 
bardment;  (4)  sputter  etching;  (5)  nitric  acid  pretreat¬ 
ment  [3].  Ion  bombardment  and  sputter  etching 
eliminate  the  surface  contamination  and,  as  a  result, 
improve  the  adhesion  of  deposited  layers.  The  nitric 
acid  pretreatment  was  employed  to  stabilize  the  pre-ex¬ 
isting  passive  film  on  stainless  steels  [4]  and  thus  to 
make  the  interface  between  the  deposited  layer  and  the 
stainless  steel  more  resistant  to  corrosion.  In  this  treat¬ 
ment,  stainless  steel  was  oxidized  using  5%  HNO3  at  35 
mA  cm  ~  “  for  40  s. 

2.2.  Coating  processes  and  conditions 

Three  deposition  processes,  i.e.  ion  plating,  sputter¬ 
ing  and  PACVD,  were  employed  in  this  study.  The  first 
set  of  processes  was  performed  in  a  batch  coating 
apparatus  for  small  sample  fabrication.  This  was  used 
to  investigate  the  basic  properties  of  metal-  or  ceramic- 
coated  stainless  steels.  The  details  of  these  batch  pro¬ 
cesses  and  typical  operating  conditions  are  listed  in 
Table  1  [2]. 


Table  1 

Batch  coating  processes  and  typical  deposition  conditions  [2] 


Process 

Deposition  conditions 

Ion  plating 

HCD;  p=  1.06  Pa  (8  mTorr);  maximum  power,  16  kW 
Electron  beam:  maximum  power,  1  kW 

D.c.  bias:  maximum,  2  kV 

Maximum  temperature,  300  °C 

Sputtering 

R.f.  or  d.c.  magnetron  sputtering:  /?  =  0.67  Pa  (5  mTorr) 
maximum  power,  3  kW;  maximum  temperature,  700  °C; 
target  diameter,  15.2  cm 

PACVD 

Capacitively  coupled  plasma:  p=  13.3  Pa  (0.1  Torr); 
maximum  power,  500  W;  maximum  temperature,  500  °C 
d.c.  bias:  maximum,  1.5  kV;  electrode  size, 

1 0  cm  X  1 0  cm 

HCD:  hollow  cathode  discharge. 


PAY-OFF  ION  TAKE-UP 

CHAMSER  BOM'BAROMENT  CHAMiER 


Fig.  1.  Schematic  diagram  of  the  in-line  dry  coating  process  [1], 


The  second  of  the  processes  is  a  continuous  dry 
coating  process  installed  at  Hikari  Works  on  a  semi¬ 
production  scale.  This  process  is  illustrated  schemati¬ 
cally  in  Fig.  1.  The  three  units  are  made  continuous 
through  extremely  narrow  slits,  typically  5-15  mm.  The 
substrate  of  stainless  steel  strip  is  passed  along  the  line 
in  contact  with  rolls  on  its  top  surface  and  is  coated  on 
its  bottom  surface.  The  ion  plating  and  sputtering 
chambers  are  located  adjacent  to  each  other  because 
they  have  very  similar  operating  pressures.  PACVD 
differs  so  much  in  operating  pressure  from  the  other 
two  processes  that  a  four-compartment  differential 
pressure  chamber  is  provided  between  the  sputtering 
and  PACVD  chamber  [5].  The  substrate  conditions  are 
as  follows;  material,  cold-rolled  stainless  steel  in  coil; 
thickness,  0.1 -0.5  mm;  width,  370  mm;  coil  length,  300 
m.  The  substrate  transfer  conditions  are  as  follows: 
substrate  temperature,  maximum  of  300  °C  for  ion 
plating  and  sputtering,  maximum  of  420  °C  for 
PACVD.  The  coating  conditions  for  five  different  com¬ 
binations  of  steel  substrate  and  coating  material  are 
summarized  in  Table  2. 

2.4.  Evaluation 

2.4.  L  Measurement  of  coating  thickness 

The  thickness  of  the  coatings  was  measured  by  either 
a  surface  profilometer  (DEKTAK)  or  ellipsometry  in 
the  case  of  transparent  films. 

2.4.2.  Ancdysis  of  coating  composition 

The  compositions  of  the  films  were  analyzed  by 
X-ray  photoelectron  spectroscopy  (XPS)  or  glow  dis¬ 
charge  spectroscopy  (GDS).  The  argon  content  coming 
from  the  processing  gas  was  measured  by  Rutherford 
backscattering  spectrometry  (RBS). 

2.4.3.  Corrosion  resistance 

Specimens  were  tested  by  atmospheric  exposure  on  a 
rack  placed  5  m  from  the  sea  and  1  m  above  the  ground 
for  coatings.  The  modified  salt  spray  test  (MST, 
5%NaCl  -F  0.2%H202,  35  °C,  24  h)  was  also  utilized  as 
an  accelerated  test  to  assess  the  saline  environment 
corrosion  resistance.  The  degree  of  corrosion  degrada¬ 
tion  in  the  above  methods  was  measured  and  rated  by 
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Table  2 

In-line  dry  coating  process  and  deposition  conditions  for  typical  coating  materials  [1] 


Coating 

species 

Process 

R.f.  power  of 

HCD  current 

Pressure 

(Pa) 

Substrate 

Temperature 

(“C) 

Speed 
(m  min“*) 

General  applications 

AUO, 

Sputtering 

5kW 

0.133  (1  X  10--’Torr) 

200 

0.1 

Cr 

Sputtering 

5kW 

0.133  (1  X  10--’Torr) 

200 

0.1 

SiO. 

PACVD 

35  kW 

26.6  (2xl0~'Torr) 

250 

0.08 

TiN 

Ion  plating 

280  A  ( X  2) 

0.133  (1  X  lO-’Torr) 

260 

0.4 

TiC 

Ion  plating 

250A(x2) 

0.133  (1  X  10-^Torr) 

260 

0.4 

Insulation 

AUO3 

Sputtering 

1.25-5  kW 

0.133  (1  X  10-^Torr) 

200 

0.01 

visual  inspection  of  the  substrate  after  the  corrosion 
test  as  described  elsewhere  [6].  The  anodic  polariza¬ 
tion  of  the  coating  was  measured  with  a  potentiome¬ 
ter  in  0.1  N  NaCl  solution. 

2.4.4.  Wear  resistance 

The  wear  resistance  of  each  coating  was  tested  by 
placing  alumina  paste  between  a  piece  of  felt  and  the 
coated  surface  of  a  specimen  and  repeatedly  rubbing 
the  two  together  under  a  load  of  200  gf  cm~^.  The 
change  in  color  before  and  after  the  test  was  measured 
using  differential  colorimetry, 

2.4.5.  Mechanical  test 

Adhesion  was  studied  using  a  modified  scratch  test 
with  a  steadily  increasing  load.  We  have  modified  a 
conventional  CSEM-Revetest  unit  to  observe  how  the 
film  is  scratched  in  situ  [7],  Using  this  equipment,  we 
can  observe  the  change  in  acoustic  emission  (AE)  and 
the  real-time  image  of  the  film  detachment  and  detect 
accurately  the  critical  load  (L^)  value  of  the  films.  The 
scratch  conditions  employed  in  this  study  were  as  fol¬ 
lows:  radius  of  the  diamond  indenter  tip,  0.8  mm;  rate 
of  increase  in  load,  100  N  min“*;  rate  of  traversal  of 
the  table  on  which  the  specimens  were  mounted,  10  mm 
min“^;  AE  sensitivity,  2.0. 

The  hardness  was  measured  by  a  Vickers  microinden¬ 
tation  tester  using  a  low  indentation  load  of  5  gf. 

The  internal  stresses  were  measured  by  the  curvature 
of  the  bent  substrate  (a  Pyrex  glass  disk  0.5  mm  thick 
and  25  mm  in  diameter)  caused  by  the  internal  stress  of 
the  film  on  it  [8],  The  curvature  of  the  substrate  was 
measured  by  a  surface  profilometer.  The  internal  stress 
was  calculated  using  Stoney’s  equation  [9]. 

2.4.6.  Electric  insulation 

Aluminum  electrodes,  5  mm  in  diameter,  were  evapo¬ 
rated  over  the  AI2O3  coatings  and  the  electric  resistance 
between  the  aluminum  electrodes  and  the  substrates 
was  measured  by  an  insulation  resistance  tester  [10]. 


3.  Results  and  discussion 

3.1.  General  properties  of  the  coatings 

3.1.1.  Coating  composition 

The  XPS  results  are  summarized  in  Table  3  for  five 
typical  coating  materials  produced  by  the  continuous 
coating  process.  The  [0]/[Al]  ratio  of  the  AI2O3  coating 
was  around  1.5 -1.6,  which  is  roughly  equal  to  the 
stoichiometric  ratio  of  alumina.  The  [0]/[Si]  ratio  of  the 
Si02  coating  was  slightly  oxygen  deficient.  The 
chromium  coating  contained  oxygen  at  the  surface, 
although  it  was  vapor  deposited  as  metallic  chromium. 
The  composition  of  TiN  was  approximately  equal  to 
the  stoichiometric  ratio.  However,  TiC  was  intention¬ 
ally  deposited  with  a  high  carbon  content  to  develop 
the  decorative  black  color. 

3.1.2.  Corrosion  resistance 

Of  the  coating  materials  and  processes  investigated  in 
this  study,  Si02  and  Si3N4  coatings  produced  by 
PACVD  were  found  to  be  the  most  suitable  for  corro¬ 
sion  resistance.  Table  4  shows  the  corrosion  resistance 
of  Si02-  and  Si3N4-coated  type  430  stainless  steels 
evaluated  by  a  modified  salt  spray  test.  From  the  table, 
it  is  clear  that  a  thickness  of  0.1  pm  or  more  is  enough 
to  increase  the  corrosion  resistance  of  these  ceramic- 
coated  type  430  stainless  steels  well  above  the  level  of 


Table  3 

Atomic  ratios  of  coatings  (XPS)  [1] 


Coating 

species 

Atomic 

ratio 

Depth  (pm) 

0.002 

0.006 

0.02 

AI2O3 

[0]/[Al] 

1.54 

1.53 

1.55 

Cr 

[0]/[Cr] 

12.76 

6.66 

1.50 

SiO, 

[0]/[Si] 

1.74 

1.39 

1.27 

TiN 

[N]/[Ti] 

1.05 

1.05 

1.07 

TiC 

[C]/[Ti] 

3.82 

3.58 

3.20 
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Table  4 

Corrosion  resistance  of  Si02-  and  Si3N4-coated  type  430  stainless  steel 
by  batch  process  [2] 


Material 

Process 

Pretreatment 

Thickness 

(pm) 

Corrosion 

resistance'* 

430BA 

_ 

_ 

_ 

F 

430BA 

Nitric  acid 

— 

D 

SiO. 

PACVD 

— 

0.1 

E  F 

SiO. 

PACVD 

Nitric  acid 

0.1 

A-B 

SiO. 

PACVD 

Nitric  acid 

0.5 

A-B 

SiN4 

PACVD 

— 

0.1 

D-E 

ShN4 

PACVD 

Nitric  acid 

0.1 

A-B 

Si3N4 

Sputtering 

— 

0.1 

F 

304BA 

— 

— 

— 

C-D 

Rating  of  corrosion  resistance  (modified  salt  spray  test):  A,  good  (no 
rust);  G,  poor  (severe  red  rust). 


type  304.  It  should  be  emphasized  here  that  the  nitric 
acid  pretreatment  is  the  key  step  in  making  the  high 
corrosion  resistance  possible.  Thus  a  suitable  surface 
pretreatment  is  a  prerequisite  for  highly  corrosion-resis¬ 
tant  stainless  steels. 

The  312^4  coating  is  also  beneficial  for  improving  the 
corrosion  resistance  as  shown  in  Table  4.  In  this  table, 
a  comparison  of  3x2^4  coatings  formed  by  PACVD  and 
sputtering  is  presented.  The  results  clearly  show  that 
the  PACVD  process  is  superior  to  the  sputtering  pro¬ 
cess  in  producing  highly  corrosion-resistant  stainless 
steel.  Detailed  observation  of  the  defect  population  by 
transmission  electron  microscopy  indicates  that  the  film 
deposited  by  sputtering  tends  to  exhibit  microcracks, 
whereas  that  deposited  by  PACVD  has  essentially  no 
microcracks.  In  this  sense,  the  PACVD  technique  is  the 
best  process  examined  in  this  study  for  depositing  cor¬ 
rosion-resistant  coatings,  although  the  material  selec¬ 
tion  in  PACVD  is  limited  by  the  availability  of  gases 
for  the  coatings. 

As  described  above,  certain  ceramics  are  suitable  for 
corrosion-resistant  coatings.  However,  ceramics  are  gen¬ 
erally  brittle.  Therefore  when  the  coated  stainless  steels 
undergo  deformation,  the  formation  of  microcracks  is 
inevitable.  In  order  to  evaluate  quantitatively  the  effect 
of  deformation  on  the  corrosion  behavior,  atmospheric 
corrosion  tests  were  performed  on  bent  specimens  pro¬ 
duced  by  the  continuous  coating  process.  Fig.  2  shows 
the  results  of  a  1  year  exposure  test  for  five  kinds  of 
ceramic-  or  metal-coated  stainless  steels.  The  exposure 
site  was  a  harsh  environment  where  the  specimens  were 
exposed  directly  to  seawater  splashes  on  windy  days. 
The  Si02  coating  showed  the  best  corrosion  resistance, 
followed  by  the  AI2O3,  Cr,  TiN  and  TiC  coatings.  It 
should  be  noted  in  particular  that  the  underside  portion, 
labeled  4  in  Fig.  2,  of  the  convex  part  of  the  specimen 
is  most  severely  corroded  and  the  vertical  portion  1  is 
least  affected.  A  similar  phenomenon  was  observed  with 


uncoated  stainless  steel  specimens.  The  effect  of  the 
coating  in  improving  the  corrosion  resistance  is  most 
clearly  demonstrated  on  the  underside  of  the  convex 
bent  part  of  the  specimen.  The  above  experimental 
observation  could  be  explained  by  the  length  of  time 
taken  for  the  underside  portion  to  dry  after  the  deposi¬ 
tion  and  condensation  of  seawater  splashes. 

In  addition  to  the  corrosion  resistance,  a  top  coating 
of  Si02  is  a  useful  decorative  color  coating,  since  Si02 
is  essentially  transparent  in  the  visible  range  when  its 
thickness  is  below  a  critical  value;  hence  this  top  layer 
enables  the  undercoating  color  to  be  retained.  An  ex¬ 
ample  is  a  stainless  steel  coated  with  Si02  as  a  transpar¬ 
ent  corrosion-resistant  top  coating  and  TiN  as  a 
decorative  undercoating.  TiN  is  a  decorative  gold  color, 
but  has  poor  corrosion  resistance  as  shown  in  Fig.  2. 
Thus  the  top  Si02  coating  increases  the  corrosion  resis¬ 
tance,  and  the  TiN  gold  color  remains  unchanged. 

The  anodic  polarization  curves  in  0.1  N  NaCl  solu¬ 
tion  of  the  two-layer  film  (TiN  overcoated  with  SiO^) 
are  compared  in  Fig.  3  with  those  of  a  monolayer  TiN 
coating  and  the  substrate  (type  304  stainless  steel).  The 
two-layer  coating  has  a  higher  pitting  potential  than  the 
other  coatings.  Thus  the  film  overcoated  with  Si02  has 
an  improved  corrosion  resistance  without  spoiling  the 
decorativeness  of  the  TiN  coating.  This  example  shows 
that  the  multiple,  continuous  coating  system  provides 
considerable  freedom  in  the  design  of  multilayer,  i.e. 
multifunctional,  coatings. 

3.L3.  Wear  resistance 

Stainless  steels  are  widely  used  for  architecture,  vehi¬ 
cles,  etc.  because  of  their  good  corrosion  resistance  and 
surface  aesthetics.  Thus  a  further  improvement  in  cor¬ 
rosion  resistance  by  ceramic  coatings  is  beneficial  for 
the  development  of  excellent  corrosion-resistant  stain¬ 
less  steels.  Ceramics  can  also  add  color  to  stainless 
steels  for  decorative  applications.  However,  wear  resis¬ 
tance  is  also  required  since  the  removal  of  surface  stains 
by  polishing  is  necessary  to  maintain  a  good  surface 
appearance.  It  should  be  noted  here  that  wear  resis¬ 
tance  in  this  case  has  to  be  evaluated  in  terms  of  the 
decorative  appeal.  In  other  words,  it  is  necessary  to 
keep  the  original  decorative  color  even  after  polishing 
the  surface.  Thus  the  wear  resistance  in  this  case  was 
evaluated  from  the  change  in  color  before  and  after  the 
rubbing  test  using  alumina  paste.  Fig.  4  shows  the 
results  of  the  wear  resistance  test  of  the  various  coat¬ 
ings.  Each  coating  exhibited  a  wear  resistance  higher 
than  that  of  the  chemical  conversion  coating  in  aqueous 
solution.  The  Cr  coating  was  found  to  have  the  best 
wear  resistance,  followed  by  the  TiN,  Si02,  TiC  and 
AI2O3  coatings.  The  best  result  for  the  Cr  coating  is 
mainly  due  to  the  fact  that  the  metal  is  essentially 
colorless  from  the  beginning.  TiN  keeps  its  good  deco¬ 
rative  golden  color  even  after  rubbing  for  100  times. 
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Fig.  2.  Results  of  the  atmospheric  exposure  test  at  the  seashore  after  1  year  [1]. 


3.1.4.  Mechanical  properties  of  the  coatings 

TiN  has  been  widely  used  as  a  decorative  and  wear- 
resistant  coating  because  of  its  golden  color  and  high 
hardness  [11,12].  The  experimental  results  clearly  show 
that  TiN  has  a  high  wear  resistance  and  exhibits  a 
decorative  golden  color.  However,  in  general,  the  inter¬ 
face  between  the  ceramic  and  metal  is  not  well  bonded. 
Therefore,  in  some  cases,  peeling  off  of  the  TiN  films 
was  observed  especially  when  the  coated  stainless  steels 
underwent  deformation.  Thus  it  is  important  to  in¬ 
crease  the  adhesion  of  ceramic  coatings  on  metallic 
substrates.  In  this  section,  the  mechanical  properties  of 
TiN  coatings  applied  by  a  batch  sputtering  process  are 
investigated  to  reveal  the  basic  relationship  between  the 
mechanical  properties  and  the  deposition  parameters. 

In  this  experiment,  the  substrates  were  ultrasonically 
cleaned  in  acetone  and  sputter  cleaned  at  500  W  for  30 
min.  During  sputtering,  the  substrate  was  ground  and  a 
substrate  bias  was  not  applied  [7]. 

It  was  found  that  the  operating  pressure  during 
sputtering  was  the  most  critical  deposition  parameter  in 
terms  of  the  mechanical  properties  of  the  coatings.  The 


Potential  (mV  vs  SCE) 

Fig.  3.  Anodic  polarization  curves  of  type  430  substrate,  monolayer 
TiN  coating  and  TiN/Si02  two-layer  coating  [1]. 


relationship  between  the  internal  stress  and  the  pressure 
is  shown  in  Fig.  5.  It  can  be  seen  from  the  figure 
that  the  internal  stress  of  the  TiN  film  deposited  at  over 
2.6  Pa  (region  2)  was  slightly  tensile,  but  compressive  at 
less  than  2.3  Pa  (region  1).  In  region  1,  the  color  was 
gold  and  the  coating  was  dense.  In  this  region,  the 
compressive  stress  increased  with  a  decrease  in  pressure, 
and  at  a  pressure  of  0.6  Pa  it  increased  steeply  from  3 
to  8  GPa.  In  region  2,  the  color  was  dark  brown  and 
the  coating  had  an  open  columnar  structure. 

The  critical  load  of  TiN  in  region  1  is  given  in  Fig. 
6  as  a  function  of  pressure.  The  critical  load,  a  measure 
of  the  adhesion  of  the  films,  increased  with  an  increase 
in  the  deposition  pressure,  especially  when  the  pressure 
was  above  0. 6-0.7  Pa.  The  hardness  as  a  function  of 
pressure  is  also  given  in  Fig.  6.  The  hardness  decreased 
with  an  increase  in  pressure.  Such  changes  in  adhesion 
and  hardness  correspond  well  with  the  change  in  the 
internal  stress.  As  a  result,  TiN  films  have  a  high 
hardness  but  poor  adhesion  at  low  pressures. 
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Fig.  4.  Comparison  of  wear  resistance  [1]. 
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Fig.  5.  Internal  stress  ofTiN  films  as  a  function  of  the  pressure  during 
deposition  [7]. 


The  film  adhesion  to  the  substrate  depends  on  the 
bonding  energy  and  the  internal  stress.  If  the  film  stress 
is  high,  the  film  will  easily  be  detached  by  a  low 
external  stress.  In  contrast,  the  hardness  will  increase 
when  the  film  has  a  high  compressive  stress,  because  the 
stress  resists  the  deformation  by  the  loading  indenter. 
Thus  the  pressure  dependence  of  the  adhesion  and 
hardness  can  be  explained  by  the  change  in  internal 
stress.  At  a  fixed  pressure,  we  can  make  either  good 
adherent  films  or  hard  films,  but  not  both. 

Although  with  a  constant  deposition  pressure  it  is 
difficult  to  deposit  a  good  adherent  and  hard  film,  it  is 
possible  by  changing  the  pressure  during  deposition 
from  high  to  low.  The  film  with'  an  underlayer  de¬ 
posited  at  high  pressure  had  a  higher  critical  load  than 
that  with  an  underlayer  deposited  at  low  pressure.  This 
result  shows  that  high-pressure  deposition  for  the  un¬ 
derlayer  improves  the  adhesion.  Even  if  the  low-pres¬ 
sure  overlayer  is  thick,  the  adhesion  is  good  as  long  as 
the  underlayer  is  deposited  at  high  pressure.  This  indi¬ 
cates  that  the  stress  at  the  interface  of  the  film  is  a  key 
factor  for  obtaining  good  adhesion,  although  the  total 
stress  is  also  important.  On  the  other  hand,  the  hard¬ 
ness  depends  on  the  thickness  of  the  layer  deposited  at 
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Fig.  6.  Critical  load  and  microhardncss  of  TiN  films  (2  //m)  on  type 
430  stainless  steel  as  a  function  of  the  pressure  during  deposition  [7]. 


substrate 


position  A  position  B 

Fig.  7.  Schematic  drawing  showing  the  position  of  the  substrate  for  r.f 
magnetron  experiments  [10], 

low  pressure.  As  a  result,  when  the  underlayer  is  de¬ 
posited  at  high  pressure,  we  can  obtain  both  good 
adhesion  and  hard  coatings  by  appropriate  design  of 
the  thickness  ratio. 

3.1.5.  Electric  insulation 

Electrically  insulated  stainless  steels  can  be  produced 
by  depositing  dielectric  materials  such  as  Si02  or  AUOv 
An  advantage  of  using  these  insulator-coated  metals  is 
that  they  not  only  insulate,  but  also  possess  good 
thermal  conductivity  and  mechanical  flexibility  for  mi¬ 
croelectronic  applications  in  contrast  with  conventional 
bulky  ceramic  substrates.  AI2O3  films  show  good  dielec¬ 
tric  properties  and  a  number  of  attempts  have  been 
made  to  deposit  thin  films  with  low  leakage  current  and 
a  high  breakdown  strength  [13,14]. 

However,  a  major  problem  with  the  preparation  of 
AI2O3  films  on  metals  by  sputtering  is  pinhole  forma¬ 
tion,  which  causes  a  short  circuit  or  a  deterioration  of 
resistivity.  Therefore  a  thicker  deposit  of  at  least  a  few 
micrometers  is  required  to  bury  such  pinholes  [13].  In 
this  section,  we  show  that  high-resistivity  AI2O3  films 
can  be  prepared  by  a  novel  sputter  deposition  technique 
in  which  the  first  layer  and  the  second  layer  are  con¬ 
trolled  independently,  thus  dififerentiating  it  from  the 
usual  one-step  sputter  deposition. 

R.f.  magnetron  sputtering  was  used  in  this  work  [10]. 
Films  of  500  nm  total  thickness  were  deposited  on  type 
430BA  stainless  steel;  25  aluminum-sputtered  top  elec¬ 
trodes,  100  nm  thick  and  5  mm  in  diameter,  were 
formed  on  insulators  using  a  metal  mask.  In  this  exper¬ 
iment,  the  AI2O3  films  were  prepared  at  two  diflerent 
positions:  the  normal  position  (position  A)  and  at  an 
oblique  angle  off  the  normal  (position  B)  as  shown  in 
Fig.  7. 

Two-step  processes  were  performed  in  which  the  first 
layer  and  second  layer  were  controlled  independently. 
The  first  layer  was  deposited  at  position  B  and  the 
second  layer  at  position  A.  The  film  properties  were 
estimated  by  the  insulation  probability,  which  was 
defined  as  the  percentage  of  the  number  of  insulated 
electrodes  over  20  MQ  at  1  V  d.c.  Fig.  8  shows  the 
dependence  of  the  insulation  probability  on  the  nomi¬ 
nal  thickness  of  the  first  layer  deposited  at  position  B. 
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It  should  be  noted  that  the  total  thickness  was  500  nm 
in  all  cases,  and  the  second  layer  was  deposited  at 
position  A.  The  experimental  result  clearly  indicates 
that  the  insulation  probability  is  sensitive  to  the  first- 
layer  thickness.  Although  no  one-step  process  was  able 
to  give  an  insulating  sample,  100%  insulation  probabil¬ 
ity  was  almost  always  attained  by  the  two-step  process, 
in  which  the  first  layer  was  deposited  to  a  nominal 
thickness  of  approximately  20  nm  at  position  B  and  the 
second  layer,  480  nm  thick,  was  deposited  at  position  A. 

We  also  attempted  to  form  films  by  various  one-step 
processes  and  other  two-step  processes,  but  the  good 
insulation  could  not  be  achieved  under  any  conditions 
except  a  position  B-position  A  two-step  process. 

The  above  result  suggests  that  the  density  of  pinholes 
in  insulating  films  is  strongly  affected  by  the  substrate 
positions  during  deposition.  In  order  to  estimate  the 
density  of  pinholes  per  unit  area  in  a  film,  an  alu¬ 
minum-coated  silicon  wafer  was  used  as  a  substrate. 
The  silicon  substrate  was  used  to  eliminate  the  effect 
of  surface  roughness.  The  density  was  estimated  by 
electrocrystallization  in  an  electrolyte  solution 
(CuS04-5H20)  at  an  electrode  potential  of  approxi¬ 
mately  —  0.2  V  vs.  a  saturated  calomel  electrode  (SCE) 
by  counting  the  number  of  Cu  electroplated  particles 
on  the  insulating  film  using  an  optical  microscope.  The 
pinhole  density  of  the  film  deposited  at  position  A  was 
460  cm^-  and  that  at  position  B  was  800  cm“^. 
However,  the  density  of  pinholes  in  the  film  deposited 
by  a  two-step  process  showed  the  lowest  value,  140 
cm^^.  Thus  the  novel  two-step  process  creates  fewer 
pinholes,  and  hence  good  insulator  films. 

3.2.  Role  of  plasma  in  thin  film  growth 

A  number  of  interesting  experimental  observations 
have  been  made  so  far,  in  particular  in  terms  of  the 


Fig.  8.  Dependence  of  the  insulation  probability  on  the  nominal 
thickness  of  the  first  layer  deposited  at  position  B  [10]. 


relationship  between  the  performance  of  the  coatings 
and  the  deposition  parameters. 

(1)  Corrosion-resistant  coatings  formed  by  PACVD 
are  superior  to  those  obtained  by  sputtering  since  the 
film  deposited  by  sputtering  tends  to  bear  microcracks. 

(2)  The  operating  pressure  during  sputtering  is  the 
most  critical  deposition  parameter  in  terms  of  the  me¬ 
chanical  properties  of  the  coatings.  The  compressive 
internal  stress  increases,  and  hence  the  hardness  in¬ 
creases  and  the  adhesion  decreases,  with  a  decrease  in 
pressure. 

(3)  The  density  of  pinholes  in  insulating  films  formed 
by  sputtering  is  strongly  affected  by  the  substrate  posi¬ 
tions  during  deposition.  High-resistivity  AI2O3  films  can 
be  prepared  by  a  novel  sputter  deposition  technique  in 
which  the  first  layer  and  second  layer  are  controlled 
independently,  thus  differentiating  it  from  the  usual 
one-step  sputter  deposition. 

It  is  necessary  to  reveal  the  basic  characteristics  of 
the  plasma  itself  in  order  to  understand  the  above 
experimental  observations.  For  example,  in  the  sputter¬ 
ing  process,  the  plasma  is  created  between  the  sputtering 
target,  called  a  cathode,  and  the  substrate.  In  the 
plasma  region,  a  number  of  species,  such  as  neutral 
gases,  ions  and  electrons,  are  generated  by  the  externally 
supplied  electricity.  These  species  interact  with  the 
substrate  and  cause  a  variety  of  surface  reactions,  such 
as  deposition,  chemical  reactions  with  other  species, 
resputtering  of  the  deposited  films,  surface  mixing, 
enhancement  of  adatom  diffusion  and  heating  of 
the  substrate.  Although  we  can  control  the  external 
parameters,  such  as  the  operating  pressure,  gas  flow 
rate,  power  density,  substrate  position  and  so  on, 
it  is  obvious  that  the  environment  near  the  growing 
film  is  the  most  critical  factor  determining  the  character¬ 
istics  and  performance  of  the  film.  In  this  sense,  the 
concept  used  to  describe  electrochemical  reactions 
may  help  in  the  understanding  of  the  thin  film  growth 
mechanism  in  plasma  environments,  although  there 
are  a  number  of  differences  in  both  cases.  In  this 
sense,  surface  science,  in  particular  the  role  of  the 
environment  in  surface  reactions,  is  the  key  issue  in 
understanding,  and  hence  controlling,  the  plasma- 
assisted  coating  process. 

A  plasma  can  be  roughly  defined  as  a  gas  consisting 
of  ions  and  electrons  both  having  approximately  the 
same  density  over  the  Debye  length.  Thus  electric  neu¬ 
tralization  is  held  over  this  characteristic  length.  In  most 
cases,  the  energy  necessary  to  generate  the  plasma  is 
supplied  by  accelerated  electrons.  The  accelerated  elec¬ 
trons  cause  a  variety  of  reactions,  such  as  elastic  colli¬ 
sion,  excitation,  dissociation,  ionization  and  so  on. 
Since  the  excited  species  can  react  chemically  with  other 
species  even  at  low  temperatures,  chemical  vapor  depo¬ 
sition  can  be  assisted  by  a  plasma.  An  external  electric 
field  is  used  for  the  ease  of  generation  of  accelerated 


82 


A'/.  Hashinwto  et  al.  /  Materials  Science  and  Engineering  A  1 98  (1995)  75-83 


ions  for  the  sputtering  process.  Thus  the  plasma  has 
unique  characteristics  in  both  physical  and  chemical 
reactions. 

In  the  case  of  a  low-pressure  plasma,  where  the 
frequency  of  collisions  is  low,  the  temperature  of  the 
electrons  is  much  higher  than  that  of  the  ions  since  light 
electrons  can  be  easily  accelerated  and  gain  high  veloc¬ 
ity  without  losing  their  energy.  The  typical  temperature 
of  electrons  is  about  10"^  K  or  higher,  whereas  that  of 
ions  stays  around  several  hundred  kelvin.  Thus  a  low- 
pressure  plasma  is  also  called  a  low-temperature 
plasma. 

However,  the  situation  becomes  quite  different  when 
a  solid  is  placed  in  a  low-pressure,  low-temperature 
plasma.  Since  the  velocity  of  electrons  is  much  higher 
than  that  of  ions,  the  flux  of  negative  charge  towards 
the  solid  surface  is  also  initially  higher  than  that  of 
positive  ions.  Therefore  the  surface  is  negatively 
charged  and  develops  an  excess  positive  ion  region 
called  an  ion  sheath.  When  an  external  bias  voltage,  for 
example  a  negative  bias,  is  applied  to  one  of  the  two 
electrodes,  an  electric  field  is  artificially  generated  near 
the  cathode,  and  positive  ions  are  accelerated  towards 
this  cathode  and  hit  it.  If  the  energy  is  high  enough  to 
sputter  the  cathode  material,  the  material  is  deposited 
onto  the  anode.  The  depositing  atoms  sputtered  from 
the  cathode  have  an  energy  of  several  electronvolts. 
However,  it  should  be  noted  that  Ar  ions,  which  are 
commonly  used  as  the  processing  ions  accelerated  to¬ 
wards  the  cathode  at  several  hundred  electronvolts,  are 
reflected  at  the  cathode.  Thus  the  neutralized  and 
reflected  Ar  atoms  hit  the  anode  and  hence  affect  the 
thin  film  growth  at  the  anode.  In  other  words,  the 
growing  film  is  always  exposed  to  the  high-  energy 
processing  gas  as  well  as  the  flux  of  depositing  atoms. 
This  is  a  rough  picture  of  the  sputtering  process.  Thus 
the  mobility  of  electrons  and  ions  (the  electrode  poten¬ 
tial),  which  is  either  unintentionally  or  intentionally 
generated,  and  the  flux  of  various  species  having  differ¬ 
ent  energies  are  the  key  factors  describing  the  sputter 
deposition.  Fig.  9  summarizes  the  reactions  and  funda¬ 
mental  steps  of  radicals  and  ions  in  a  reactive  plasma. 

The  above  picture  of  the  sputtering  process  can  be 
used  to  explain  the  dependence  of  the  mechanical  prop¬ 
erties  of  TiN  films  on  the  operating  pressure.  In  Section 
3.1.4,  it  was  found  that  the  operating  pressure  during 
sputtering  was  the  most  critical  deposition  parameter  in 
terms  of  the  mechanical  properties  of  the  coatings,  and 
the  compressive  internal  stress  increased  (and  hence  the 
hardness  increased  and  the  adhesion  decreased)  with  a 
decrease  in  the  pressure.  Scanning  electron  microscopy 
(SEM)  observations  also  show  that  the  density  of  TiN 
films  increases  with  a  decrease  in  pressure. 

The  above  result  suggests  that  a  decrease  in  pressure 
has  the  same  effect  as  a  bias  on  the  substrate.  Kumer  et 
al.  [15]  reported  that  a  brown  columnar  film  changed  to 
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Fig.  9.  Atomic  and  molecular  reactions  in  reactive  plasma. 


a  golden  dense  film  when  the  substrate  was  negatively 
biased.  They  suggested  that  densification  by  a  high-en¬ 
ergy,  argon-ion-peening  effect  could  explain  the  dense 
structure.  Hoffman  and  Thornton  [16]  investigated  the 
stress  of  sputtered  metal  films,  and  explained  the  cause 
of  the  stresses  by  the  argon-ion-peening  effect. 

On  decreasing  the  deposition  pressure,  the  argon-ion- 
peening  effect  becomes  more  evident.  The  energy  deliv¬ 
ered  to  the  film  surface  depends  on  the  discharge 
pressure.  After  high-pressure  deposition  without  a  sub¬ 
strate  bias  voltage,  the  deposited  films  exhibit  a  rough 
morphology  and  slight  tensile  stress  because  the  work- 
iiAg  gas  atoms  or  the  sputtered  atoms  are  thermalized 
by  collision  with  working  gas  atoms,  and  the  energy 
transferred  to  the  film  surface  is  small.  On  the  other 
hand,  during  deposition  at  low  pressure,  energy  is 
delivered  to  the  film  surface  by  the  energetic  gas  atoms 
backscattered  from  the  sputtering  target  or  by  the 
sputtered  atoms,  and  a  film  with  a  smooth  morphology 
and  a  large  compressive  stress  is  obtained. 

The  above  picture  is  supported  by  the  measurement 
of  the  concentration  of  Ar  atoms  in  the  films  using 
proton  backscattering  spectroscopy  [17].  It  was  found 
that  the  Ar  content  in  the  films  is  high  at  low  operating 
pressure,  typically  9  at.%,  but  low  at  high  pressure, 
about  6  at.%.  It  is  considered  that  the  concentration  of 
Ar  atoms  in  the  films  depends  on  the  energy  of  the  Ar 
atoms  impinging  on  the  film  surface. 

Thus  the  operating  pressure  affects  the  energy  of  the 
processing  gas  atoms  delivered  to  the  growing  films, 
and  hence  the  density,  morphology,  internal  stress  and 
adhesion  of  the  films. 

The  above  picture  can  also  be  used  to  explain  the 
experimental  observation  that  the  density  of  pinholes  in 
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insulating  films  formed  by  sputtering  is  strongly 
affected  by  the  substrate  position  during  deposition.  We 
showed  that  high-resistivity  AI2O3  films  could  be  pre¬ 
pared  by  a  novel  sputter  deposition  technique  in  which 
the  first  layer  and  second  layer  were  controlled  indepen¬ 
dently,  thus  differentiating  it  from  the  usual  one-step 
sputter  deposition.  At  the  initial  stage,  strong  bombard¬ 
ment  at  position  A  in  the  plasma  leads  to  large  adatom- 
depleted  islands.  These  zones  will  cause  pinhole-type 
defects.  A  thicker  deposit  over  several  micrometers  is 
therefore  required  to  bury  such  pinholes.  In  contrast, 
with  weak  bombardment,  i.e.  position  B,  large  adatom- 
depleted  zones  are  difficult  to  form.  The  energetic  parti¬ 
cle  assistance  at  position  A  can  lead  to  densification  of 
the  near-surface  region  and  the  burial  of  smaller  de¬ 
fects.  It  is  reasoned  that  the  dependence  of  the  insula¬ 
tion  probability  on  the  thickness  of  the  first  layer, 
typically  20  nm,  is  due  to  a  necessary  minimum  thick¬ 
ness  for  the  burial  of  defects.  This  thickness  depends  on 
how  the  defects  arise  in  the  initial  stages,  i.e.  larger 
defects  arising  in  a  film  at  position  A  cannot  be  buried 
at  position  B,  while  smaller  defects  arising  at  position  B 
can  be  covered  with  a  second  layer,  480  nm  thick,  at 
position  A.  We  believe  that  it  is  necessary  to  optimize 
the  deposition  conditions  for  the  formation  of  the  first 
layer  and  the  second  layer  independently  in  order  to 
achieve  high  insulation  probability. 

This  example  clearly  indicates  that  the  initial  stage  of 
thin  film  growth  should  be  carefully  controlled  to  ob¬ 
tain  the  most  desirable  island  structure  for  the  latter 
stage.  However,  the  optimum  conditions  for  the  latter 
stage  are  not  necessarily  the  same  as  those  for  the  initial 
stage.  Thus,  in  general,  the  initial  stage,  in  which  the 
nucleation  of  the  island  structure  is  critical,  and  the 
latter  stage,  in  which  the  coalescence  of  islands  and 
morphology  development  are  critical,  should  be  sepa¬ 
rately  optimized  in  order  to  obtain  high-quality  thin 
films. 

The  two-step  process  may  also  be  applicable  to  the 
design  of  wear-resistant  coatings.  As  shown  in  Section 
3.1.4,  a  good  adherent  and  hard  film  can  be  obtained 
by  changing  the  pressure  during  deposition  from  high 
to  low  even  when  the  same  material  is  deposited.  Thus 
the  design  of  the  plasma  coating  process  should  be 
performed  by  considering  the  basic  aspects  of  the  thin 
film  growth  mechanism  in  the  environment,  where  the 
behavior  of  energetic  particles  is  the  crucial  factor. 


4.  Conclusions 

In  this  paper,  the  role  of  the  environment  on  coated 
stainless  steels  was  discussed  from  two  different  points 
of  view.  The  first  involved  the  performance  of  ceramic- 


coated  stainless  steels  in  corrosive  and  mechanically 
stressed  environments.  It  was  found  that  an  Si02  coat¬ 
ing  deposited  by  PACVD  led  to  the  largest  increase  in 
the  corrosion  resistance  of  type  430  stainless  steel  to 
well  above  the  level  of  type  304  stainless  steel.  It  was 
also  possible  to  coat  stainless  steel  with  TiN  and  other 
ceramics  for  decorative  applications.  The  combination 
of  the  color  of  the  TiN  undercoating  and  the  Si02 
corrosion-resistant  top  coating  provides  the  potential  to 
develop  multifunctional  stainless  steels.  Other  examples 
are  wear-resistant  coatings  and  insulating  coatings. 

The  second  viewpoint  was  the  influence  of  the  plasma 
environment  used  to  synthesize  the  coated  materials  on 
the  quality  of  thin  films.  Since  the  growing  film  is 
always  exposed  to  the  plasma  during  deposition,  the 
flux  and  energy  of  various  species,  such  as  the  process¬ 
ing  gas,  ions  and  depositing  atoms,  are  the  key  factors 
in  describing  thin  film  growth.  We  believe  that  it  is 
necessary  to  optimize  the  deposition  conditions  for  the 
initial  stage  and  latter  stage  independently  in  order  to 
achieve  high-quality  thin  films. 

References 

[1]  T.  Takahashi,  Y.  Oikawa,  T.  Komori,  I.  Ito  and  M.  Hashimoto, 
Surf.  Coat.  TechnoL.  51  (1992)  522. 

[2]  M.  Hashimoto,  S.  Miyajima,  W.  Ito,  S.  Ito,  T.  Murata,  T. 
Komori,  I.  Ito  and  M.  Onoyama,  Surf.  Coat.  Techno!.,  3(5(1988) 
837. 

[3]  H.  Omata,  S.  Ito  and  T.  Murata,  U.S.  Patent  4,612,095,  1986. 

[4]  H.  Omata,  S.  Ito,  M.  Yabumoto  and  T.  Murata,  Proc. 
4th  Asian-Pacific  Corrosion  Control  Conf,  Tokyo,  May  26-31, 
1985,  Vol.  1,  1985,  p.  475. 

[5]  Y.  Hosoi,  I.  Ito,  S.  Saida,  T.  Murata,  S.  Ito  and  N.  Okubo, 
Japanese  Patent  Application  Publication,  No.  Sho  62-205272, 
September  9,  1987. 

[6]  U.  Nakata,  I.  Ito,  M.  Onoyama  and  H.  Inagaki,  Proc.  28th  Joint 
Symp.  on  Corrosion  Science  and  Technology,  Japan  Society  of 
Corrosion  Engineering,  1981,  p.  18. 

[7]  Y.  Kubo  and  M.  Hashimoto,  Surf.  Coat.  Techno!.,  49  (1991) 
342. 

[8]  J.D.  Finegan  and  R.W.  Hoffman,  J.  Appl.  Phys.,  30  (1950) 
597. 

[9]  G.  Stoney,  Proc.  R.  Soc.  London,  Ser.  A,  32  (1909)  172. 

[10]  S.  Tokumaru  and  M.  Hashimoto,  Surf  Coat.  Techno!.,  54/55 
(1992)  303. 

[1 1]  K.  Nakamura,  K.  Inagawa,  K.  Tsuruoka  and  S.  Komiya,  Thin 
Solid  Films,  40  (1977)  155. 

[12]  B.  Zega,  M.  Kornmann  and  J.  Amiguet,  Thin  Solid  Films,  45 
(1977)  577. 

[13]  M.N.  Khan,  Thin  Solid  Films,  124  (1985)  55. 

[14]  J.  Saraie,  S.  Goto,  Y.  Kitao  and  Y.  Yodogawa,  J.  Electrochem. 
Soc.,  134  (1987)  2805. 

[15]  N.  Kumer,  J.T.  McGinn,  K.  Pourrezaei,  B.  Lee  and  E.C.  Dou¬ 
glas,  J.  Vac.  Sci,  Technol.  A,  6  {3)  (1988)  1602. 

[16]  D.W.  Hoffman  and  J.A.  Thornton,  Thin  Solid  Films,  40  (1976) 
355. 

[17]  K.  Tanaka,  Y.  Kubo,  N.B.  Chilton  and  M.  Kumagai,  Nucl. 
Instrum.  Methods  B,  83  (1993)  525. 


ELSEVIER 


Materials  Science  and  Engineering  A 198  (1995)  85-90 


NATERIAIS 
SCIENCE  & 
ENCINEERING 

A 


Oxidation  resistance  of  TiAl  significantly  improved  by  combination 

of  preoxidation  and  Hf  addition 

S.  Taniguchi,  T.  Shibata,  S.  Sakon* 

Department  of  Materials  Science  and  Processing,  Faculty  of  Engineering,  Osaka  University,  2-1  Yamadaoka,  Suita,  Osaka  565,  Japan 


Abstract 

The  cyclic-oxidation  resistance  of  a  TiAl  coupon  in  a  flow  of  purified  oxygen  at  1300  K  has  been  significantly  improved  by 
preoxidation  at  1200  K  for  100  ks  in  a  pack  of  a  mixture  of  70  mass%  chromia  and  30  mass%  metallic  chromium  powders  under 
an  Ar  atmosphere.  The  excellent  oxidation  resistance  obtained  is  attributable  to  the  formation  of  alumina  scales  by  the 
preoxidation,  where  oxygen  partial  pressure  was  thought  to  be  maintained  very  low.  The  addition  of  0.24  mass%  Hf  to  TiAl 
improved  the  oxidation  resistance  by  forming  scales  rich  in  alumina.  A  combination  of  the  preoxidation  and  the  Hf  addition 
further  improved  the  oxidation  resistance.  After  10  cycles  (200  h)  of  oxidation  at  1300  K  the  scale  thickness  was  still  less  than 
1  pm. 

Keywords:  Oxidation  resistance;  TiAl;  High  temperature;  Hf  addition;  Preoxidation;  €1203  powder 


1.  Introduction 

The  measures  for  improving  high-temperature  oxida¬ 
tion  resistance  of  TiAl  and  TiAl-base  alloys  are  receiving 
much  attention,  because  they  are  expected  to  be  high- 
temperature  construction  materials  having  high  specific 
strengths.  Further,  mechanical  properties  of  a  range  of 
such  materials  are  being  improved  as  a  result  of  extensive 
research  activity  [1-3]. 

The  measures  for  improving  the  oxidation  resistance 
studied  so  far  involve  alloying  additions  [4-9]  and 
surface  treatments  [10-16].  The  present  authors  have 
shown  [17,18]  that  the  preoxidation  of  TiAl  coupon 
specimens,  packed  with  a  mixture  of  chromia  and  metal¬ 
lic  chromium  powders,  at  1200  K  for  100  ks  is  very 
effective  for  forming  alumina  scales  which  are  very 
protective  during  the  subsequent  oxidation  at  1300  K  for 
at  least  10  cycles  (200  h).  The  formation  of  the  protective 
scales  by  the  preoxidation  was  explained  in  terms  of 
oxidation  under  a  very  low  oxygen  partial  pressure, 
which  enhanced  preferential  oxidation  of  Al.  Further, 
the  addition  of  0.24  mass%  Hf  to  TiAl  was  found  [19]  to 
be  very  effective  in  improving  its  oxidation  resistance. 

The  present  paper  deals  with  the  effect  of  a  combina¬ 
tion  of  preoxidation  and  Hf  addition. 
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2.  Experimental  procedures 

2.7.  Specimen 

Coupon  specimens  measuring  about  15  x  10  x  1  mm^ 
were  machined  from  TiAl  and  TiAl-0.24  mass%  Hf 
ingots,  the  chemical  compositions  of  which  are  shown  in 
Table  1 .  Metallographic  examinations  and  X-ray  diffrac¬ 
tion  (XRD)  revealed  that  both  specimens  consisted 
predominantly  of  equiaxed  y-TiAl  grains  and  a  few 
y-TiAl  grains  containing  the  Ti3Al  phase  in  parallel 
platelets.  The  coupon  specimens  were  abraded  with  a 
series  of  SiC  polishing  papers  of  up  to  1000  grit  and 
then  thoroughly  washed  with  acetone  in  an  ultrasonic 
bath. 

2.2.  Preoxidation 

Three  or  four  prepared  specimens  were  packed  with  a 
mixture  of  70  mass%  chromia  and  30  mass%  metallic 
chromium  powders  in  an  alumina  tube  having  an  inner 
diameter  of  30  mm  and  a  length  of  140  mm.  The  pre¬ 
oxidation  was  performed  by  heating  the  tube  in  a  muflfle 
furnace  at  1200  K  for  100  ks  under  an  Ar  atmosphere. 
These  conditions  were  decided  on  the  basis  of  the  best 
oxidation  resistance  obtained  in  the  previous  study 
[17,18],  where  the  mass  ratio  of  chromia  powder  was 
varied  as  30%,  70%  and  100%,  and  the  temperature 
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Tabic  1 

Chemical  compositions  of  the  TiAl  and  TiAl  Hf  specimens  {mass‘’4) 


Al 

Ti 

Hf 

Fc 

c 

H 

o 

N 

TiAl 

37.8 

Balance 

0.010 

0.006 

0.002 

0.044 

0.011 

TiAl  Hf 

36.2 

Balance 

0.24 

0.040 

0.005 

0.005 

0.012 

0.004 

as  1100,  1200  and  1300  K.  Chemical  reagent  powders 
were  used  in  the  experiment.  Then  the  specimens  were 
taken  out  of  the  tube,  washed  ultrasonically  in  a  bath 
of  acetone,  and  dried  in  air. 

2.3.  Cy  cl  ic  ox  id  a  t  ioi  z 

The  oxidation  resistance  was  assessed  by  a  cyclic 
oxidation  test  in  flowing  purified  oxygen  under  1  atm 
pressure.  One  cycle  consisted  of  heating  to  1300  K  at  a 
rate  of  about  0.3  K  s“'  and  holding  at  temperature  for 
72  ks  (20  h),  and  then  cooling  to  room  temperature  in 
about  5  ks.  The  exact  temperature  pattern  was  attained 
by  using  an  infrared  image  furnace.  Two  specimens 
were  placed  in  an  alumina  boat,  which  was  then  placed 
in  a  transparent  quartz  tube.  The  specimen  temperature 
was  monitored  with  a  (Pt- 13%Rh)/Pt  thermocouple 
attached  to  a  dummy  specimen  placed  very  close  to  the 
specimen.  The  atmosphere  in  the  furnace  was  replaced 
with  oxygen  gas  which  was  purified  by  flowing  through 
towers  of  silica  gel,  phosphorus  pentoxide  and  alkali 
asbestos  in  this  order.  The  oxidation  run  was  started  by 
switching  on  the  furnace.  After  each  cycle  the  speci¬ 
mens  were  taken  out  of  the  furnace  and  subjected  to 
mass  measurement  and  visual  inspection.  Then  they 
were  returned  to  the  furnace  for  the  next  run. 

2.4.  Metallographic  examinations 

The  specimens  after  preoxidation  and  after  cyclic 
oxidation  were  examined  by  XRD  using  Cu  Ka  radia¬ 
tion  at  40  kV  and  30  mA.  The  coupon  specimens  with 
scales  were  tested  in  XRD. 

Outer  surfaces  and  fractured  sections  of  the  speci¬ 
mens  were  observed  by  scanning  electron  microscopy 
(SEM).  Elemental -analyses  were  performed  by  energy- 
dispersive  X-ray  spectroscopy  (EDS)  or  wavelength- 
dispersive  X-ray  spectroscopy  (WDS)  and  X-ray  photo¬ 
electron  spectroscopy  (XPS).  Optical  microscopy  was 
also  used  in  some  cases. 


3.  Results 

3.1.  Kinetic  test 

The  results  of  cyclic  oxidation  at  1300  K  are  summa¬ 
rized  in  Fig.  1,  which  includes  the  results  for  the 


non-treated  specimens  for  comparison.  The  mass  gain  is 
about  25  X  10“-^  kg  m  after  1  cycle  (20  h)  for  the 
non-treated  TiAl  specimen.  Contrary  to  this,  the  non- 
treated  TiAl-Hf  specimen  shows  much  smaller  mass 
gain,  indicating  a  remarkable  effectiveness  of  Hf  addi¬ 
tion  to  TiAl. 

The  preoxidation  treatment  further  decreases  the 
mass  gains  for  both  the  TiAl  and  TiAl-Hf  specimens, 
and  their  small  mass  gains  continue  for  up  to  10  cycles. 
The  combination  of  preoxidation  and  Hf  addition  re¬ 
sults  in  extremely  small  mass  changes,  implying  the 
formation  of  a  very  protective  scale  by  the  combination. 

3.2.  Metallographic  examinations 

The  oxides  identified  by  XRD  and  XPS  after  the 
preoxidation  and  the  subsequent  cyclic  oxidation  were 
a-Al2  03,  rutile  (TiO^),  and  chromia  which  was  thought 
to  originate  from  the  powder  used  for  the  preoxidation. 
No  hafnium  oxide  was  found,  probably  because  of  its 
very  small  amount. 

An  example  of  an  XPS  chart  is  shown  in  Fig.  2, 
which  is  for  a  TiAl  specimen  after  the  preoxidation. 
Both  rutile  and  alumina  were  formed  on  the  outer 
surface.  As  the  sputtering  toward  the  depth  direction 
proceeds,  the  amount  of  alumina  increases,  implying 
the  establishment  of  an  alumina-rich  layer  beneath  the 
thin  outer  layer.  This  view  was  supported  by  examina¬ 
tions  of  fractured  sections  with  SEM  and  EDS,  which 
will  be  shown  later.  A  similar  result  was  obtained  for  a 
TiAl-Hf  specimen  after  the  preoxidation.  On  the  other 
hand,  relatively  thick  outer  rutile  layers  were  formed  in 
scales  for  the  non-preoxidized  specimens. 

The  results  of  XRD  also  showed  the  formation  of 
scales  very  rich  in  alumina,  except  for  the  non-preoxi¬ 
dized  TiAl  specimen.  The  scale  on  the  non-preoxidized 
TiAl  specimen  was  thick  and  consisted  of  an  outer 
rutile  layer  and  an  inner  layer  which  is  a  porous 
mixture  of  rutile  and  alumina  grains.  This  structure  was 
similar  to  that  often  reported  [20-22]. 

Fig,  3  shows  outer  surfaces  (Figs.  3(a)  and  3(b))  and 
fractured  sections  (Figs.  3(c)  and  3(d))  of  the  TiAl 
specimens  preoxidized  (Figs.  3(a)  and  3(c))  and  subse¬ 
quently  oxidized  for  10  cycles  (Figs.  3(b)  and  3(d)). 
Polishing  marks  (parallel  lines)  are  recognizable  in  Figs. 
3(a)  and  3(b),  implying  that  the  scales  are  very  thin. 
The  particles  remaining  in  Fig.  3(a)  were  powders  used 
for  the  packing.  Most  of  these  particles  seem  to  be 
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incorporated  in  the  scales  after  lO-cycle  oxidation  as 
shown  in  Fig.  3(b). 

The  thickness  of  the  scale  after  preoxidation  is  less 
than  1  pm  as  shown  by  the  arrows  in  Fig.  3(c).  The 
scale  thickness  increased  very  slightly  by  10-cycle  oxida¬ 
tion  as  similarly  shown  in  Fig.  3(d).  EDS  analyses, 
summarized  in  Table  2  for  areas  1  to  7  in  Figs.  3  and  6 
below,  show  the  formation  of  thin  layers  where  the  Al 
content  was  decreased  beneath  the  scale,  in  areas  1,  3 
and  4.  The  Al  present  there  was  thought  to  be  used  for 
forming  the  alumina-rich  scales. 

Fig.  4  shows  line  profiles  of  Al  and  Ti  across  the 
scale  (right-hand  end)  shown  in  Fig.  3(d).  From  the 
above  results  together  with  the  results  of  XRD  we  can 
say  that  alumina  scales  were  formed  by  the  preoxida¬ 
tion  or  cyclic  oxidation  for  a  short  period. 

Fig.  5  shows  outer  surfaces  (Figs.  5(a)  and  5(b))  and 
fractured  sections  (Figs.  5(c)  and  5(d))  of  the  TiAl-Hf 


Fig.  1.  Summary  of  the  cyclic-oxidation  curves  of  TiAl  and  TiAl-Hf 
specimens  at  1 300  K  in  a  flow  of  purified  oxygen  under  atmospheric 
pressure.  The  preoxidation  is  very  eflective  for  improving  the  oxida¬ 
tion  resistance. 


Fig.  2.  An  example  of  an  XPS  chart  for  the  preoxidized  TiAl 
specimen,  showing  the  formation  of  a  scale  rich  in  alumina. 


specimens  preoxidized  (Figs.  5(a)  and  5(c))  and  subse¬ 
quently  oxidized  for  10  cycles  (Figs.  5(b)  and  5(d)). 
Similar  to  the  TiAl  specimen  shown  in  Fig.  3,  polishing 
marks  and  particles  remaining  on  the  surfaces  can  be 
seen  in  Figs,  5(a)  and  5(b).  The  fractured  sections  again 
show  that  the  scales,  shown  by  arrows,  are  very  thin 
after  the  preoxidation  (Fig.  5(c))  and  the  subsequent 
cyclic  oxidation  for  10  cycles  (Fig.  5(d)). 

The  EDS  analyses  revealed  results  very  similar  to 
those  obtained  for  the  TiAl  specimen.  In  particular,  the 
scales  are  very  rich  in  Al  and  Al-impoverished  layers 
are  formed  beneath  them. 

Fig.  6  shows  outer  surfaces  (Figs.  6(a)  and  6(b))  and 
fractured  sections  (Figs.  6(c)  and  6(d))  of  a  TiAl  speci¬ 
men  oxidized  for  10  cycles  (Figs.  6(a)  and  6(c))  and  a 
TiADFlf  specimen  oxidized  for  5  cycles  (Figs.  6(b)  and 
6(d)).  Neither  specimen  was  preoxidized. 

The  outer  surfaces  (Figs.  6(a)  and  6(b))  show  rutile 
grains.  The  TiAl  specimen  formed  a  very  thick  scale 
(upper  half  in  Fig.  6(c)),  the  structure  of  which  is 
similar  to  that  found  in  previous  studies  [20-22].  On 
the  other  hand,  the  TiAl-Hf  specimen  formed  a  thin 
scale,  shown  by  arrows  in  Fig.  6(d),  rich  in  Al,  even 
though  rutile  grains  can  be  seen  on  the  surface  (Fig. 
6(b)).  An  Al-impoverished  layer,  area  7,  was  again 
formed  next  to  the  alumina-rich  scale. 


4.  Discussion 

4.7.  Influence  of  preoxidation 

There  is  a  general  agreement  [20-22]  on  the  structure 
of  a  scale  formed  on  TiAl  in  oxygen  or  air  in  the 
temperature  range  around  1100-1400  K.  The  general 
scale  structure  is  similar  to  Fig.  6(c).  The  oxide  scale 
consists  mainly  of  two  layers:  an  outer  layer  consisting 
mainly  of  rutile  grains  and  a  porous  inner  layer  which 
is  a  mixture  of  rutile  and  alumina  grains.  The  inner 
layer  contains  many  small  pores  uniformly  distributed. 
Alumina  grains  are  enriched  near  the  interface  between 
the  two  layers.  However,  they  cannot  be  sufficiently 
continuous  to  become  a  protective  layer.  In  addition, 
there  are  several  large  voids  near  the  interface  between 
the  two  layers.  Since  the  mass  transport  through  rutile 
is  much  faster  than  through  alumina,  scales  containing 
a  large  fraction  of  rutile  cannot  be  protective.  Therefore 
the  formation  of  an  alumina  scale  or  at  least  a  continu¬ 
ous  alumina  layer  in  the  scale  is  prerequisite  for  attain¬ 
ing  sufficient  oxidation  resistance  for  TiAl. 

Contrary  to  the  above,  the  preoxidation  in  the 
present  study  resulted  in  the  formation  of  scales  very 
rich  in  alumina  or  virtually  alumina  scales  of  thick¬ 
nesses  less  than  1  pm.  Their  protectiveness  during  the 
subsequent  cyclic  oxidation  at  1300  K  is  excellent  as 
shown  in  Fig.  1. 
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Fig.  3.  (a),  (b)  Outer  surfaces  and  (c),  (d)  fractured  sections  of  TiAl  specimens  (a),  (c)  preoxidized  and  (b).  (d)  subsequently  oxidized  at  13()()  K 
for  10  cycles.  Scales,  shown  by  arrows  in  (c)  and  (d),  are  very  thin. 


The  formation  of  the  alumina-rich  scales  is  at¬ 
tributable  to  a  low  oxygen  partial  pressure  which 
may  cause  preferential  oxidation  of  aluminium.  Even 
though  the  dissociation  pressures  of  alumina  and  rutile 
are  close  to  each  other,  and  are  lower  than  that  of 
chromia,  kinetic  factors  such  as  slow  rate  of  oxygen 
supply  to  the  specimen  surface  may  have  led  to  the 
good  result. 

4.2.  Infiuence  of  Hf  addition 

The  effect  of  Hf  addition  is  clearly  shown  in  Fig.  E 
where  the  TiAl-Hf  specimen  shows  much  smaller  mass 


Table  2 

EDS  analyses  for  areas  1  7  in  Figs.  3  and  6  {mol.'y.)) 


Area 

Al 

Ti 

Cr 

1 

45.9 

52.6 

1.5 

2 

81.6 

4.2 

14.2 

3 

39.1 

60.9 

. 

4 

37.1 

62.9 

- 

5 

45.0 

55.0 

- 

6 

46.9 

53.1 

7 

36.2 

63.8 

- 

gains  than  TiAl  and  the  scales  after  preoxidation  and 
the  subsequent  cyclic  oxidation  are  very  thin.  In  a 
previous  study  [19]  a  detailed  structural  examination 
was  performed  for  TiAl  and  TiAl-  Hf  specimens.  The 
addition  of  Hf  resulted  in  the  formation  of  two  alu¬ 
mina-rich  layers  in  the  scale.  One  is  beneath  the  outer 
rutile  layer  and  the  other  is  next  to  the  substrate.  The 


Fig.  4.  EDS  line  profiles  of  Al  and  Ti  across  the  scale  (right-hand 
end)  shown  in  Fig.  3(d).  showing  that  the  scale  is  virtually  alumina. 


S.  Tcmiaucln  et  al.  I  Materials  Science  and  Etmineerinf^  A  198  (1995)  85-90 


89 


Fig.  5.  (a),  (b)  Outer  surfaces  and  (c),  (d)  fractured  sections  of  TiAl-Hf  specimens  (a),  (c)  after  preoxidation  and  (b),  (d)  subsequently  oxidized 
at  1300  K  for  10  cycles.  Scales,  shown  by  arrows  in  (c)  and  (d),  are  very  thin. 


effect  of  Hf  addition  was  thus  found  to  enhance  alu¬ 
mina  growth  during  the  early  oxidation  period. 

4.3,  Influence  of  Cr 

Since  the  preoxidation  was  performed  using  chromia 
and  metallic  chromium  powders,  and  they  remain  on 
the  specimen  surface  after  the  preoxidation,  there  might 
be  some  influence  on  the  nature  of  the  scale  formed  by 
the  preoxidation.  In  particular,  as  the  cyclic  oxidation 
proceeds,  these  particles  are  incorporated  in  the  scale 
and  metallic  chromium  may  be  oxidized.  However, 
alumina  and  chromia  having  the  same  crystal  structure 
dissolve  in  each  other.  Therefore  it  is  thought  that  they 
form  a  stable  oxide.  Since  the  effect  of  preoxidation 
appears  at  the  beginning  of  the  cyclic  oxidation,  the 
incorporation  of  chromia  into  the  scale  would  have 
smaller  influence,  if  any. 

In  addition,  if  a  small  amount  of  chromium  is  dis¬ 
solved  in  rutile,  this  will  enhance  the  oxidation  accord¬ 
ing  to  the  valence-control  rule.  It  is  known  [4,8]  that  a 
small  addition  of  Cr  to  TiAl  enhances  the  oxidation. 
However,  in  the  present  study  the  scales  formed  by  the 
preoxidation  were  very  protective.  Therefore  it  can  be 
concluded  that  such  an  effect  is  not  operative. 


Further,  a  recent  study  [23]  in  which  only  rutile 
powder  was  used  for  preoxidation  showed  the  forma¬ 
tion  of  similarly  alumina-rich  scales.  In  this  case  there  is 
no  possibility  of  incorporation  of  foreign  elements. 
Therefore  the  excellent  oxidation  resistance  obtained  by 
the  preoxidation  in  this  study  is  primarily  attributable 
to  the  preoxidation  under  low  oxygen  partial  pressure. 
Of  course,  chromium  may  have  some  influence,  and  this 
point  should  be  studied  further. 

5.  Conclusion 

The  preoxidation  of  TiAl,  buried  in  a  mixture  of 
70  mass%  chromia  and  30  mass%  metallic  chromium 
powders,  at  1200  K  for  100  ks  under  an  Ar  atmosphere 
resulted  in  the  formation  of  very  protective  scales.  They 
are  sufficiently  resistant  to  cyclic  oxidation  at  tempera¬ 
tures  between  room  temperature  and  1300  K  for  at 
least  10  cycles  (200  h).  The  addition  of  0.24  mass%  Hf 
to  TiAl  further  improved  the  oxidation  resistance. 
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Abstract 

The  tendency  for  corrosion  and  the  observed  rate  of  corrosion  are  determined  in  large  part  by  the  transport  properties  of  thin 
corrosion  product  layers.  Both  ionic  and  electronic  transport  are  important.  For  continued  corrosion,  a  corrosion  product  film 
capable  of  high  ionic  transport  is  required  at  the  metal  surface.  The  electronic  transport  properties  will  affect  the  spatial 
distribution  of  reduction  reactions  in  the  corroding  system.  In  this  paper,  a  generalized  model  for  a  corroding  system  is  presented, 
and  the  relevant  processes  that  control  corrosion  are  identified.  Four  systems  currently  under  study  in  our  research  group  are 
diagnosed  in  relation  to  the  generalized  model:  copper  in  sulfurous  gases,  metals  in  chloride  solutions,  bronze  disease  of  ancient 
artifacts  and  silver  in  sulfurous  gases. 

Keywords:  Corrosion;  Bronze;  Copper;  Silver 


1.  Introduction 

Atmospheric  corrosion  has  recently  received  in¬ 
creased  interest,  and  our  understanding  has  benefited 
from  the  application  of  several  new  test  methods  for 
controlled  exposures  and  the  increased  use  of  analytical 
techniques  to  determine  the  chemistry  and  structure  of 
corrosion  products.  A  major  factor  driving  this  renewed 
interest  in  the  mature  field  of  corrosion  has  been  the 
ubiquitous  usage  of  microelectronic  devices  for  commu¬ 
nication,  computing  and  process  control.  The  reliability 
of  these  devices  depends  upon  the  integrity  of  thin  film 
structures,  and  nearly  immeasurable  amounts  of  corro¬ 
sion  can  destroy  the  functionality  of  thin  films  or  can 
result  in  high  resistance  faults  from  thin  layers  of 
corrosion  products.  The  corrosion  processes  often  oc¬ 
cur  in  moist  air  that  contains  corrosive  species  at  parts 
per  billion  concentrations.  The  electrolyte  which  sup¬ 
ports  the  corrosion  reactions  may  be  as  thin  as  several 
monolayers  of  water  adsorbed  on  the  surface. 

The  tendency  for  corrosion  and  the  observed  rate  of 
corrosion  are  determined  in  large  part  by  the  transport 
properties  of  thin  corrosion  product  layers.  Both  ionic 
and  electronic  transport  are  important.  The  reactive 
metal  substrate  is  seldom,  if  ever,  in  direct  contact  with 
the  electrolyte;  instead,  a  corrosion  product  layer  sepa¬ 
rates  the  metal  and  the  aqueous  phase.  If  the  layer  is  a 


barrier  to  transport,  the  corrosion  rate  is  low  and  the 
metal  is  categorized  as  passive  under  the  exposure 
conditions.  If  the  layer  is  not  a  barrier,  corrosion 
proceeds.  For  continued  corrosion,  a  corrosion  product 
film  capable  of  high  ionic  transport  is  required  at  the 
metal  surface.  The  electronic  transport  properties  will 
affect  the  spatial  distribution  of  reduction  reactions  in 
the  corroding  system.  With  sufficient  electronic  conduc¬ 
tivity,  reduction  reactions  can  proceed  at  the  outer 
surface  of  the  corrosion  product  layer,  i.e.  the  corrosion 
product  can  act  as  an  electrode  for  electrochemical 
reactions. 

In  this  paper,  a  generalized  model  for  a  corroding 
system  is  presented,  and  the  relevant  processes  that 
control  corrosion  are  identified.  Four  systems  currently 
under  study  in  our  research  group  are  diagnosed  in 
relation  to  the  generalized  model. 

(1)  Copper  in  sulfurous  gases.  Copper  exposed  to 
clean  moist  air  develops  a  thin  protective  oxide  layer, 
whereas  copper  exposed  to  moist  air  with  parts  per 
billion  concentrations  of  sulfurous  gases  corrodes 
rapidly  with  the  growth  of  thick  tarnish  films.  The 
growth  of  the  tarnish  films  is  interpreted  in  terms  of  the 
transition  from  a  protective  oxide  layer  to  a  non-pro- 
tective,  mixed  oxide/sulfide  layer. 

(2)  Metals  in  chloride  solutions.  A  layer  of  copper 
chloride  develops  on  the  copper  surface  and  rapid 
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corrosion  rates  are  supported  by  transport  through  this 
layer.  Several  other  metal  chloride  systems  are  cited. 

(3)  Bronze  disease  of  ancient  artifacts.  The  eruption 
of  voluminous,  powdery,  green  corrosion  products  on 
apparently  sound  bronze  artifacts  when  they  are  re¬ 
moved  from  anaerobic  burial  environments  is  inter¬ 
preted  in  terms  of  the  role  of  a  thick  layer  of  copper 
chloride  that  develops  on  the  objects  during  burial. 

(4)  Silver  in  sulfurous  gases.  The  corrosion  rate  of 
silver  in  single  and  mixtures  of  sulfurous  gases  is  inter¬ 
preted  in  terms  of  the  transition  from  a  protective  oxide 
layer  to  non-protective  sulfide  layers.  The  elTects  of 
mixed  gases  on  corrosion  rates  are  interpreted  in  terms 
of  the  generalized  model. 

For  each  of  the  systems,  current  areas  of  focus  and 
work  in  progress  are  described. 


2.  Model  of  corroding  systems 

Our  general  model  of  the  atmospheric  corrosion  pro¬ 
cess  is  described  in  this  section.  The  structure  of  corro¬ 
sion  product  films  on  the  metal  and  the  processes  that 
control  the  rate  of  corrosion  are  identified.  The  model 
is  applied  here  for  the  diagnosis  of  corroding  systems 
where  a  thin  layer  of  electrolyte  is  present.  This  condi¬ 
tion  pertains  to  indoor  and  outdoor  environments 
where  relative  humidities  are  sufficient  to  result  in  a 
thin  adsorbed  layer  of  moisture  on  the  metal.  Corro¬ 
sion  in  thin  layer  electrolytes  is  also  experienced  when 
equipment  and  devices  are  operated  under  condensing 
conditions  for  moisture  on  surfaces.  In  all  cases,  the 
corrosion  process  is  electrochemical,  and  the  principles 
developed  for  corrosion  in  bulk  electrolytes  with  com¬ 
plete  immersion  pertain,  with  consideration  of  the  spe¬ 
cial  constraints  imposed  by  the  thin  electrolyte  layer. 

Four  stages  in  the  development  of  a  corroding  metal 
system  are  shown  schematically  in  Fig.  1.  In  the  ab¬ 
sence  of  the  corrosive  gas  species,  a  reactive  metal 
exposed  to  air  develops  a  thin  (2-5  nm)  protective  film. 
This  film  is  often  a  metal  oxide  or  hydroxide  which  has 
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Fig.  1.  Four  stages  in  the  development  of  a  corroding  metal  system. 


low  ionic  transport  properties.  This  creates  a  barrier  to 
further  corrosion,  and  the  metal  is  passive.  On  exposure 
to  moist  air  above  a  critical  relative  humidity,  a  thin 
(several  monolayers)  adsorbed  water  layer  forms  on  the 
surface.  The  absorption  of  atmospheric  gases,  dissolu¬ 
tion  of  ionic  species  on  the  surface  and  deposition  of 
airborne  particulates  into  the  water  layer  control  the 
composition  of  the  electrolyte.  For  corrosion  to  initiate, 
the  protective  layer  on  the  metal  must  be  changed  to  a 
non-protective  layer  that  has  substantial  ionic  trans¬ 
port.  The  non-protective  layer  with  high  ionic  transport 
typically  remains  thin  (several  hundreds  of  nanometers) 
and  becomes  an  inner  layer  of  a  duplex  film  of  corro¬ 
sion  products.  A  thicker  (several  micrometers  or 
greater)  outer  layer  develops  through  the  precipitation 
of  soluble  species  and  further  reaction  of  the  corrosion 
products  with  the  atmosphere.  The  outer  layer  is 
porous  or  cracked  and  can  permit  the  penetration  of 
water  and  gases. 

For  all  of  the  systems  considered  here,  it  is  assumed 
that  corrosion  proceeds  on  metal  that  is  covered  by  a 
non-protective  film.  Cations  are  produced  by  the  oxida¬ 
tion  of  metal  at  the  metal/inner  layer  interface.  Cations 
and/or  anions  move  through  the  non-protective  film. 
The  electrolyte  is  not  in  direct  contact  with  the  metal. 
The  critical  factors  are  therefore  those  that  alfect  (a)  the 
competition  between  the  formation  of  protective  and 
non-protective  films  on  the  metal,  (b)  the  ionic  and 
electronic  transport  properties  through  the  inner  layer 
and  (c)  the  composition  and  structure  of  the  outer 
layer.  Conditions  that  promote  protective  film  stability 
stifle  the  corrosion,  and  conditions  that  promote  the 
stability  of  a  non-protective  inner  layer  are  required  for 
corrosion  to  proceed. 

A  schematic  diagram  of  a  cross-section  through  a 
bilayer  corrosion  product  film  on  a  corroding  metal  is 
shown  in  Fig.  2.  A  compact  inner  layer  is  adjacent  to 
the  metal  surface,  and  a  porous  layer  of  corrosion 
products  and  deposits  comprises  the  outer  layer.  There 
is  an  aqueous  solution  adsorbed  on  the  outer  layer 
which  penetrates  the  layer  through  pores  and  cracks. 
A  gaseous  atmosphere  is  in  contact  with  the  thin 
electrolyte. 

The  inner  layer  is  a  non-protective  film  that  has  high 
ionic  transport  and  may  have  significant  electronic  con¬ 
ductivity.  This  layer  is  represented  in  the  figure  as  a 
metal  chloride  or  sulfide.  The  inner  layer  is  thin,  i.e.  on 
the  order  of  10-100  nm.  The  outer  layer  is  porous, 
non-protective  and  thicker  than  the  inner  layer,  i.e.  on 
the  order  of  1-100  //m.  This  layer  contains  oxides, 
hydroxides,  sulfates,  oxychlorides,  etc.  These  com¬ 
pounds  result  from  precipitation  from  the  aqueous 
solution,  reaction  of  the  inner  layer  with  adsorbed 
moisture  or  interaction  with  the  gaseous  environment 
during  dry  periods.  Particulate  deposition  from  the 
atmosphere  results  in  the  appearance  of  a  variety  of 
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Fig.  2.  Cross-section  through  a  duplex  corrosion  product  layer  on  a 
corroding  metal. 


compounds.  Furthermore,  these  particulates  can  inter¬ 
act  with  adsorbed  moisture  and  other  species  to  form 
additional  corrosion  products. 

The  aqueous  solution  results  from  the  adsorption  of 
water  from  the  atmosphere.  The  amount  of  water 
present  depends  on  the  relative  humidity,  mixed  gas 
composition  of  the  atmosphere  and  the  adsorption 
properties  of  the  surface.  The  composition  of  the  liquid 
is  determined  in  part  by  the  solubility  of  gaseous  spe¬ 
cies.  The  dissolution  of  solid  corrosion  products  and 
deposits  and  their  subsequent  ionic  dissociation  will 
also  alTect  the  liquid  composition  and  properties.  The 
composition  of  the  outer  layer  will  be  determined  by 
the  relative  stability  of  the  compounds  for  the  condi¬ 
tions  that  exist.  For  example,  precipitation  will  be 
controlled  by  solubility  products  and  ionic  concentra¬ 
tions  in  the  liquid.  Constituents  can  interact  and  react 
in  the  gas,  liquid  and  solid  states.  Furthermore,  the 
environment  typically  changes  with  time  and  there  are 
dynamic  changes  in  the  gas  and  solution  chemistry  that 
affect  the  formation  and  stability  of  the  corrosion 
product/deposit  layers. 

Transport  through  this  complex  system  will  control 
the  tendency  for  corrosion  and  the  resulting  corrosion 
rate.  Gaseous  species  are  exchanged  between  the  gas 
and  liquid.  Soluble  gases  and  ionic  species  move 
through  the  bulk  liquid  and  along  tortuous  paths 
through  the  outer  corrosion  product  layer.  Oxidizing 
species  move  to  cathodic  sites  and  are  reduced,  and  the 
reduction  products  move  from  the  cathodic  sites.  Oxi¬ 
dation  of  metal  occurs  at  the  metal/inner  layer  inter¬ 
face.  Anodic  and  cathodic  sites  must  be  linked  by  paths 
for  ionic  and  electronic  transport. 

Fig.  3  shows  the  non-protective  inner  layer  denoted 
in  Fig.  2  in  more  detail.  The  inner  layer  is  shown  on  the 
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Metal  Metal 

Fig.  3.  The  non-protective  inner  layer  as  a  bulk  film  or  as  a 
continuous  network  of  the  non-protective  constituent. 

left  as  a  homogenous  bulk  film  covering  the  metal 
surface.  A  continuous  network  of  the  non-protective 
constituent  along  boundaries  in  a  protective  film  is 
shown  on  the  right  of  Fig.  3.  Either  of  these  will 
provide  a  “fast  transport”  path  between  the  metal 
and  the  corrosive  environment.  The  bulk  film  is  repre¬ 
sentative  of  several  metal -chloride  systems,  and  the 
discontinuous  network  is  representative  of  the  copper- 
sulfide/oxide  system. 

Processes  at  the  inner  film  interfaces  are  identified  in 
Fig.  4.  A  bulk  inner  layer  separates  the  reactive  metal 
substrate  from  a  porous  outer  layer  and  the  corrosive 
environment.  Transport  through  the  inner  layer  is  by 
ionic  and  electronic  conduction,  and  transport  through 
the  outer  layer  occurs  via  liquid  along  pores  and  cracks 
in  the  layer.  The  inner  layer  is  an  ionic  solid.  At  (i)  the 
inner  layer  can  dissolve  in  the  aqueous  phase.  Hydra¬ 
tion  of  the  ionic  solid  occurs  at  (ii).  Oxidation  of  the 
metal  to  metal  ions  occurs  at  the  metal/inner  layer 
interface  (iii).  The  corrosion  product  layer  grows  by 
transport  of  cations  away  from  the  metal  or  transport 
of  anions  towards  the  metal  surface.  The  transport  of 
ions  through  the  layer  permits  corrosion  to  proceed. 
Reducible  species  arriving  at  the  metal  interface  can  be 
reduced  at  cathodic  sites  (iv).  This  is  represented  by  the 
reduction  of  water  with  the  generation  of  hydrogen  and 
hydroxyl  ion.  The  reaction  requires  the  transport  of 
water  across  the  inner  layer  and  the  transport  of  prod¬ 
ucts  away  from  the  reaction  sites.  For  ionic  solids  with 
appreciable  electronic  conductivity,  reduction  reactions 
can  be  supported  at  the  solution/inner  layer  interface 


PrncRkses  at  film  interfaces: 

i)  dissolution:  MeX2*H20  +  aq  ->  +  zX 

ii)  hydration:  MeX2  +  H20->  MeX2*H20 

iii)  oxidation  of  metal:  Me  +  zX  ->  MeX^  +  ze" 

iv)  reduction  of  oxidizing  species:  e.g,  H2O  +  2e*  ->  H2  +  02- 

v)  reduction  of  oxidizing  species:  e.g.  H2O  +  2c'  ->  H2  +  o2 

vi)  reduction  at  remote  cathodic  sites:  e.g.  H2O  +  2e'  ->  H2  +  02' 

Fig.  4.  Processes  at  the  inner  film  interface. 
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(v).  The  overall  oxidation  of  metal  must  be  balanced  by 
an  equal  amount  of  reduction.  The  reduction  at  (iv) 
and  (v)  can  be  supplemented  by  reduction  at  remote 
cathodic  sites  (vi).  Ionic  transport  through  the  inner 
layer  occurs  by  migration,  e.g.  high-field  conduction 
and  diffusion. 

In  the  remainder  of  this  paper,  this  general  model  is 
applied  to  the  diagnosis  of  several  corroding  systems. 
This  framework  for  the  processes  that  control  corrosion 
was  useful  in  identifying  common  behavior  and  distin¬ 
guishing  features  for  each  of  the  systems. 

3.  Copper  in  sulfurous  gases 

On  exposure  to  air  with  no  corrosive  gas  species, 
copper  reacts  to  form  a  native  oxide  film  of  CU2O 
approximately  1.6  nm  thick,  covered  by  an  adsorbed 
water/hydroxyl  layer  with  adventitious  hydrocarbon 
approximately  0.8  nm  thick  [1].  When  relative  humidity 
and  sulfur-containing  gases  in  the  low  parts  per  billion 
concentration  range  combine  to  form  a  corrosive  elec¬ 
trolyte  on  the  surface  of  copper,  the  protection  afforded 
by  the  native  oxide  is  lost.  Corrosion  products  increase 
in  thickness  and,  with  time,  a  thick  tarnish  film  devel¬ 
ops.  The  transition  from  a  protective  to  a  non-protec- 
tive  layer  and  the  subsequent  growth  processes  in  the 
thick  corrosion  product  films  on  copper  are  the  subject 
of  current  research  in  our  group. 

Observations  of  copper  oxidation  in  dry  air  provide  a 
suitable  basis  for  discussion  of  the  principles  governing 
the  conversion  of  a  protective  native  copper  oxide  layer 
into  a  non-protective  tarnish  film.  Transmission  elec¬ 
tron  microscopy  (TEM)  analysis  of  cross-sections  of 
thermal  oxides  formed  on  copper  under  dry  conditions 
below  200  °C  indicate  that  the  oxides  have  a  “mosaic” 
type  of  structure  with  some  metal  grains  experiencing 
significantly  more  oxidation  than  others  [2].  Rapidly 
oxidized  metal  grains  are  covered  by  a  layer  of  small 
spherical  oxide  particles  separated  by  high-angle 
boundaries.  Although  slow  ionic  transport  occurs 
through  the  bulk  oxide  at  room  temperature,  the  diffu¬ 
sion  of  species  along  the  grain  boundaries,  which  is 
several  orders  of  magnitude  higher,  will  account  for  the 
growth  of  the  oxide  film  [2].  In  contrast,  grains  which 
experience  only  minor  oxidation  are  covered  by  larger 
oxide  plates  that  contact  one  another  at  low-angle 
boundaries.  The  low-angle  boundaries  restrict  the 
transport  of  the  species  necessary  for  oxidation. 

Overall,  the  oxide  layer  continues  to  grow  by  the 
transport  of  ionic  species  through  the  thickness  of  the 
film  via  the  grain  boundaries.  More  rapid  growth  and 
thicker  oxides  are  observed  where  transport  across  the 
film  is  enhanced  by  a  large  number  of  high-angle,  fast 
diffusion  boundaries.  Therefore  the  transport  has  been 
increased  by  the  formation  of  “fast  transport”  channels 


through  an  otherwise  “slow  transport”  bulk  material. 
Similarly,  a  key  premise  of  our  interpretation  of  the 
corrosion  of  copper  in  moist  air  with  sulfurous  gases  is 
the  development  of  fast  transport  paths  through  the 
thickness  of  the  initially  protective  oxide  on  copper 
between  the  film/electrolyte  interface  and  the  film/metal 
interface.  These  channels  provide  the  transport  neces¬ 
sary  to  support  continued  corrosion.  In  the  absence  of 
a  corrosive  electrolyte,  the  native  copper  oxide  would 
continue  to  protect  the  metallic  substrate  from  further 
corrosion. 

The  adsorption  of  moisture  and  sulfur  dioxide  from 
the  surrounding  environment  is  the  essential  first  step  in 
the  tarnishing  of  copper.  The  relative  humidity  of  the 
environment  has  been  shown  to  have  a  large  effect  on 
the  overall  tarnishing  rate  reported  [3],  with  the  absence 
of  atmospheric  moisture  having  been  shown  to  shut  off 
completely  the  tarnishing  process  [4].  Thermodynamic 
solution  chemistry  indicates  that  the  absorption  of  sul¬ 
fur  dioxide  into  the  adsorbed  water  layer  would  initially 
create  an  electrolyte  dominated  by  the  bisulfite  ion, 
HSO3-,  at  a  pH  of  4.5  for  100  ppb  SO2  [5]. 

Sulfur  dioxide  exposure  has  been  shown  to  cause  the 
growth  of  copper  oxide,  CU2O,  with  the  incorporation 
of  small  amounts  of  copper  sulfide  [6-8].  The  growth 
of  oxide  during  exposure  has  also  been  reported  by 
others  [9,10].  Oxysulfur  species,  in  the  form  of  sulfite, 
have  also  been  detected  [6,7,9,10],  with  X-  ray  pho¬ 
toelectron  spectroscopy  (XPS)  depth  profiling  indicat¬ 
ing  that  this  sulfite,  HSO^”,  and  possibly  an 
species  exist  as  an  outer  layer  to  the  oxide/trace  sulfide 
structure  mentioned  above  [6,7].  Samples  examined  af¬ 
ter  field  exposures  frequently  exhibit  another  oxysulfur 
constituent,  sulfate  [1 1,12].  During  laboratory  exposure, 
higher  sulfur  dioxide  gas  concentrations  and  longer 
exposure  times  seem  to  correlate  with  the  appearance  of 
copper  sulfate  [4,13]. 

The  addition  of  nitrogen  dioxide  to  a  moist  flowing 
gas  stream  of  sulfur  dioxide  can  affect,  synergistically, 
the  tarnishing  of  copper  [10].  XPS  analysis  has  revealed 
that  cupric  species,  CuO  and  Cu(OH)2,  are  encouraged 
under  these  exposure  conditions  [7].  Cuprous  oxide, 
CU2O,  as  well  as  a  trace  signal  from  copper  sulfide  are 
still  detected.  Traces  of  sulfite  are  found  on  the  surface 
of  the  tarnish  film  and  slightly  into  the  bulk.  At  higher 
gas  concentrations,  sulfite  and/or  nitrate  species  have 
been  reported  to  form  [14].  When  functioning  alone, 
nitrogen  dioxide  has  been  shown  to  produce  CU2O  and 
CuO,  although  the  reaction  rates  are  more  than  an 
order  of  magnitude  lower  than  those  observed  for  a 
combined  sulfur  dioxide/nitrogen  dioxide  exposure  [10]. 
Our  findings  for  the  tarnish  film  compositions  and 
thicknesses  in  the  Cu-0~S-H  system,  based  on  X-ray 
photoelectron  spectroscopic  analysis  and  coulometric 
reduction,  are  summarized  in  Table  1. 
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Table  1 

Summary  of  film  compositions  and  thicknesses  produced  on  copper  by  sulfurous  gases 
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Corrosive  gas  environment 

Bulk  tarnish  film  composition 
based  on  XPS  analysis 

Film  thickness  based  on 
coulometric  reduction"* 

75  ppb  sulfur  dioxide  at 

Predominantly  CU2O  with 

10  h  sample: 

23  °C  and  70%  relative  humidity 

several  per  cent  CU2S 

CU2O,  5  nm 

(sulfide  peak  became  more 

30  h  sample: 

distinct  with  longer  exposure  times) 

CU2O,  9  nm 

60  h  sample: 

CU2O,  5  nm 

75  ppb  sulfur  dioxide  and 

Copper  oxides,  CuO  and 

10  h  sample 

120  ppb  nitrogen  dioxide  at 

CU2O,  with  Cu(OH)2 

CU2O,  6nm 

23  °C  and  70%  relative  humidity 

(cupric  species  formation  was 

CuO,  Cu(OH)2^  4  nm 

enhanced  with  longer  exposure  time) 

30  h  sample: 

CU2O,  10  nm 

CuO,  Cu(OH)2*’,  7  nm 

60  h  sample: 

CU2O,  10  nm 

Cub,  Cu(OH)2^  13nm 

"^Film  thickness  was  adjusted  to  account  for  the  surface  roughness  by  assuming  that  the  real  surface  area  (15  pm  roughness)  was  greater  than  the 
apparent  geometric  area  by  a  factor  of  njl, 

‘^Film  thickness  was  calculated  as  though  Cu(OH)2  was  the  only  cupric  species,  although  CuO  was  also  present  in  the  film. 


The  phenomenology  observed  for  the  tarnishing  of 
copper  to  form  products  in  the  Cu-O-S-H  system 
agrees  well  with  the  overall  mechanistic  viewpoint  pre¬ 
sented  within  this  paper.  The  features  presented  in  Fig. 
2  are  pertinent  to  the  Cu-O-S-H  system.  In  an  envi¬ 
ronment  lacking  corrosive  gases,  the  native  oxide  film 
on  copper  protects  the  substrate  from  further  oxida¬ 
tion;  therefore  the  oxide  must  undergo  modification  to 
allow  the  tarnishing  processes  to  initiate.  Once  the 
transport  properties  of  the  original  oxide  have  been 
altered  to  enhance  species  mobility,  the  concentration 
of  copper  ions  in  solution  increases  to  the  point  at 
which  the  porous  outer  layer  of  the  duplex  structure 
begins  to  precipitate. 

The  synergy  experienced  for  combined  sulfur  diox¬ 
ide/nitrogen  dioxide  exposures  can  be  interpreted  with 
respect  to  our  model.  The  role  of  sulfur  dioxide  is  to 
create  conditions  for  the  formation  of  continuous  chan¬ 
nels  of  copper  sulfide  along  the  boundaries  of  copper 
oxide.  This  provides  the  necessary  fast  transport  path 
through  the  oxide.  The  role  of  nitrogen  dioxide  is  to 
increase  the  driving  force  for  species  transport  across 
the  non-protective  film.  The  oxidizing  power  of  the 
aqueous  environment  is  greatly  increased  by  nitrogen 
dioxide,  thereby  establishing  a  greater  redox  potential 
across  the  film  thickness.  The  presence  of  a  fast  trans¬ 
port  network  and  a  greater  driving  force  for  corrosion 
and  transport  across  the  film  combine  to  produce  the 
synergy. 

Sulfur  dioxide  has  been  shown  to  act  as  a  cathodic 
depolarizer  on  copper  [15],  effectively  undergoing  re¬ 
duction  to  sulfide  [6,7].  This  small  amount  of  sulfide 


becomes  incorporated  into  the  growing  oxide  film.  In 
particular,  the  sulfide  constituent  becomes  localized 
along  the  oxide  grain  boundaries  and  extensive  modifi¬ 
cations  of  the  transport  properties  of  the  native  oxide 
film  result.  Copper  sulfides  are  known  to  have  signifi¬ 
cantly  faster  ionic  transport  than  copper  oxides. 

Nitrogen  dioxide  serves  as  a  highly  oxidizing  species, 
thereby  establishing  the  activity  or,  alternatively,  the 
potential  gradient  needed  to  drive  the  transport  of 
species  across  the  thickness  of  the  film.  As  mentioned 
earlier,  the  oxidizing  nature  of  nitrogen  dioxide  has 
been  shown  by  the  formation  of  cupric  species,  CuO 
and  Cu(OH)2  [7].  As  nitrogen  dioxide  gas  enters  the 
layer  of  adsorbed  moisture,  a  tarnishing  reaction  takes 
place  which  reduces  N(  -h  4)  in  N2O4  to  N(  +  3)  in 
HNO2.  This  nitrous  acid,  HNO2,  is  a  gaseous  product 
of  the  reaction  and,  on  reaching  its  saturation  level  in 
solution,  leaves  the  electrolyte  to  rejoin  the  flowing  gas 
stream.  Hence  the  absence  of  nitrogen-containing  tar¬ 
nish  products  under  certain  exposure  conditions  is  un¬ 
derstandable.  The  formation  of  HNO2  as  a  product  of 
the  reaction  of  nitrogen  dioxide  with  metals  has  been 
detected  previously  [10,16]. 

As  this  copper  oxide/trace  sulfide  structure  develops, 
copper  ions  are  also  going  into  solution  at  the  adsorbed 
water  electrolyte  layer/tarnish  film  interface.  The  for¬ 
mation  of  hydroxide,  sulfite  or  nitrate  species  depends 
on  the  solubility  products  of  the  various  compounds. 
At  higher  concentrations  of  corrosive  gas  species,  e.g. 
SO2  and  NO2,  and  therefore  lower  pH,  the  sulfite  and 
nitrate  species  may  develop,  with  hydroxide  con¬ 
stituents  forming  at  lower  corrosive  gas  species  concen- 
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trations  and  higher  pH  values.  The  small  volume  of 
adsorbed  moisture  and  the  stagnant  nature  of  the  film 
will  make  the  build  up  of  ionic  species  prior  to  precipi¬ 
tation  relatively  easy. 

This  overall  process  ultimately  produces  a  film  con¬ 
sisting  of  two  layers.  The  inner  layer  is  the  compact, 
solid-state-formed  oxide/trace  sulfide  structure  and  the 
outer  layer  is  a  porous,  precipitated  structure  of  either 
hydroxide,  sulfite  or  nitrate  species.  At  longer  reaction 
times,  the  dilTusion  and  convection  of  the  reacting 
electrolyte  species  through  the  tortuous  paths  within 
the  precipitated  layer  can  control  the  kinetics  of  tar¬ 
nishing.  Duplex  layered  films  such  as  these  have  been 
reported  in  a  variety  of  systems  [17,18]. 

The  copper  sulfate  observed  on  the  surface  of  some 
samples  could  originate  in  several  ways.  The  oxidation 
of  the  outer  part  of  the  precipitated  sulfite  layer  to 
copper  sulfate  can  occur  either  in  the  latter  stages  of 
tarnishing  or  during  a  dry  period  of  relative  humidity 
fluctuations.  Direct  deposition  of  sulfate-  containing 
particulates  could  also  explain  the  observation  of  sul¬ 
fates  in  samples  retrieved  from  field  exposures  [19,20]. 

Experimental  work  remains  to  be  done  to  examine  in 
more  detail  the  substructure  of  the  tarnish  films  formed 
on  copper  in  sulfur-  containing  gases.  The  morphology 
of  the  products  and  the  location  of  individual  species, 
particularly  sulfides,  need  to  be  determined.  Such  work 
is  necessary  in  order  to  develop  in  more  detail  the 
processes  which  control  the  initiation  and  growth  of 
tarnish  films. 


4.  Metals  in  chloride  solutions 

Chloride-containing  bilayer  films  are  observed  in  a 
variety  of  systems,  including  the  pitting  and  anodic 
dissolution  of  metals,  aqueous  corrosion  of  metals  in 
seawater,  patinas  formed  on  copper  in  outdoor  envi¬ 
ronments  and  the  indoor  corrosion  of  metals.  In  these 
systems,  the  corrosion  product  film  structures  are  con¬ 
sistent  with  the  general  model  proposed  here:  a  thin, 
compact  inner  layer,  covered  by  a  thicker  layer  of 
corrosion  products,  has  been  observed  in  a  variety  of 
systems.  Reactant  transport  through  the  inner  layer  has 
been  cited  as  an  important  process  in  the  growth  of 
corrosion  films  in  a  number  of  systems. 

4.7.  Observations  of  chloride -contaming  films  in 
corrosion  en vironmen ts 

In  studies  of  the  localized  corrosion  of  metals,  the 
presence  of  a  salt  film  at  the  base  of  active  pits  has  been 
demonstrated.  Beck  has  shown  that  chloride  films  are 
involved  in  the  pitting  of  titanium  [21,22],  aluminum 
[23-25],  magnesium  [26]  and  silver  [27].  In  his  studies 
on  the  pitting  of  titanium.  Beck  [21,22]  presented  a 


model  in  which  the  bottom  of  an  active  pit  is  covered 
wdth  a  salt  film.  Metal  loss  continues  by  dissolution  of 
the  metal  halide  or  oxyhalide  at  the  film/solution  inter¬ 
face.  The  salt  film  grows  by  high-field  conduction  of 
ions  through  the  salt  film  and,  depending  on  the  specific 
system,  either  the  metal  cation  or  halide  anions  will  be 
the  predominant  mobile  ionic  species.  Continued  work 
on  aluminum  [23-25,28]  showed  the  existence  of  a  salt 
film  in  active  aluminum  pits.  The  salt  film  observed  in 
artificial  pit  experiments  appears  to  have  a  bilayer 
structure  consisting  of  an  inner  anhydrous  AlCl^  layer, 
which  grow's  by  high-field  conduction,  covered  by  an 
outer  hydrated  layer  wTich  has  ohmic  characteristics 
[24]. 

Bilayer  films  have  also  been  observed  in  studies  of 
the  anodic  dissolution  of  metals  in  chloride  solutions. 
Clerc  and  Landolt  [29]  have  analyzed  films  formed  on 
nickel  in  chloride  solutions.  In  their  a.c.  impedance 
studies,  they  have  modeled  the  anodic  film  as  a  duplex 
layer  with  a  compact  layer  which  forms  by  high-  field 
conduction  covered  by  a  looser  film  of  corrosion  prod¬ 
ucts.  Similar  studies  by  Grimm  et  al.  [30]  on  the  disso¬ 
lution  of  iron  in  a  chloride  solution  also  used  a  bilayer 
film  model. 

The  corrosion  of  metals  in  chloride-containing  elec¬ 
trolytes,  such  as  seaw'ater,  also  yields  corrosion  films 
with  bilayer  structures.  Copper  and  copper  alloys  have 
been  studied  in  a  variety  of  aqueous  systems,  with 
considerable  emphasis  on  chloride-  and  sulfide-contain¬ 
ing  solutions,  such  as  seawater  and  polluted  seaw^ater. 
Pickering  and  coworkers  [18,31,32]  have  studied  the 
mechanism  of  corrosion  of  Cu-9.4Ni  l.7Fe  alloy  in 
aerated  aqueous  NaCl  solutions.  A  multilayer  structure 
w^as  indicated,  with  a  thin  (much  less  than  500  nm), 
strongly  adherent  inner  layer  in  contact  with  the  elec¬ 
trolyte  through  a  much  thicker  (10-70  pm)  porous 
outer  layer.  The  composition  of  the  protective  surface 
layer  was  determined  by  XPS,  scanning  electron  mi¬ 
croscopy  (SEM)  and  X-ray  dilfraction.  The  outer  layer 
was  mainly  copper  oxychlorides,  and  the  inner  thin 
layer  contained  appreciable  chloride,  oxygen,  copper 
and  some  nickel.  XPS  analysis  revealed  chloride 
throughout  the  film,  with  a  maximum  concentration 
along  a  plane  located  within  the  inner  layer  near  the 
inner  layer/outer  layer  interface  [31]. 

The  behavior  of  metals  in  gaseous  exposure  condi¬ 
tions  has  not  been  investigated  as  thoroughly  as  the 
behavior  during  bulk  aqueous  exposure.  Much  of  the 
present  w^ork  in  tarnishing  involves  the  characterization 
of  films  growm  by  natural  exposure,  both  indoors  and 
outdoors.  Analyses  of  copper  patinas  formed  in  the 
atmosphere  include  metallography  [33,34],  X-ray 
diffraction  [34,35]  and  evolved  gas  analysis  [35]  as  well 
as  Auger  electron  spectroscopy  (AES)  [36,37]  and  XPS 
[37].  In  these  naturally  formed  copper  patinas,  oxides, 
sulfates,  chlorides,  carbonates  and  oxalates  were  found 
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[34-36].  These  patinas  were  found  to  have  a  layered 
structure  with  numerous  voids  distributed  throughout 
the  film;  patina  thicknesses  ranged  from  4-6  pm  for 
1 -2-year  exposures  (horizontal  orientation)  to  10-12 
//m  formed  on  44-year-old  copper  exposed  in  a  hori¬ 
zontal  position  [33].  Metallographic  examination  of  a 
100-  year-old  sample  from  the  Statue  of  Liberty  re¬ 
vealed  copper  oxide  adjacent  to  the  metal  with  a  copper 
sulfate  layer  on  top;  chemical  analyses  (SEM,  energy 
dispersive  X-ray  analysis  (EDXA))  showed  the  presence 
of  small  amounts  of  Cl  [33].  Opila  [36]  examined  similar 
specimens  by  AES  in  conjunction  with  Ar"^  sputtering 
and  found  that  chloride-containing  species  represent  a 
significant  fraction  of  the  patina  next  to  bulk  Cu.  The 
presence  of  a  copper  chloride  layer  adjacent  to  the 
metal  may  be  indicated  by  this  analysis,  and  this  would 
be  consistent  with  the  general  model  proposed  here. 

In  the  case  of  indoor  atmospheric  corrosion,  the  films 
are  thinner  and  lower  in  oxygen  content  than  patina 
films  formed  during  outdoor  exposures.  Schubert  and 
D’Egidio  [38]  observed  indoor  tarnish  film  thicknesses 
from  41  nm  for  a  3-year  exposure  to  434  nm  for  a 
sample  exposed  for  49  years.  They  attribute  these  differ¬ 
ences  to  moisture,  citing  several  studies  which  demon¬ 
strate  that  the  rates  of  tarnish  reactions  increase  with 
relative  humidity  in  the  presence  of  pollutant  gas  spe¬ 
cies.  Haque  and  Antler  [39]  observed  chloride  films  on 
clad  palladium  and  palladium-silver  alloys  exposed  to 
indoor  environments.  While  these  materials  were  not 
noticeably  affected  by  a  typical  air-conditioned  office  in 
the  40-month  exposure,  samples  exposed  to  a  non-air- 
conditioned  indoor  environment  showed  substantial 
particulate  contamination  and  chloride  films  on  the 
surface.  In  discussions  on  the  development  of  mixed 
flowing  gas  test  environments  for  atmospheric  corro¬ 
sion,  Abbott  [40]  cites  the  presence  of  chloride  in 
atmospheric  corrosion  product  films,  and  the  presence 
of  chloride  in  copper  samples  exposed  to  Battelle  Class 
II,  III  and  IV  test  environments.  Rice  et  al.  [37]  report 
the  presence  of  chloride  on  nickel,  copper  and  silver 
exposed  to  indoor  environments.  Neither  the  identity  of 
the  chloride-containing  corrosion  product,  nor  the  dis¬ 
tribution  of  chloride  in  the  corrosion  product  film,  is 
addressed  in  these  investigations,  but  the  presence  of 
chloride  in  atmospheric  corrosion  product  films  is 
shown.  Further  studies  on  the  corrosion  products 
formed  in  these  environments  are  needed  to  elucidate 
the  structure  of  the  corrosion  product  films  and  the 
exact  role  of  chloride  in  the  corrosion  processes. 

4.2.  Corrosion  product  film  formation  processes  and 
properties 

Once  a  corrosion  product  film  is  formed,  reactants 
for  further  corrosion  (metal  atoms  and  reducible  spe¬ 
cies)  are  separated  by  that  film.  In  order  for  the  corro¬ 


sion  reaction  to  continue,  ionic  and/or  electronic 
transport  through  the  formed  layer  must  occur.  The 
formation  processes  and  transport  properties  of  the 
corrosion  product  films  can  play  a  crucial  role  in  the 
rate  of  corrosion. 

In  many  of  the  cases  of  corrosion  discussed  above,  a 
thin  compact  layer  was  observed  adjacent  to  the  metal 
surface;  this  layer  is  no  longer  the  thin  native  (2-5  nm) 
oxide  that  forms  on  exposure  to  air,  but  is  an  ionic 
solid  consisting  of  metallic  cations  and  various  anions, 
including  chloride  and  oxide,  Ionic  solids,  such  as  metal 
chlorides,  have  considerably  higher  ionic  conductivities 
than  metal  oxides,  as  pointed  out  by  Beck  [24]  in  the 
case  of  aluminum.  The  transformation  from  protective 
oxide  to  non-protective  film  is  controlled  by  competi¬ 
tion  between  protective  species,  such  as  oxides,  and 
species  that  are  non-protective,  such  as  chlorides. 

The  relative  stability  of  possible  corrosion  product 
species  in  the  Cu-Cl-O-H  system  can  be  examined  by 
use  of  a  potential-pH  diagram,  calculated  from  ther¬ 
modynamic  data.  The  potential  vs.  pH  diagram  for  the 
copper-chlorine-water  system,  shown  in  Fig.  5,  illus¬ 
trates  that  cuprous  chloride  is  stable  under  acidic  and 
slightly  reducing  conditions,  as  can  be  seen  by  consider¬ 
ing  the  equilibrium  between  cuprite  (CU2O)  and  nan- 
tokite  (CuCl) 

Cu.O  +  2H  +  +  2C1  -  ^  2CuCl  +  H.O 

-  64.2  kJ  mol-'  (1) 

pH  =  6.14  +  log[Cl-] 

As  the  chloride  ion  concentration  increases,  the  pH 
boundary  between  cuprite  and  nantokite  moves  to¬ 
wards  more  alkaline  conditions. 

The  equilibrium  between  CuCl  and  the  cupric  ion 
(Cu^^)  is  as  follows 

Cu2+  +C1-  +e-  ^CuCl  AG°=  -  52.4  kJ  mol”' 

.  (2) 

S(y)  =  0.54  -  0.059(pCl  +  pCu^  ) 


pH 

Fig.  5.  ^-pH  diagram  of  the  CU-CI-H2O  system  at  [Cl“]  = 
10~“  M. 
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Above  this  potential,  the  cupric  ion  is  stable,  and 
precipitation  of  basic  cupric  salts,  such  as  carbonate, 
sulfate  and  chloride,  will  occur.  This  equilibrium  poten¬ 
tial  will  shift  to  higher  potentials  with  increasing  chlo¬ 
ride  concentration. 

The  equilibrium  between  copper  and  nantokite  is 
expressed  as 

CuCl  +  e-  ^Cu  +  Cl  AG°=  -  13.3  kJ  mol 

(3) 

^(V)  =  0.138  +0.059pCl 

The  equilibrium  potential  decreases  with  increasing 
chloride  concentration. 

As  shown  by  the  equilibrium  equations  above,  an 
increase  in  chloride  concentration  results  in  an  increase 
in  the  size  of  the  stability  field  for  copper  chloride  on 
the  E-pH  diagram.  The  conditions  required  for  chlo¬ 
ride  stability  can  be  achieved  near  the  corroding  metal 
surface.  Pollutant  gases  in  moist  air,  such  as  SO2  and 
HCl,  will  yield  acidic  electrolytes  on  the  surface  [5,24]. 
As  shown  by  the  E-pH  diagram,  cuprous  chloride  is 
stable  with  respect  to  cuprous  oxide  under  low  pH 
conditions.  The  formation  of  a  cuprous  chloride  film 
could  occur  at  the  metal/film  interface  in  the  case  of 
solid-state  formation  or  at  the  inner/outer  film  interface 
in  the  case  of  precipitation. 

In  the  discussion  above,  the  conditions  under  which 
cuprous  chloride  is  stable  were  outlined.  In  addition, 
the  conditions  that  lead  to  the  '  consumption  of  a 
cuprous  chloride  film  are  of  interest.  The  thickness  of 
an  inner  salt  film,  such  as  CuCl,  is  determined  by  the 
relative  difference  in  the  rates  of  film  formation  and 
consumption.  Processes  that  can  cause  film  loss  include 
dissolution  and  chemical  reaction.  These  processes  will 
occur  at  the  interface  between  the  inner  and  outer  layer. 
Dissolution  of  cuprous  chloride  into  the  adsorbed  elec¬ 
trolyte  will  be  limited,  as  the  solubility  of  cuprous 
chloride  is  low,  approximately  10 mol  1“’.  Possible 
chemical  reactions  include  the  hydrolysis  of  cuprous 
chloride  to  form  cuprous  oxide  and  hydrochloric  acid 
and  the  oxidation  of  cuprous  ions  to  form  cupric  salts. 
As  shown  in  the  discussion  of  the  definition  of  the 
stability  field  for  CuCl,  reaction  (1)  is  the  hydrolysis 
reaction  and  reaction  (2)  is  the  oxidation  of  cuprous 
ions  to  the  cupric  state.  As  dissolved  cuprous  ions  are 
oxidized,  the  concentration  of  cuprous  ions  is  main¬ 
tained  by  further  dissolution  of  the  inner  film.  The 
oxidized  ions,  Cu""^,  form  basic  salts  with  anionic 
species  in  the  adsorbed  electrolyte,  such  as  OH  “ ,  Cl  “ , 
CO|“  and  oxysulfur  species  (e.g.  SO^"),  as  dictated  by 
the  values  for  these  various  salts.  Depending  on  the 
rates  of  film  formation  and  consumption  reactions,  a 
non-protective  film  will  increase  or  decrease  in  thick¬ 
ness.  or  may  disappear  entirely  when  the  consumption 
rate  exceeds  the  formation  rate. 


The  formation  and  dissolution  reactions  often  occur 
at  different  interfaces,  and  the  electrochemical  and 
chemical  conditions  at  these  interfaces  are  different. 
The  conditions  at  the  metal  surface  promote  oxidation 
(anodic  sites)  of  copper  to  cuprous,  and  the  conditions 
at  the  inner/outer  layer  interface  promote  reduction 
reactions  (cathodic  sites).  The  conditions  result  in  film 
Ibrmation  at  the  metal/inner  layer  interface,  while  en¬ 
couraging  film  loss  processes  at  the  inner/outer  layer 
interface.  When  in  balance,  the  net  result  is  the  con¬ 
sumption  of  metal  and  a  constant  inner  layer  thickness, 
as  the  film  appears  to  move  into  the  metal  substrate, 
with  a  thickening  outer  layer  growing  above  the  copper 
chloride  film. 

The  transport  properties  of  the  thin  inner  layer  are 
important  as  the  conduction  of  ionic  and  electronic 
species  through  an  established  corrosion  product  film 
can  limit  the  corrosion  rate.  The  properties  of  inner 
films  have  been  examined  and  several  key  observations 
are  summarized  below.  In  studies  of  localized  corro¬ 
sion,  Beck  [24,25]  has  developed  a  model  of  an  active 
pit  where  the  bottom  of  the  pit  is  covered  with  a  metal 
halide  film.  For  aluminum  pitting  in  chloride-contain¬ 
ing  solutions,  the  aluminum  chloride  film  has  a  bilayer 
structure  consisting  of  an  anhydrous  AlCF,  layer  adja¬ 
cent  to  the  metal  surface  and  an  outer  layer  of  hydrated 
A1C13-H20.  The  inner  layer  was  shown  to  form  by 
high-field  conduction,  and  the  outer  layer  formed  by 
water  penetration  and  reaction  with  the  anhydrous 
inner  layer.  Metal  loss  occurs  by  dissolution  of  the 
hydrated  salt  film  at  the  film/electrolyte  interface.  Hy¬ 
drogen  evolution  also  occurs  at  the  metal  surface  (oxide 
formed  by  the  reduction  of  water  is  incorporated  into 
the  chloride  film).  These  processes  are  equivalent  to 
reactions  (i)  and  (iv)  in  Fig.  4.  From  measurements  of 
the  peak  current  vs.  stepped  potential  in  an  “artificial 
pit”  shielded  electrode,  values  for  the  conductivity  of 
anhydrous  aluminum  chloride  were  determined  [25]. 
The  values  calculated  for  AICI3  conductivity  were  on 
the  order  of  10  D  cm“,  many  orders  of  magnitude  larger 
than  the  conductivity  of  anodic  aluminum  oxide,  ap¬ 
proximately  10  '  Q  cm-. 

Clerc  and  Landolt  [29]  modeled  the  anodic  dissolu¬ 
tion  of  nickel  and  Grimm  et  al.  [30]  modeled  the  anodic 
dissolution  of  iron  in  chloride  solutions  by  a  bilayer 
model  that  consists  of  a  metal  electrode  covered  by  an 
inner  compact  layer  with  semiconducting  properties 
and  an  outer  porous  film.  Metal  ions  are  transported 
through  the  inner  layer  by  a  high-field  conduction 
mechanism;  oxidation  of  the  metal  atoms  occurs  at  the 
metal/inner  film  interface.  These  processes  are  consis¬ 
tent  with  the  general  model  proposed  here.  Although 
Clerc  and  Landolt  [29]  assume  that  this  inner  layer  is  an 
oxide,  they  state  that  they  do  not  know  the  oxide 
stoichiometry  and  that  it  is  possible  that  the  film  is 
more  like  a  chloride  than  an  oxide.  Their  model  does 
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not  depend  on  the  chemical  composition  of  the  inner 
film,  only  its  electrical  and  ionic  conduction  properties. 
By  measuring  the  influence  of  disk  rotation  speed  and 
applied  potential  on  the  a.c.  impedance,  this  bilayer 
film  model  was  verified  for  the  dissolution  of  iron  in 
chloride  solution,  and  transport  parameters  such  as  the 
thickness  (approximately  10  nm)  and  donor  density 
(17.9x10’^  cm“-'^)  of  the  compact  film  were  deter¬ 
mined  [30]. 

The  corrosion  behavior  of  copper- nickel  alloys  in 
seawater  has  been  linked  to  the  properties  of  an  inner 
compact  layer  in  a  bilayer  corrosion  product  structure. 
Popplewell  et  al.  [41]  studied  the  corrosion  characteris¬ 
tics  of  a  90-10  cupro-nickel  alloy  and  found  that  the 
addition  of  iron  increased  the  corrosion  resistance;  they 
attributed  this  increased  resistance  to  a  modification  of 
the  defect  structure  of  the  compact  inner  film  and  an 
increase  in  the  electronic  resistance  of  the  film.  How¬ 
ever,  later  studies  by  Hack  and  Pickering  [42]  suggested 
that  the  corrosion  resistance  of  copper- nickel  alloys  is 
due  to  the  limited  oxygen  reduction  reaction  rates.  The 
inner  layer  provides  a  diffusion  barrier  to  the  cathodic 
reaction  and  exhibits  poor  kinetics  for  the  oxygen  re¬ 
duction  reaction.  The  outer  porous  corrosion  product 
has  less  of  an  effect  on  the  cathodic  reaction  rate  for 
pure  copper  than  fot  the  90-10  and  70-30  copper- 
nickel  alloys;  the  greater  corrosion  resistance  of  the 
alloys  was  attributed  to  the  poor  kinetics  exhibited  by 
the  porous  outer  layer  for  oxygen  reduction  [42]. 


5.  Chloride  corrosion  of  bronze  antiquities 

In  the  case  of  the  corrosion  of  bronze  artifacts  buried 
in  chloride-containing  environments,  the  formation  of  a 
layered  corrosion  product  structure  is  evident.  The 
bronzes  are  copper- tin  alloys  (usually  17%-25%  Sn) 
with  small  amounts  of  lead  (approximately  5%)  added 
to  improve  casting  properties  [43].  A  degradation  phe¬ 
nomenon  known  as  “bronze  disease”  is  observed  in 
some  ancient  bronzes.  It  is  characterized  by  the  rapid 
deterioration  of  an  apparently  sound  bronze  artifact 
when  removed  from  an  anaerobic  burial  environment 
to  moist  air.  The  eruption  of  voluminous  powdery 
green  corrosion  products  is  a  telltale  sign  of  this  corro¬ 
sion  in  action.  If  left  unchecked,  the  entire  piece  may  be 
reduced  to  a  pile  of  green  powder  [44].  The  latent 
nature  of  bronze  disease  makes  it  particularly  interest¬ 
ing.  Under  dry  or  anaerobic  storage  conditions  the 
artifact  is  stable,  and  degradation  occurs  only  with 
exposure  to  moisture  (relative  humidity  above  about 
40%)  and  air. 

The  multilayer  corrosion  products  observed  on  an¬ 
cient  bronzes  are  shown  in  Fig.  6.  Closest  to  the  bronze 
metal  surface  is  a  layer  of  bulk  cuprous  chloride  (nan- 
tokite),  and  a  layer  of  cuprous  oxide  (cuprite)  is  located 
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Fig.  6.  Schematic  diagram  of  the  corrosion  product  layers  resulting 
from  bronze  disease. 


on  top  of  the  nantokite.  While  these  films  may  be  thick, 
on  the  order  of  millimeters,  they  are  adherent  and 
relatively  compact.  The  cuprite  layer  is,  in  turn,  covered 
with  various  cupric  salts,  such  as  basic  chlorides  and 
carbonates.  Tin  from  the  base  alloy  forms  an  oxide 
which  does  not  yield  a  separate  distinct  layer,  but  is 
seen  mainly  within  the  cuprite  layer  as  disconnected 
seams,  tracing  the  original  dendritic  structure  of  the 
metal  in  places.  Organ  [45]  has  noted  that  the  location 
of  the  cuprous  chloride  layer  is  the  “epidermis”  of  the 
object  or  the  original  surface  (the  cuprous  oxide  and 
basic  salts  are  formed  from  copper  ions  that  have  been 
conducted  through  the  cuprous  chloride  film). 

According  to  Garrels  and  Christ  [46],  the  oxidation 
potential  range  of  natural  groundwater  is  coincident 
with  the  stability  range  for  cuprous  chloride,  so  that 
under  slightly  acidic  burial  conditions,  the  formation  of 
cuprous  chloride  will  be  favored.  The  inner  metal  chlo¬ 
ride  layer  is  not  protective  under  burial  conditions,  and 
the  formation  of  cuprous  chloride  will  proceed  at  a 
finite  rate  as  copper  ions  are  transported  through  the 
metal  chloride  layer.  Over  the  thousands  of  years  of 
burial,  metal  chloride  films  have  attained  thicknesses  on 
the  order  of  several  millimeters.  In  fact,  the  complete 
mineralization  of  bronze  artifacts  has  been  observed 
[45]. 

After  the  object  is  recovered  from  the  burial  environ¬ 
ment,  the  oxidizing  power  of  the  environment  increases. 
This  enhances  metal  chloride  consumption  reactions, 
such  as  the  oxidation  of  cuprous  ions  and  the  dissolu¬ 
tion  of  the  CuCl  film.  On  exposure  to  both  moisture 
and  air,  the  generation  of  basic  cupric  salts  is  acceler¬ 
ated,  resulting  in  the  disruption  of  the  artifact  surface 
and  the  consumption  of  the  metal  substrate. 

The  bronze  disease  phenomenon  provides  an  oppor¬ 
tunity  to  observe  the  development  of  corrosion  product 
films  over  extended  periods  of  time,  on  the  order  of 
thousands  of  years.  The  burial  conditions  yield  an 
environment  that  is  conducive  to  the  continued  growth 
of  a  CuCl  film.  Exposure  to  a  more  oxidizing  environ¬ 
ment  demonstrates  the  role  of  oxidizing  species  in  the 
corrosion  process.  While  it  is  a  somewhat  unusual 
phenomenon,  bronze  disease  fits  well  within  the  general 
model  proposed  in  this  paper.  Oxidation  of  the  metal 
occurs  at  the  metal/film  interface,  the  inner  CuCl  film  is 
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Table  2 

Reaction  products  formed  on  silver  in  hydrogen  sulfide  environments 


Exposure  conditions 


Products 


Exposure  time  (h) 


No  exposure  CO7  .  a  small  amount  of  El.O(ad)  on  surface 

100  ppb  EKS  with  15%  RH  N2  gas  INOiad).  a  small  amount  of  CO.  -  on  surface,  Ag.S  in  bulk  72 

100  ppb  bCS  with  dry  air  SOT”,  a  small  amount  of  lEOCad)  on  surface,  Ag.S  in  bulk  92 

100  ppb  H2S  with  dry  air  CO^ . .  a  small  amount  of  Il20(ad)  on  surface.  Ag2S  in  bulk  24 

100  ppb  H2S  with  75%  RH  air  H20(ad).  a  small  amount  of  COT  on  surface.  Ag2S  in  bulk  62 

100  ppb  H.S-r  1.3  ppm  NO2  with  dry  air  COj%  a  small  amount  of  ITOiad)  on  surface.  Ag.S  in  bulk  92 

100  ppb  H2ST  1.3  ppm  NO2  with  15%  RH  air  CO^,“,  a  small  amount  of  H20(ad)  on  surface,  Ag^S  in  bulk  66 


Rf-I,  relative  humidity. 


consumed  at  the  inner  film/outer  film  interface  and  a 
layer  of  copper  minerals  is  observed  on  top  of  the  inner 
layer. 

6.  Sliver  in  sulfurous  gases 

Silver  is  commonly  used  for  electronic  materials  and 
devices,  and  exposure  to  a  humid  environment  contain¬ 
ing  sulfurous  gases  can  cause  the  formation  of  a  tarnish 
film.  As  compared  with  the  complex  compositions  men¬ 
tioned  earlier  for  copper,  corrosion  of  silver  in  sulfur- 
containing  gases  results  in  thick  tarnish  films  comprised 
principally  of  silver  sulfide  (Ag2S).  Ag2S  is  known  to 
have  high  ionic  and  electronic  conductivity  with  an 
electrical  conductivity  of  6  x  10  Q  '  cm  '  at  room 
temperature  [47],  as  well  as  a  much  lower  value, 
1.6  X  10  [48],  than  many  other  compounds. 

Here,  the  results  of  a  series  of  mixed  gas  exposures  of 
silver  will  be  summarized,  and  the  results  of  work  in 
progress  are  interpreted  in  terms  of  the  general  model 
for  atmospheric  corrosion.  Table  2  documents  the  re¬ 
sults  obtained  for  XPS  analysis  of  silver  exposed  to  a 
variety  of  gaseous  environments  that  contained  hydro¬ 
gen  sulfide.  As  can  be  seen,  Ag2S  is  the  dominant 
tarnish  product,  with  only  small  amounts  of  water  and 
carbonate  adsorbed  on  the  outer  surface.  Importantly, 
silver  oxide  was  not  detected  either  prior  to  or  follow¬ 
ing  exposure  to  humidified  hydrogen  sulfide. 

The  kinetics  of  tarnish  film  growth  were  measured  by 
a  quartz  crystal  microbalance  to  reveal  further  details 
of  the  process  of  silver  sulfide  formation.  Results  of 
weight  gain  vs.  exposure  time  in  a  series  of  gas  environ¬ 
ments  are  presented  in  Fig.  7.  Curve  1  indicates  that, 
without  moisture  and  oxygen,  little  if  any  tarnishing 
occurs.  The  presence  of  oxygen  with  no  water  (dry  air) 
produces  only  a  slight  mass  gain  with  time  as  demon¬ 
strated  by  curve  2.  Both  oxygen  and  humidity  are 
shown  to  be  required  for  significant  amounts  of  corro¬ 
sion  (curve  3).  With  longer  exposure  times,  the  tarnish¬ 
ing  rate  can  be  seen  to  slow  significantly  for  this 
condition.  The  addition  of  nitrogen  dioxide  to  a  humi¬ 
dified  gas  stream  containing  hydrogen  sulfide  in  air 


dramatically  increases  the  rate  of  tarnishing.  Curves  4 
and  5  (dry  air  (approximately  10%  relative  humidity) 
and  15%  relative  humidity  respectively)  are  essentially 
identical.  The  linear  nature  of  the  growth  rate  for  both 
cases  suggests  that  the  mass  transport  of  reactant  gas 
species  to  the  tarnishing  metal  surface  controls  the 
rapid  growth  under  these  conditions.  Work  by  others 
has  demonstrated  the  importance  of  gas  phase  mass 
transport  in  kinetic  studies  of  tarnishing,  particularly 
for  silver  in  sulfidizing  environments  [16]. 

Furthermore,  the  identical  weight  gain  vs.  time  for 
curves  4  and  5  in  dry  air  and  moist  air  suggest  that 
conditions  on  the  corroding  metal  are  identical.  Since  it 
is  known  that  a  thin  aqueous  electrolyte  exists  on  the 
corroding  silver  in  moist  air,  it  is  assumed  that  a  thin 
aqueous  electrolyte  develops  on  the  specimens  exposed 
in  dry  air.  This  is  presumed  to  be  the  result  of  reaction 
between  H2S,  NO2  and  Oi  to  produce  water  that  is 
adsorbed  on  the  substrate.  Experiments  are  under  way 
to  test  this  premise. 

The  phenomenology  mentioned  above  for  the  tar¬ 
nishing  of  silver  in  hydrogen  sulfide  can  be  evaluated  in 
terms  of  the  generalized  model  for  atmospheric  corro¬ 
sion  presented  within  this  paper.  Although  the  ionic 
and  electronic  transport  properties  for  silver  sulfide  are 
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Fig.  7.  Kinetics  of  silver  tarnishing  in  hydrogen  sulfide-containing 
environments  as  measured  by  quartz  crystal  microbalance. 
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favorable  for  considerable  film  growth,  silver  sulfide 
will  not  form  unless  an  oxidizing  agent  is  present  within 
the  environment.  Oxygen  or  nitrogen  dioxide  in  the 
environment  provide  the  required  oxidizing  species.  The 
hydrogen  sulfide  supplies  the  necessary  sulfide  ions, 
S-“,  but  the  formation  of  sulfide  will  not  occur  unless 
a  species  is  available  to  form  a  redox  couple  with  silver 
to  produce  silver  ions  Ag^.  As  noted  for  the  synergism 
of  a  sulfur  dioxide/nitrogen  dioxide  environment  on  the 
tarnishing  of  copper,  the  highly  oxidizing  nitrogen 
dioxide  gas  imposes  a  greater  driving  force  for  species 
transport  through  the  tarnish  film  than  is  established  by 
oxygen  acting  alone.  The  formation  of  gaseous  HNO2 
as  a  byproduct  of  the  hydrogen  sulfide/nitrogen  dioxide 
reaction  on  silver  has  been  documented  by  others  [16]. 

Unlike  the  situation  for  copper,  silver  does  not  pos¬ 
sess  a  protective  native  oxide  film,  relying  instead  on  its 
own  natural  immunity  from  oxidation  in  benign  envi¬ 
ronments.  Thus  the  modification  or  breakdown  of  a 
native  oxide  to  create  fast  transport  channels  is  not  a 
necessary  precursor  to  the  formation  of  a  tarnish  film 
structure  on  silver.  Nitrogen  dioxide  acting  alone  pro¬ 
duces  little  if  any  tarnishing,  as  the  formation  of  silver 
compounds  is  not  thermodynamically  favored  under 
these  conditions.  Thus  the  silver  ions  produced  by  the 
nitrogen  dioxide /silver  redox  couple  are  not  consumed, 
and  only  with  the  introduction  of  sulfide  ions  by  hydro¬ 
gen  sulfide  does  the  tarnishing  process  propagate,  with 
the  formation  of  a  highly  ionically  and  electronically 
conductive  silver  sulfide.  A  duplex  layer  did  not  develop 
for  the  tests  reported  here,  as  silver  sulfide  was  the  only 
thermodynamically  favored  product  during  the  time 
period  of  the  tarnishing  process.  Indeed,  the  formation 
of  other  products  is  highly  unlikely,  except  perhaps  by 
dry  oxidation  of  the  sulfide  to  give  various  oxysulfur 
species  during  dry  periods  of  wet/dry  relative  humidity 
cycling. 


7.  Conclusions 

The  tendency  for  corrosion  and  the  observed  rate  of 
corrosion  are  determined  in  large  part  by  the  transport 
properties  of  thin  corrosion  product  layers.  Both  ionic 
and  electronic  transport  are  important.  For  continued 
corrosion,  a  corrosion  product  film  capable  of  high 
ionic  transport  is  required  at  the  metal  surface.  The 
electronic  transport  properties  will  affect  the  spatial 
distribution  of  reduction  reactions  in  the  corroding 
system.  A  generalized  model  for  a  corroding  system  was 
presented,  and  the  relevant  processes  that  control  cor¬ 
rosion  were  identified.  Four  systems  currently  under 
study  in  our  research  group  were  diagnosed  in  relation 
to  the  generalized  model:  copper  in  sulfurous  gases, 
metals  in  chloride  solutions,  bronze  disease  of  ancient 
artifacts  and  silver  in  sulfurous  gases. 
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Abstract 

Thermal  gravimetric  analysis  (TGA)  and  subcritical  crack  growth  measurements  of  chemical-vapordnfiltrated  SiC  matrix 
reinforced  with  Nicalon  fibres  and  with  a  1  pm  thick  C  fiber-matrix  interface  have  been  conducted  at  1100°C  over  02-Ar 
mixtures  ranging  from  0.25%  to  20.0%  O2.  The  TGA  and  interface  recession  measurements  both  gave  linear  reaction  kinetics  for 
O2  concentrations  of  2.0%  or  less  and  a  reaction  order  of  unity.  Subcritical  crack  growth  measurements  demonstrated  that  the 
crack  velocity,  in  the  stress-intensity-independent  stage  II  regime,  increases  with  increasing  02/Ar  ratio.  Also,  the  transition  from 
stage  II  to  the  stress-intensity-dependent  stage  III  regime  is  shifted  to  lower  stress  intensities  with  increasing  0-,/Ar  ratio.  A 
time-dependent  crack  growth  model  that  incorporates  creep  of  the  bridging  SiC  fibers  and  the  removal  of  the  C  interfacial  layer 
by  oxidation  successfully  explains  the  subcritical  crack  growth  characteristics. 

Keywords:  Silicon  carbide;  Crack  growth;  Carbon  interface;  Oxidation 


1.  Introduction 

Continuous-fiber-reinforced  ceramic  matrix  com¬ 
posites  (CMCs)  are  being  developed  for  high  tempera¬ 
ture  applications  such  as  turbine  combustors,  heat 
exchangers,  fusion  reactor  first  wall  and  blanket,  and 
boilers.  Composite  materials  with  SiC,  Si3N4  and 
AI2O3  as  either  the  matrix  or  fiber  reinforcement  are 
under  development.  These  materials  have  been  chosen 
for  their  high-temperature  strength  and  corrosion  resis¬ 
tance;  however,  the  desired  fracture  toughness  is  im¬ 
parted  by  a  thin  interface  layer  between  the  matrix  and 
fiber.  This  interface  layer  provides  load  transfer  to  the 
fiber  combined  with  an  interface  fracture  strength  that 
provides  pseudoductility  to  these  ceramic-ceramic 
composite  materials.  The  pseudoductility  results  from 
the  energy  absorbed  during  interface  fracture  and  fiber 
pull-out  at  stresses  exceeding  the  fiber  interface  fracture 
strength. 

A  200-1000  nm  thick  fiber-matrix  interfacial  layer 
of  C  or  BN  has  been  used  successfully  in  many  of  these 
composite  materials;  however,  the  stability  of  these 
materials  in  oxidizing  environments  is  a  concern  for 
their  long-term  durability.  Therefore,  although  SiC  and 


Si3  N4  form  a  protective  Si02  layer  in  oxidizing  environ¬ 
ments,  loss  of  the  fiber-matrix  interfacial  layer  will 
seriously  degrade  the  structural  properties  of  these  com¬ 
posites.  The  objective  of  this  paper  is  to  report  on  the 
effects  of  oxygen  partial  pressure  on  the  weight  loss  and 
time-dependent  subcritical  crack  growth  of  SiC -SiC 
composites  with  C  as  the  fiber-matrix  interfacial  layer. 

2,  Experimental  technique 

2,1.  Material 

The  CMC  material  tested  in  this  work  was  fabricated 
by  Refractory  Composites  Inc.  of  Whitter,  CA,  and 
consisted  of  4  mm  thick  pieces  of  eight-ply  Nicalon 
fiber  cloth  (0°/90°)  and  chemical-vapor-infiltrated  /?- 
SiC.  The  C  interfaces  were  deposited  on  the  Nicalon 
fibers  before  the  /?-SiC  chemical  vapor  infiltration 
(CVI)  fabrication  step.  The  photomicrograph  of  the 
material  in  Fig.  1  shows  a  region  with  the  fibers  in 
cross-section.  The  fiber  diameter  was  measured  to  be 
15  +  2  pm  and  the  C  interface  was  approximately 
1.0  +  0.2  pm  thick. 
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Fig.  1.  Cross-section  of  the  C  interface  in  a  CMC  showing  the  depth  of  interface  removal  (llOOX:  0.5'^..  O.;  6  h). 


2.2.  Thermal  gravimetric  analysis 

Samples  with  dimensions  of  about  4  mm  x  4  mm  x 
8  mm  were  tested  at  1100  °C  using  thermal  gravimetric 
analysis  (TGA).  One  face  of  the  4  mm  x  8  mm  side  of 
the  samples  was  cut  so  that  it  was  free  of  the  SiC 
coating  applied  to  the  surface  of  the  material  during  the 
last  phase  of  fabrication.  All  other  faces  of  the  samples 
had  a  thin,  approximately  5  pm  thick,  SiC  coating. 
Analysis  of  specimens  after  testing  revealed  that  only 
the  uncoated  surfaces  had  reacted.  Consequently,  all 
rates  were  normalized  with  respect  to  the  cut,  uncoated 
surface.  Samples  tested  at  800,  900  and  1000°C  were 
cut  so  that  their  dimensions  were  about  4  mm  x 
4  mm  X  4  mm.  Unlike  the  larger  samples,  they  had  two 
uncoated  surfaces,  so  all  rates  for  these  samples  were 
normalized  with  respect  to  the  sum  of  these  two  sur¬ 
faces.  Comparison  of  data  for  the  two  size  samples 
revealed  consistent  behavior.  Coincidentally,  the  total 
area  of  the  uncoated  surfaces  was  also  similar  for  the 
two  geometries:  ranging  from  a  low  of  about  0.30  cni“ 
for  the  larger  specimens  to  a  high  of  about  0.40  cm^  for 
the  smaller  ones. 

TGA  studies  were  performed  using  a  Netzsch 
STA409  thermogravimetric  analyzer.  Gas  flow  was 
maintained  at  about  1  SCFH  through  the  instrument 
furnace  and  composition  was  controlled  using  an 
MKS  147  multigas  controller  with  O2  content  displayed 
on  a  Thermox  meter.  Mixtures  of  O2  with  Ar  were  used 
in  these  experiments.  In  each  test,  a  sample  was  placed 
in  an  alumina  cup  in  the  analyzer  furnace,  the  furnace 
was  sealed,  gas  flow  was  adjusted,  and  the  balance  was 
allowed  to  equilibrate  for  about  2  h  before  heat-up. 
This  approach  minimized  the  effect  of  experimental 
drift  that  was  most  noticeable  during  the  first  hour.  The 
temperature  was  then  controlled  according  to  the 
following  program:  (1)  a  ramped  heat-up  to  the  temper¬ 
ature  of  interest  within  0.5  h,  (2)  a  hold  at  the  tempera¬ 


ture  of  interest  for  3-12  h,  and  (3)  a  cool-down  to 
ambient  temperature  that  took  about  2  h  or  more. 
Throughout  the  test,  mass  change  was  recorded  using  a 
Netzsch  analog  recorder  with  an  accuracy  of  about 
0.1  mg.  Traces  showed  some  irreproducibility  within 
the  first  few  minutes  after  attaining  the  set  temperature, 
which  was  attributed  to  both  mass  loss  and  experimen¬ 
tal  drift  during  heat-up.  The  latter  was  determined  to 
be  equivalent  to  about  a  1  mg  increment,  by  performing 
the  same  experiment  on  dry  AI2O3  powder.  Treatment 
of  the  SiC-SiC  material  in  Ar  at  1100°C  revealed  no 
significant  mass  change  so  all  the  results  reported  here 
were  attributed  to  reactions  involving  O2. 

2.3.  Suhcritical  crack  growth 

The  SLibcritical  crack  growth  (SCG)  studies  were 
performed  using  constant-load  tests  for  times  up  to 
1  X  10^^  s,  giving  long-term  crack  velocity  data,  and 
using  stepped  load  tests  with  load-holding  times  of 
1000  s  carried  out  at  1100  ""C  in  Ar  and  Ar  plus  varying 
O2  levels.  Single-edge-notched  bend  bar  (SENB)  speci¬ 
mens  with  dimensions  of  4  mm  x  5.5  mm  x  50  mm  were 
tested.  The  SENB  specimens  were  tested  in  four  point 
bending  using  a  fully  articulated  SiC  bend  fixture  [1-3]. 
The  specimens  were  typically  loaded  at  an  applied 
stress  intensity  of  7-8  MPa  m^  “  to  begin  the  test.  The 
test  continued  until  a  load  drop  was  observed.  Speci¬ 
mens  that  were  tested  in  Ar  plus  O2  were  brought  up  to 
temperature  in  pure  Ar. 

The  displacement -time  curves  for  the  1000  s  expo¬ 
sures  at  constant  load  in  Ar  indicate  that  the  specimen 
displacement  (and  thus  the  crack-opening  displacement) 
undergoes  a  transient  period  of  displacement  that  is 
logarithmic  in  time  over  the  1000  s  hold  time.  The  slope 
of  the  displacement-curve  over  the  final  600  s  of  the 
load  step  was  taken  as  proportional  to  the  crack  veloc¬ 
ity  for  each  1000  s  period.  The  longer  term  hold  dis- 
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placement -time  data  were  fit  to  polynomial  functions 
and  differentiated  to  give  dS/dt. 

Writing  3  =  PC(a),  where  3  is  the  displacement,  P  is 
the  load,  C  is  the  specimen  midpoint  compliance,  and  oc 
is  equal  to  a/W  (normalized  crack  length),  gives 


0d'  5  \pc(  dC  da  _  P  dC  da 

dt  dt  ^  da  dt  W  da  d/ 


(1) 


which  is  used  to  derive  an  expression  for  da/dt  (=  V^): 
da  ^  _{d3/dt)W 

dt  "  PC(a)  ^  ^ 

where  is  the  crack  velocity  and  W  is  the  specimen 
thickness.  An  expression  was  determined  for  the  mid¬ 
point  compliance  of  an  SENB  specimen  in  four-point 
bending  and  was  used  to  calculate  crack  length  and 
C'{a)  [2].  The  slope  of  the  displacement-time  curve  at 
a  given  load  is  d3/dt. 

The  instantaneous  specimen  compliance  at  any  point 
along  the  corrected  load -deflection  curve  was  calcu¬ 
lated  as  the  slope  of  the  line  from  the  origin  to  any 
point  on  the  load -deflection  curve.  Bridging  zone  con¬ 
tributions  to  the  specimen  compliance  were  not  in¬ 
cluded;  i.e.  the  cracks,  for  the  purposes  of  the 
compliance  calculations,  were  idealized  as  unbridged 
elastic  cracks  obeying  linear-elastic  fracture  mechanics. 
It  is  recognized  that  this  assumption  is  not  true  and 
causes  errors  in  crack  length  calculations  (see  the  dis¬ 
cussion  below)  [4].  However,  visual  observations  of 
crack  length  during  the  test  were  not  possible  and, 
without  detailed  knowledge  of  the  bridging  zone,  the 
specimen  compliance  cannot  be  corrected  for  bridging 
fiber  contributions.  Therefore,  all  references  to  crack 
length,  velocity,  and  stress  intensity  are  made  with  the 
understanding  that  the  reference  is  to  an  effect  elastic 
crack  [4].  Data  are  presented  in  the  discussion  compar¬ 
ing  calculated  and  measured  crack  lengths  (from  sacrifi¬ 
cial  specimens)  that  revealed  the  crack  lengths  are 
overpredicted  by  about  35%. 


3.  Experimental  results 

3.L  TGA 

TGA  mass  losses  as  a  function  of  time  for  CMC 
materials  at  llOO^C  are  shown  in  Fig.  2  for  four  O2 
partial  pressures.  The  data  are  nearly  linear  at  0.5%, 
1.0%  and  2.0%  O2,  within  the  first  3-6  h.  At  20%  O2 
(approximately  air),  the  data  are  non-linear,  showing  a 
very  rapid  mass  loss  within  the  first  2  h  and  then 
apparently  “saturating”  with  no  additional  significant 
mass  change  thereafter.  As  shown  in  Fig.  3,  the  mass 
losses  varied  parabolically  with  time  when  the  O2  was 
0.25%  (compare  to  0.5%),  especially  at  longer  times. 
For  the  purpose  of  this  analysis,  however,  the  variation 


SiC/SiC  Composites  with  Carbon  Interfaces 
TGA  Mass  Losses  at  1100°C 


Time,  h 

Fig.  2.  TGA  mass  losses,  at  1100°C,  of  SiC-SiC  composites  with 
carbon  interfaces. 

at  0.25%  and  1100°C  was  considered  nearly  linear 
under  3  h. 

After  the  TGA  tests,  samples  were  cut  and  polished 
for  microscopic  examination.  Similar  to  previous  studies 
by  Henager  and  Jones  [3],  the  samples  showed  evidence 
of  C  interface  removal  as  a  result  of  exposure  to 
O2 -containing  environments.  In  the  present  study,  this 
interface  removal  proceeded  along  a  surprisingly  uni¬ 
form  reaction  front  at  a  rate  that  depended  on  the  O2 
partial  pressure.  Fig.  1  shows  a  photomicrograph  of  the 
cross-section  of  one  of  the  CMC  samples  after  exposure 
to  0.5%  O2  for  6  h  at  1 100  °C.  A  clearly  defined  reaction 
front  can  be  seen  between  600  and  900  pm,  which  define 
the  “high”  and  “low”  positions,  from  the  exposed 
surfaces  in  this  sample.  Between  this  front  and  the 
surface,  almost  all  of  the  C  interface  was  removed,  while 
below  this  front  the  C  interface  appears  largely  intact. 


SiC/SiC  Composites  with  Carbon  Interfaces 
Nonlinear  Behavior  at  Low  p02 


Time,  h 

Fig.  3.  Non-linear  behavior,  at  low  of  SiC-SiC  composites  with 
carbon  interfaces. 
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1  iJ"'  "Uniform  Attack"  "Channel  Attack" 

Fig.  4.  Scanning  electron  photomicrographs  showing  different  morphologies  at  the  reaction  front  (1 100  °C:  0.5‘!f  O^:  6  h):  (a)  uniform  attack:  (b) 
channel  attack. 


The  morphology  of  the  C  interface  right  at  the  reaction 
front  varies  somewhat  within  a  sample  as  shown  in  Fig. 
4.  In  some  cases  (Fig.  4(a))  the  C  interface  appears  more 
uniformly  attacked  across  the  interface  width,  while  in 
other  cases  (Fig.  4(b))  the  reaction  is  slower  at  the 
fiber-carbon  and  carbon-matrix  interfaces.  In  the  latter 
case,  a  channel  appears  to  form  near  the  center  of  the 
interface  material,  suggesting  the  C  attached  to  the  matrix 
and  fiber  may  be  less  reactive. 

Similar  C  interface  recession  morphologies  were  ob¬ 
served  for  samples  treated  at  other  O2  partial  pressures 
at  1100  °C,  although  the  depth  of  recession  for  samples 
treated  for  the  same  time  increased  with  increasing 
partial  pressure.  Average  recession  rates  were  deter¬ 
mined  by  dividing  the  average  recession  depth  (average 
of  high  and  low  positions  of  the  reaction  front)  by  the 
time  of  exposure  for  samples  tested  at  0.25%,  0.5*Mu 
1.0%,  and  2.0%  O2  and  these  are  plotted  against  the  O2 
partial  pressure  in  a  log-log  format  in  Fig.  5.  The  error 
bars  for  these  data  reflect  both  the  uncertainties  in  the 
position  of  the  reaction  front  in  a  given  sample  deter- 


SiC/SiC  Composites  with  Carbon  Interfaces 
Recession  Rates  at  1100°C 


PO2,  atm 

Fig.  5.  Recession  rates,  at  11()0°C,  of  SiC-SiC  composites  with 
carbon  interfaces. 


mined  from  the  dilference  between  the  high  vs.  low 
positions  (giving  +7  x  10  ^cm  s  ')  and  the  variations 
of  results  for  diflerent  samples  tested  under  the  same 
conditions  (±1.2  x  lO^^'cms"'). 

As  shown  in  Fig.  5,  the  relationship  between  the 
measured  recession  rates  and  O2  partial  pressure  is 
nearly  linear.  The  slope  calculated  by  linear  regression 
indicates  a  reaction  order  with  respect  to  O2  of  0.9  ±  0.2 
or  about  unity.  The  intercept  of  the  regression  gives  the 
rate  of  1  atm  O2  equal  to  4(  ±2)  x  lO"'^  cm  s“*  at 
1100°C. 

The  TGA  mass  loss  data  were  also  used  to  determine 
the  recession  rates  for  the  various  O2  partial  pressures. 
A  number  of  assumptions  were  used  in  this  analysis.  Most 
importantly,  it  was  assumed  that  all  of  the  mass  loss  was 
associated  with  C  interface  removal.  This  assumption  may 
not  be  completely  accurate  since  other  sources  of  oxidiz- 
able  C  are  present  including  the  SiC  matrix,  the  Nicalon 
fibers,  and  the  exposed  sample  surface.  Xu  and  Zangvil 
[5]  recently  reported  up  to  14‘M)  excess  C  in  SiC  fibers  and 
even  more  within  200  nm  of  the  surface  including  a  30  nm 
surface  region  containing  mainly  C. 

The  recession  rates  RR  were  calculated  from  the  TGA 
data  for  experiments  at  0.25‘M),  0.5%,  1.0%  and  2.0%  O2 
at  1100°C  using  the  following  relationship: 


W'here  ML  is  the  mass  loss  at  time  /;  ML/7  is  the  rate  of 
mass  loss  or  the  slope  of  the  time  vs.  mass  loss  curves 
in  grams  per  second  (Fig.  2).  Duplicate  experiments  gave 
slopes  that  agreed  to  wathin  5‘>()  of  each  other.  The  density 
of  the  C  interface  r  is  taken  as  2  g  cm“'\  and  ,  the  total 
area  of  the  C  interface  for  the  whole  exposed  surface,  was 
determined  by  image  analysis  of  the  surface  and  found 
to  be  8.6(±0.5)  x  10” -^m". 

The  recession  rates  calculated  from  the  mass  loss  rates 
using  Eq.  (3)  are  plotted  in  Fig.  5  for  comparison  wath 
the  geometrically  measured  values.  Again,  the  data  are 
quite  linear  with  a  slope  of  0.8  ±0.1,  which  agrees 
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Calculated  Applied  Stress  Intensity  (MPaVm) 

Fig.  6.  Crack  velocity  as  a  function  of  etfective  applied  stress  inten¬ 
sity  for  pure  Ar  and  two  oxygen  levels  for  C  interface  removal. 

with  the  value  for  the  reaction  order  obtained  from  the 
TGA  mass  loss  data. 

3.2,  SCG 

The  data  for  the  C  interface  materials,  when  plotted 
as  crack  velocity  vs.  applied  stress  intensity  {V-K 
curves),  reveal  a  stage  II  region  where  the  crack  velocity 
is  essentially  independent  of  the  applied  stress  intenstiy 
(Fig.  6)  followed  by  a  stage  III,  or  power-law,  crack 
growth  region  at  high  stress  intensities. 

The  power-law  region  exhibits  a  strong  dependence, 
but  the  stage  II  region  exhibits  a  weak  dependence,  on 
the  applied  stress  intensity.  The  data  reveal  a  measurable 
increase  in  stage  II  crack  velocity  because  of  O2  in  the 
gas.  The  crack  velocity  increases  with  increasing  O2 
content  for  the  C  interface  material  (Figs.  6  and  7).  Also, 
the  stress  intensity  required  for  the  onset  of  stage  III  is 
shifted  to  a  lower  value  of  the  applied  stress  intensity. 


4.  Model  of  oxygen  elTects  on  crack  growth 

A  discrete,  two-dimensional  (2D),  micromechanics 
model  was  developed  to  understand  the  effects  of  the 
fiber-bridging  zone  on  crack-tip  stress  intensities  and  to 


Fig.  7.  Minimum  or  limiting  crack  velocity  in  C  and  BN  interface 
materials  as  a  function  of  oxygen  partial  pressure  at  1100°C. 


predict  crack  velocities  for  an  idealized  composite  un¬ 
der  conditions  of  fiber  creep  and  interface  removal. 
Although  other  models  [6-12]  have  been  developed  to 
describe  crack-wake  bridging  in  continuous-fiber  com¬ 
posites,  it  is  desirable  to  have  a  discrete  model  that 
allows  numerical  calculations  of  cracks  closure  forces 
and  is  amenable  to  time-dependent  calculations.  The 
model  developed  here  places  a  semi-infinite  crack  in  a 
linear-elastic  body  and  simulates  the  bridging  fibers  by 
crack-closure  forces  placed  along  the  crack  face.  The 
forces  applied  by  the  fibers  to  the  crack  face  are  calcu¬ 
lated  using  an  explicit  frictional  bridging  model  [9]  that 
describes  the  fiber  load  transfer  as  a  function  of  dis¬ 
tance  from  the  crack  tip.  The  modeling  performed  here 
is  similar  in  many  respects  to  that  performed  by  David¬ 
son  [13]  and  has  been  presented  by  the  present  authors 
elsewhere  [2]. 

The  details  of  the  bridging  zone  calculation  require 
knowledge  of  the  interfacial  shear  strength  and  fiber 
fracture  strength.  The  value  of  the  interface  strength 
determines  the  stress  on  a  given  fiber  in  the  bridging 
zone.  The  fiber  fracture  strength  then  determines  the 
length  of  the  bridging  zone  based  on  the  last  unfailed 
fiber  and,  together,  these  determine  the  amount  of 
crack-tip  screening  for  an  equilibrium  bridging  zone. 
An  independent  estimate  of  the  interfacial  shear 
strength  gives  a  nominal  value  for  the  interface  strength 
equal  to  or  less  than  about  35  MPa.  It  would  be 
expected  that  this  shear  strength  will  be  less  than 
35  MPa  at  1100°C  because  of  the  thermal  expansion 
mismatch  of  the  Nicalon  fibers  and  the  y^-SiC  matrix. 
Data  [14]  for  strengths  of  Nicalon  fibers  at  elevated 
temperatures  in  air  indicate  that  1.5  GPa  at  1100  °C  is 
an  average  strength  value.  Therefore,  values  for  the 
interfacial  shear  strength  r  ranging  from  10  to  50  MPa 
and  a  fiber  fracture  stength  df  equal  to  or  less  than 
1.5  GPa  are  chosen  for  the  calculations  performed  later. 
Additionally,  =  400  GPa  and  =  200  GPa  are  cho¬ 
sen  as  representative  elastic  moduli  for  matrix  and  fiber, 
respectively.  A  nominal  fiber  radius  of  5  pm  is  used  for 
ff.  The  fiber  failure  stress  is  used  to  define  the 
bridging  zone  length  for  frictional  bridging.  The  length 
of  the  bridging  zone  is  defined  as  the  distance  from  the 
crack  tip  to  the  last  unfailed  fiber. 

A  comprehensive  model  of  SCG  in  continuous-fiber- 
reinforced  composite  (CFC)  materials  must  take  into 
account  all  possible  time-dependent  behaviors  in  the 
crack-wake  bridging  zone.  These  include  fiber  creep, 
fiber-matrix  interface  creep,  possible  viscoelastic  effects 
at  the  interface,  and  time-dependent  interface  removal 
due  to  oxidation.  The  net  effect  of  any  time-dependent 
deformation  in  the*  crack-wake  region  is  to  relax  the 
crack  closure  forces.  Fiber  creep  undoubtedly  plays  a 
role  since  the  bridging  fibers  are  highly  stressed  in  the 
crack-wake  region  and  are  being  held  at  those  loads  for 
long  times.  Interface  removal  must  also  be  important 
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Fiber/Matrix 

interface 


Fig.  8.  Schematic  diagram  of  the  fiber  debond  model  showing  r, 
and  (7|-.  Oxygen  ingress  occurs  along  the  fiber -matrix  interface  and 
increases  Thus,  /  and  r  become  time  dependent  in  this  model. 


based  on  the  TGA  and  optical  microscopy  results.  It  is 
unlikely  that  viscous  or  glassy  phases  are  being  formed 
because  the  SCG  experiments  are  performed  in  argon 
or  argon  plus  small  amounts  of  oxygen. 

Available  creep  data  for  Nicalon  fibers  at  1100  °C  in 
pure  Ar  [15]  were  used  to  construct  a  constitutive 
equation  for  the  stress  and  time  dependences  of  creep  in 
Nicalon  fibers  at  1100°C.  A  stress  relaxation  calcula¬ 
tion  for  Nicalon  fibers  undergoing  creep  was  performed 
by  partitioning  the  total  fiber  strain  into  elastic  and 
plastic  (creep)  components  and  by  requiring  that  the 
total  strain  rate  be  zero  such  that  the  fiber  elastic  strain 
is  replaced  by  plastic  strain. 

The  mechanics  of  frictional  bridging  is  typically  given 
in  terms  of  an  interface  debond  length  z,  interfacial 
shear  strength  r,  crack-opening  displacement  u  and 
fiber  stress  (if  (Fig.  8).  The  fiber-matrix  debond  crack 
length  is  determined  by  the  interfacial  shear  strength 
and  crack-opening  displacement.  The  effect  of  oxygen, 
and  subsequent  interface  removal,  in  the  bridging  me¬ 
chanics  is  simulated  by  allowing  this  debond  crack 
length  z  to  become  time  dependent.  As  x  increases  due 
to  interface  removal,  the  fiber  is  gradually  decoupled 
from  the  matrix  and,  therefore,  cr,  must  decrease  with 
time  due  to  interface  removal.  In  terms  of  existing 
mechanics  models  the  debond  crack  length  can  be 
related  to  the  interfacial  shear  strength  as 


ut\Ef 
t(1  +//) 


Fig.  9.  Stress  in  a  bridging  fiber  as  a  function  of  lime  for  pure  Ar 
(fiber  creep  only)  and  in  varying  /;q,  levels.  The  fiber  is  initially  at  a 
stress  of  1  GPa  and  relaxes  according  to  the  model  described  in  the 
text. 


and  the  fiber  stress  is  then  related  to  x  through  the 
following  relation  to  the  interfacial  shear  strength  r  as 


r7,-=2 


uE^t(  \  +  //) 


(5) 


The  TGA  and  optical  microscopy  data  can  be  used  to 
calculate  the  time  dependence  of  x  and,  therefore,  r  and 
^Tj-.  Model  results  for  fiber  stress  as  a  function  of  time  in 
the  crack  wake  due  to  fiber  creep  only  and,  addition¬ 
ally,  due  to  interface  removal  are  shown  in  Fig.  9.  It 
can  be  seen  that  the  model  predicts  faster  relaxation 
due  to  fiber  creep  plus  interface  removal  compared  to 
fiber  creep  only. 

The  discrete  micromechanics  model  can  be  used  to 
calculate  the  crack  velocity  using  a  quasi-static  ap¬ 
proach  given  these  time-dependent  quantities.  A  quasi¬ 
static  approximation  to  the  crack  velocity  assumes  that 
bridging  zone  is  in  equilibrium  by  virtue  of  a  balance 
between  crack  advances  and  relaxation  of  bridging  zone 
stresses.  As  the  crack  advances,  it  bridges  additional 
fibres,  which  retards  its  growth.  As  the  stresses  in  the 
bridging  zone  relax,  the  crack-tip  screening  is  reduced 
and  the  crack  tends  to  advance.  This  assumption  does 
not  require  detailed  information  about  the  physical 
mechanism  of  crack  advance  due  to  matrix  cracking. 

The  quasi-static  approximation  assumes  that  the 
stress  intensity  at  the  crack  tip  is  a  constant  such  that 


K,,^(cLt)  =  C^dK,,^,  =  Q 


(6) 


Therefore,  one  can  write  the  total  differential  of  as 


d/^up  = 


8^.ip 


d^:/  + 


dt 


(7) 


(4) 


which  can  be  used  to  derive  an  expression  for  crack 
velocity  as 
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oxygen  can  be  seen  to  increase  the  relaxation  rate  compared  to  fiber 
creep  only. 


_da_  (dK,,Jdt\ 
^  dt 


(8) 


where  the  crack  velocity  is  expressed  as  the  ratio  be¬ 
tween  the  time  dependence  of  A^tip  to  stress  relax¬ 
ation  of  bridging  forces  dK^i^ldt,  and  the  change  in  A^tip 
due  to  crack  advance  dK^i^jda. 

Values  for  can  be  calculated  from  differentiat¬ 

ing  a  polynomial  fit  to  data  calculated  as  a  function 
of  time  due  to  fiber  creep  and  interface  removal  (Fig. 
10)  for  varying  For  this  case,  the  fiber  volume 
fraction  was  set  to  0.3,  r  was  set  to  10  MPa,  and 
was  set  to  10  MPa  m^^^.  The  bridging  zone  was  300  pm 
in  length  and  contained  19  intact  bridging  fibers.  The 
rate  of  change  of  A^t^p  with  respect  to  a  is  readily 
calculated  from  the  bridging  model  by  computing 
for  incremental  changes  in  crack  length.  For  a  given 
choice  of  model  parameters,  of  material  constants,  this 
quantity  is  constant. 

The  quasi-static  approximation  gives  a  range  of  crack 
velocities  depending  on  the  rate  of  stress  relaxation  of 
the  fiber  bridging  stresses  given  that  dK^^^jda  is  a  con¬ 
stant  (Fig.  11).  The  model  results  clearly  show  that  the 
additional  stress  relaxation  in  the  bridging  fibers  caused 
by  interface  removal  acts  to  increase  the  crack  velocity 
compared  to  pure  Ar  where  fiber  creep  only  is  occurring. 


5.  Discussion 

The  data  presented  here  are  given  in  terms  of  the 
length  and  velocity  of  an  effective  elastic  crack,  with  the 
applied  stress  intensity  representing  the  K  field  of  such 
a  crack.  Although  this  has  been  adopted  by  others  [4], 
it  is  recognized  that  the  actual  crack  lengths  and  veloc¬ 
ities  will  differ  from  this  idealized  situation.  The  pres¬ 
ence  of  large-scale  bridging  zones  in  these  materials 
suggests  that  the  use  of  indirect  crack  length  measure¬ 


Fig.  1 1.  Calculated  crack  velocities  for  pure  Ar  (fiber  creep  only)  and 
equal  to  0.005  (5000  ppm)  showing  the  increase  in  velocity 
associated  with  interface  removal  in  addition  to  fiber  creep  relaxation. 


ments,  such  as  specimen  compliance  measurements,  will 
not  accurately  determine  the  actual  crack  length.  These 
materials  and  testing  conditions  do  not  allow  direct 
crack  length  measurements,  however. 

As  a  first  step  in  determining  actual  crack  lengths  for 
these  CFC  materials,  several  specimens  were  cracked 
under  identical  SCG  conditions  (llOO^C  in  pure  Ar), 
sectioned,  and  polished  to  reveal  crack  lengths  and 
crack  morphologies.  A  comparison  between  measured 
and  calculated  crack  lengths  was  made.  The  experimen¬ 
tally  measured  instantaneous  compliance  was  used  to 
calculate  effective  crack  lengths  using  the  procedure 
discussed  in  Section  2  and  this  calculated  crack  length 
was  compared  to  the  crack  length  measured  optically 
from  sectioned  and  polished  specimens.  The  optical 
photomicrography  revealed  that  the  specimens  were 
multiply  cracked,  with  up  to  nine  separate  and  equally 
spaced  cracks,  at  the  notch  root.  The  width  of  this 
cracked,  or  damaged,  region  was  approximately  equal 
to  1  mm,  or  about  twice  the  notch  width.  Each  subcrit- 
ical  crack  was  fully  bridged  from  the  notch  root  to  the 
crack  tip  and  all  the  bridging  fibres  appeared  to  be 
intact.  The  measured  crack  length  was  determined  from 
the  length  of  the  longest  visible  crack.  The  calculated 
crack  lengths  are,  perhaps  fortuitously,  within  36%,  on 
average,  of  the  measured  crack  lengths.  More  impor¬ 
tantly,  the  slope  of  the  two  CiajW)  curves  are  nearly 
equal  resulting  in  equal  values  of  dC/da  used  to  com¬ 
pute  crack  velocities.  Therefore,  calculated  effective 
crack  velocities  should  accurately  reflect  the  velocity  of 
cracks  in  the  damage  zone.  Since  large-scale  bridging  of 
a  single  crack  in  an  SENB  specimen  should  result  in 
under  predicting  the  crack  length,  contrary  to  what  is 
observed  here,  the  effect  of  the  multiple  cracking  must 
be  to  increase  the  specimen  compliance  enough  to  over 
predict  actual  crack  lengths. 

Comparison  of  typical  SCG  V-K  data  for  mono¬ 
lithic  ceramics  with  the  data  presented  here  reveals  this 
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distinguishing  feature,  namely  the  appearance  of  a  K- 
independent  regime  (stage  II)  in  the  V-K  diagram  for 
the  CFC  material.  The  power-law  dependence  of  crack 
velocity  observed  in  monolithic  ceramics  is  replaced  by 
a  7^-independent,  or  weakly  A'-dependent,  regime  (stage 
II)  that  corresponds  to  the  material’s  R  curve.  The 
interpretation  of  this  behavior  is  that  the  extent  of  the 
stage  II  regime  for  CFCs  corresponds  to  the  formation 
of  the  equilibrium  bridging  zone  as  the  cracks  extends. 
Stage  II  behavior  is  observed  under  certain  conditions 
in  monolithic  materials  and  in  glasses  [16-19]  when  the 
transport  of  a  critical  species  to  the  crack  tip  is  rate 
controlling.  This  is  analogous  to  the  situation  here  as 
the  stress  relaxation  of  the  crack-wake  region  is  rate 
controlling.  A  major  distinction  is  the  very  weak  K 
dependence  observed  here.  The  exponent  of  K  in  stage 
II  is  less  than  unity  for  the  CFC  materials,  but  is 
typically  larger  than  this  for  monolithic  ceramics 
[18,19]. 

The  transition  to  stage  III,  or  power-law  growth, 
corresponds  to  saturation  of  the  bridging  zone  and  the 
inability  of  the  material  to  further  shield  the  crack  tip 
from  the  far-held  Kj^ .  It  would  be  reasonable  to  expect 
that  the  crack  velocities  would  revert  to  a  power-law 
growth  rate  in  stage  III.  Indeed,  this  appears  to  be  the 
case  (Fig.  6);  however,  only  a  limited  range  of  data  are 
available  for  determining  the  power-law  exponent  in 
the  stage  III  regime  because  the  specimen  fails  soon 
after  making  the  transition.  Nevertheless,  power-law 
exponents  in  the  range  of  8-20  are  obtained  for  the 
limited  data  in  this  study.  Exponents  in  this  range  are 
typical  in  SCG  exponents  measured  for  glasses  and 
monolithic  ceramics  at  elevated  temperatures  [16,20- 
28].  This  behaviour  is  interpreted  as  power-law  crack 
growth  dominated  by  matrix  cracking  in  the  regime 
where  the  bridging  zone  is  unable  to  effectively  shield 
the  crack  tip  from  K^.  The  model  described  here  is, 
therefore,  not  valid  for  this  regime  since  the  quasi-static 
approximation  is  not  expected  to  hold.  It  is  worth 
noting  that  there  are  no  models  available  that  accu¬ 
rately  describe  SCG  of  ceramic  materials  in  the  power- 
law  regime,  although  attempts  have  been  made  [19]. 

The  nature  of  the  agreement  of  the  model  with 
experiment  when  fiber  creep  is  simulated  is  encouraging 
(Fig.  11).  Not  only  is  the  absolute  magnitude  of  the 
crack  velocity  predicted,  but  the  observed  time  depen¬ 
dence  of  Vc  is  also  rationalized.  There  are  no  ad¬ 
justable  parameters  in  the  model  and  typical  values  for 
material  constants  were  assumed. 

The  model  developed  here  predicts  similar  results  to 
those  obtained  by  Thouless  [7],  Nair  et  al.  [6],  and 
Jakus  et  al.  [29].  Crack  advance  is  controlled  by  the 
time-dependent  behavior  of  the  crack-bridging  liga¬ 
ments,  whether  the  relaxation  is  due  to  viscoelasticity  or 
thermal  creep.  The  crack-opening  displacement  and, 
therefore,  the  crack-tip  stress  intensity  are  shown  to 
obey  similar  time-dependent  relationships. 


High  temperature  SCG  of  CFCs  is  expected  to  be 
influenced  by  the  following  environment-induced  effects 
(other  than  thermal  effects)  where  crack  bridging  con¬ 
trols  the  local  stress  intensity:  (1)  fiber  stability  and 
strength,  (2)  fiber-matrix  interface  stability,  and  (3) 
effects  on  the  viscosity  of  the  grain  boundary  phase  at 
the  crack  tip.  Therefore,  a  study  on  the  corrosion  and 
crack  growth  behavior  of  CFCs  should  evaluate  the 
contribution  of  these  processes  to  time-dependent  com¬ 
posite  properties.  While  a  more  comprehensive  study  is 
in  preparation,  several  important  points  can  be  made 
from  the  data  presented  here.  The  experiment  was 
designed  (1100°C  and  low  /^qJ  to  have  negligible 
effects  on  fiber  stability  and  strength  [30],  and  to  have 
little  or  no  effect  due  to  oxidation  of  the  SiC  matrix 
material  [31].  However,  the  experimental  conditions 
were  such  that  the  C  interfaces  would  be  attacked  by 
the  O2  atmosphere  used  in  this  study.  Indeed,  the  only 
discernible  effect  of  the  O2  was  to  partially  remove 
these  reactive  interfaces  during  the  high  temperature 
exposure. 

The  addition  of  O2  to  the  1100°C  Ar  environment 
increases  the  crack  velocity  in  the  stage  II  regime  and 
shifts  the  stage-II-to-stage-III  transition  to  lower  K 
values  (Fig.  6).  The  shift  to  lower  K  values  for  the 
transition  to  stage  III  crack  growth  is  consistent  with  a 
reduction  in  the  closure  forces  imparted  on  the  crack 
faces  by  the  bridging  fibers.  Optical  and  scanning  elec¬ 
tron  micrographs  of  the  specimens  exposed  to  the  O2 
plus  Ar  reveal  the  partial  removal  of  the  C  interfaces 
due  to  oxidation.  The  TGA  data  substantiate  that  this 
material  is  removed  by  relating  the  specimen  mass  loss 
to  the  interface  removal.  The  removal  of  this  interface 
material  reduces  to  ability  of  the  matrix  to  transfer  load 
to  the  fibers,  and,  in  turn,  reduces  the  bridging  zone 
effectiveness.  Since  the  oxygen  exposure,  and  hence  the 
interface  removal,  began  when  the  SCG  test  was  ini¬ 
tiated  and  is  cumulative,  the  interface  removal  of  the 
crack-bridging  fibers  should  be  progressive  during  the 
SCG  test,  being  small  at  the  beginning  (small  K^)  and 
larger  at  the  end  of  the  test  (large  K^).  The  principle 
effects  of  this  gradual  interface  removal  appear  to  be  an 
increase  in  crack  velocity  compared  to  pure  Ar  and  a 
shift  in  the  stage-II-to-stage-III  transition  to  lower  ap¬ 
plied  stress  intensities. 

Therefore,  in  addition  to  fiber  creep  causing  relax¬ 
ation  of  bridging  zone  stresses,  there  will  be  a  time- 
dependent  decrease  in  the  fiber-matrix  mechanical  cou¬ 
pling  as  the  interface  is  removed.  In  turn,  this  acts  to 
decrease  the  fiber  bridging  stress,  in  accord  with  Eq. 
(5),  and  will  increase  dK^^^/dt,  as  was  shown  by  the 
model  (Fig.  10).  Since  significant  oxidation  of  interfaces 
ahead  of  the  crack  is  not  expected,  nor  observed, 
is  expected  to  remain  constant.  The  net  result 
is  an  increase  in  crack  velocity,  and,  since  the  bridging 
zone  as  a  whole  is  less  effective  in  screening  the  crack 
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tip  from  the  applied  stress  intensity,  a  shift  in  the 
stage-II-to-stage-III  transition  is  also  expected. 

These  calculations  reveal  that  relaxation  of  bridging 
zone  stresses,  by  any  of  the  mechanisms  discussed 
above,  will  delay  fiber  fracture  and  result  in  increased 
available  strain  energy  for  crack-tip  screening.  There¬ 
fore,  CFCs  can  actually  become  tougher  and  absorb 
more  strain  energy  in  SCG  compared  to  fast  fracture. 
In  other  words,  the  amount  of  crack-wake  bridging 
depends  on  the  temperature,  the  loading  rate,  and  the 
constitutive  laws  obeyed  by  the  bridging  ligaments. 
This  is  much  like  the  results  found  by  Knehans  and 
coworkers  [32,33]  and  Fett  and  Munz  [34]  for  mono¬ 
lithic  ceramics  and  it  was  concluded  that  the  toughness 
of  materials  exhibiting  R  curve  behavior  was  dependent 
on  specimen  history  [33].  However,  although  increases 
in  bridging  zone  stress  relaxation  rates  can  increase 
apparent  toughness,  these  same  increases  will  increase 
dK^ipl^t  and  SCG  velocities,  and  mechanical  instabili¬ 
ties  will  be  achieved  at  lower  stress  intensity  values. 
Experimentally,  the  stage-II-to-stage-III  transitions  oc¬ 
cur  at  values  that  are  much  larger  than  Kq  (Fig.  6) 
and  processes  that  are  known  to  increase  bridging  zone 
relaxation  rates,  such  as  oxidation-induced  interface 
removal,  result  in  increased  SCG  velocities  and  lower 
stage-lI-to-stage-III  transitions. 


6.  Summarizing  remarks 

TGA  of  CMC  material  consisting  of  a  CVI  SiC 
matrix  reinforced  with  Nicalon  fibers  and  with  C  with 
1  pm  thick  C  interfaces  revealed  linear  kinetics  for  mass 
loss  within  the  first  3-6  h  at  temperatures  at  1100°C 
and  in  0.25%,  0.5%,  1.0%  and  2.0%  O2.  Mass  loss  at 
20%  O2  was  very  rapid  and  non-linear.  The  TGA 
results,  when  converted  to  recession  rates  involving  the 
C  interfaces,  compared  very  well  with  the  recession 
rates  measured  geometrically  on  tested  samples  that 
were  cross-sectioned  for  microscopic  analysis.  The  oxi¬ 
dation  of  the  C  interface  appeared  to  follow  first-orders 
kinetics  and  the  order  of  the  reaction  with  respect  to 
oxygen  appeared  to  be  doss  to  unity. 

The  velocity  of  subcritical  cracks  in  CMCs  with 
continuous  fibers  has  been  related  to  the  rate  of  relax¬ 
ation  of  fiber-bridging  forces  in  the  crack-wake  bridg¬ 
ing  zone.  It  is  proposed  that  the  crack  velocity  is 
controlled  by  the  rate  of  relaxation  of  the  bridging  zone 
stresses  by  Nicalon  fiber  creep  and  a  time-dependent 
change  in  the  fiber-matrix  mechanical  coupling.  A  2D, 
discrete  micromechanics  model  using  a  simple  constitu¬ 
tive  law  for  creep  of  Nicalon  fibers  at  1100  °C  was  able 
to  rationalize  measured  SCG  rates  and  the  time  depen¬ 
dence  of  Vc  in  continuous-fiber-reinforced  yS-SiC  mate¬ 
rials  tested  in  02-containing  environments.  Extension  of 
p{u)  functions  to  the  modeling  of  SCG  indicate  that 


knowledge  of  p(uj)  is  required  to  compute  and 

that  such  computations  are  useful  in  understanding 
SCG  processes  for  materials  with  bridged  cracks. 
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Abstract 

Corrosion  characteristics  of  A1  6061~based  metal  matrix  composites  (MMCs)  containing  carbon  fibres,  alumina  fibres  or  silicon 
carbide  whiskers  (SiC,J  and  the  effects  of  ageing  heat  treatment  on  the  stress  corrosion  cracking  resistance  of  SiC^.-Al  7075 
MMC  were  studied  in  chloride  solutions.  MMCs  were  prepared  by  the  squeeze  casting  method  in  the  laboratory.  The  pitting 
potentials  for  A1  6061  and  the  three  A1  6061 -based  MMCs  were  similar.  The  resistance  of  SiC^-Al  6061  MMC  to  pit  initiation 
is  the  same  as  that  of  the  monolithic  alloy.  Once  pits  initiate,  damage  by  pitting  corrosion  would  be  greater  owing  to  the 
formation  of  crevices  between  the  reinforcement  and  the  matrix  by  the  dissolution  of  the  latter  in  the  pits.  The  cathodic  current 
of  the  SiC^,-Al  6061  is  slightly  larger  than  that  of  the  matrix  alloy,  possibly  owing  to  an  interfacial  layer  observed  by  transmission 
electron  microscopy.  Ageing  of  SiC^-Al  7075  MMC  at  170  °C  for  more  than  1  h  following  ageing  at  110°C  makes  the  MMC 
resistant  to  stress  corrosion  cracking  in  3.5%  NaCl  and  increases  the  pitting  potential. 

Keywords:  Al-based  metal  matrix  composites;  Silicon  carbide  whiskers;  Pitting  potential;  Stress  corrosion  cracking 


1.  Introduction 

Among  various  useful  aluminium  alloys,  A1  6061  and 
7075  are  two  typical  examples  characterized  by  reason¬ 
able  corrosion  resistance  and  high  strength,  respec¬ 
tively.  Further,  these  are  alloys  often  used  as  the  base 
metal  for  metal  matrix  composites  (MMCs)  reinforced 
by  various  non-metallic  fibres,  particles  and  whiskers. 

The  corrosion  resistance  of  a  metal  tends  to  be 
adversely  affected  by  the  presence  of  a  second  phase. 
The  only  exception  may  be  ferritic-austenitic  stainless 
steel.  The  literature  [1-9]  on  the  corrosion  behaviour  of 
MMCs  has  shown  that  the  presence  of  a  reinforcing 
material  may  or  may  not  increase  the  corrosion  suscep¬ 
tibility,  depending  not  only  on  the  metal -reinforce¬ 
ment  combination  but  also  on  manufacturing  process 
parameters. 

In  this  work,  corrosion  characteristics  were  examined 
and  compared  for  three  A1  6061 -based  MMCs  prepared 
in  the  laboratory  using  the  same  procedure  with  carbon 
fibres  (C),  alumina  fibres  (AI2O3)  and  silicon  carbide 
whiskers  (SiC^).  The  effect  of  heat  treatment  of  SiC^- 


*  Corresponding  author. 

0921-5093/95/$09.50  ©  1995  —  Elsevier  Science  S.A.  All  rights  reserved 
SSDl  092 1-5093(94)045 1 4-3 


A1  7075  MMC  on  the  resistance  to  stress  corrosion 
cracking  (SCC)  was  also  studied. 

2.  Experimental 

The  same  heats  of  A1  6061  and  7075  were  used  to 
prepare  metal  plates  and  MMCs  in  the  laboratory.  The 
chemical  analyses  are  shown  in  Table  1.  The  materials 
were  heat  treated  following  the  specifications  listed  in 
Table  2.  The  properties  of  the  reinforcing  materials  are 
given  in  Table  3. 

MMCs  were  prepared  using  the  squeeze  casting 
method,  which  was  considered  to  give  most  stable 
physical  properties  of  MMC.  The  fibres  and  the 
whiskers  were  supplied  by  Tokai  Carbon  in  the  form  of 
preforms.  The  casting  was  performed  at  800  "^C  under 


Table  1 

Chemical  analyses  of  matrix  metal  (%) 


Alloy 

Zn 

Mg 

Cu 

Cr 

Si 

Fe 

A1 

A1  6061 

0.00 

1.13 

0.33 

0.11 

0.46 

0.18 

Balance 

A1  7075 

5.62 

2.52 

1.63 

0.22 

0.06 

0.18 

Balance 
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Table  2 

Heat  treatment  of  the  specimens  used 


Specimen  Annealing  Ageing 


1st  step  2nd  step 


A1  6061 -based  MMC  540  °C  for  1  h  170  "C  for  8  h  (T6) 

A1  7075-based  MMC  470  X  for  1  h  1 10  X  for  6  h  170  X  for  1  6  h  (T7) 


Table  3 

Properties  of  reinforcing  materials 


Material 

Diameter 

(pm) 

Length 

(pm) 

Density 
(g  cm  h 

Tensile 
strength 
(kgf mm  ^) 

Young's 
modulus 
(kfgmm  -) 

Crystal 

phase 

Surface 

finish 

SiC,, 

O.l-l.O 

30-100 

3.19 

(3  14)  X  10“ 

(4-7)  X  K)-* 

//-SiC 

AKO, 

3 

500 

3.30 

2  X  10- 

3  X  10-' 

/calo,, 

C 

7 

1000 

2.40 

3.5  X  10- 

2.3  X  K)-* 

Cli  coat 

an  argon  atmosphere  at  10kgfcm“-.  An  examination 
under  the  microscope  confirmed  randomly  distributed 
networks  of  the  reinforcing  materials.  The  tensile  prop¬ 
erties  were  isotropic. 

Polarization  curves  were  obtained  potentiodynamd- 
cally  in  deaerated  3.5%  NaCl  at  25  °C.  The  potential 
was  swept  at  20  mV  min'*  from  a  potential  500  mV 
negative  to  the  rest  potential  in  the  noble  direction  until 
the  critical  pitting  potential  (V'^)  was  exceeded.  The 
specimens  for  electrochemical  study,  measuring 
10  X  10  X  3  mm^,  were  abraded  with  wet  emery  paper 
to  a  #600  finish  and  degreased. 

The  resistance  to  SCC  was  examined  by  the  slow 
strain  rate  test  (SSRT)  in  aerated  3.5%  NaCl  solution  at 
room  temperature  at  a  strain  rate  of  6  x  10  s  k  The 
specimens  used  were  6  mm  diameter  x  80  mm  long  rods 
with  a  gauge  section  2  mm  diameter  x  14  mm  long.  The 
resistance  was  determined  by  comparing  the  elongation 
to  fracture  or  fracture  strength  with  those  in  air.  Some 
tests  were  conducted  using  the  constant-load  technique. 

3.  Results  and  discussion 

3.L  Corrosion  behaviour  of  A!  606 1 -based  MMCs 

Typical  polarization  curves  for  A1  6061  and  three  A1 
6061-based  MMCs  containing  20  vol%  (v/o)  C,  AI2O3 
and  SiC,,,  in  deaerated  3.5%  NaCl  solution  at  25  °C  are 
shown  in  Fig.  1.  The  pitting  potentials  for  the  unrein¬ 
forced  alloy  and  the  three  MMCs  are  identical.  The 
surface  after  the  measurements  showed  that  the  sites  of 
pit  initiation  were  not  limited  to  the  metal/reinforce¬ 
ment  interface,  but  were  distributed  randomly  through¬ 
out  the  surface  of  the  metal  matrix. 

Polarization  curves  for  SiC^-Al  6061  MMCs  con¬ 
taining  10  and  20  v/o  SiC^^,  are  compared  in  Fig.  2. 


Fig.  1.  Potentiodynamic  polarization  curves  for  A1  6061  and  A1 
6061-based  MMCs  in  deaerated  3.5'y:)  NaCl  solution  at  25  X. 

These  curves  show  that  the  pitting  potential  is  indepen¬ 
dent  of  the  amount  of  SiC,^, . 

When  the  MMCs  and  the  base  metal  were  left  in 
deaerated  3.5%  NaCl  solution  at  room  temperature, 
small  pits  initiated  after  about  1  week  on  all  specimens. 
On  further  immersion,  pit  growth  was  faster  on  all  the 
MMCs  compared  with  the  unreinforced  alloy.  This  is 
presumably  due  to  the  detrimental  effect  of  crevices 
generated  by  the  dissolution  of  the  matrix  at  pits.  The 
formation  of  crevices  is  readily  suggested  by  the  ap¬ 
pearance  of  the  pit  shown  in  the  scanning  electron 
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Potential  (V  vs  SCE) 

Fig.  2.  Potentiodynamic  polarization  curves  for  10  and  20  v/o  SiC^^- 
A1  6061  MMCs  in  deaerated  3.5%  NaCl  solution  at  25  °C. 


micrograph  in  Fig.  3,  which  was  taken  for  a  pit  gener¬ 
ated  on  20  v/o  SiC,,-Al  6061  held  at  a  potential  slightly 
more  noble  than  the  pitting  potential  for  1  h  in  3.5% 
NaCl  solution.  Along  the  same  lines,  Aylor  and  Moran 


Fig.  3.  Scanning  electron  micrograph  of  a  pit  on  20  v/o  SiC^-Al 
6061  MMC  held  for  1  h  in  3.5%  NaCl  solution  at  a  potential  slightly 
more  noble  than  the  pitting  potential. 


[1]  observed  that  pitting  corrosion  was  concentrated 
around  SiC^  on  an  SiC^-Al  6061  panel  which  had 
been  immersed  in  filtered  seawater  for  60  days. 

The  present  result  that  the  pitting  potential  of  SiC^^- 
A1  6061  is  not  affected  by  the  presence  of  SiC^,  is  in 
agreement  with  those  of  Trzaskoma  et  al.  [2],  Aylor  and 
Moran  [1]  and  Noda  et  al.  [3]  for  the  same  MMC 
systems  and  some  other  Al-based  MMCs.  Sun  et  al.  [4] 
did  not  find  a  significant  difference  in  the  pitting  poten¬ 
tial  for  Al  6061  reinforced  by  15-40  v/o  SiC  particles 
(SiCp).  Buarzaiga  and  Thorpe  [5]  reported  that  Al 
356-based  MMCs  containing  10  and  15  v/o  SiCp,  but 
not  that  with  20  v/o  SiCp,  showed  less  noble  pitting 
potentials  than  the  base  metal.  It  is  reasonable  to 
assume  that  the  presence  of  SiC^  in  the  Al  6061 -based 
composite  does  not  increase  the  susceptibility  to  pit 
initiation  or  surface  film  breakdown. 

In  contrast,  some  investigators  [1,2,6]  found  that  pit 
morphology  was  changed  by  the  presence  of  SiC;  pits 
on  the  MMCs  were  significantly  more  numerous,  shal¬ 
low  and  widespread  than  those  on  the  corresponding 
unreinforced  alloys.  Also,  once  pits  initiate,  the  growth 
and  the  resulting  damage  would  be  greater  than  for  the 
base  metal.  In  practice,  it  should  be  borne  in  mind  that 
an  aluminium-based  material,  whether  it  is  an  alloy  or 
an  MMC,  must  be  used  under  conditions  where  pitting 
corrosion  does  not  initiate.  Because  the  SiC^^.-Al  6061 
MMC  has  the  same  resistance  as  the  Al  6061  alloy  as 
far  as  pit  initiation  is  concerned,  the  limits  of  safe  use 
would  be  the  same. 

The  present  results  also  show  that  the  pitting  poten¬ 
tial  of  the  C-Al  6061  is  the  same  as  that  of  the 
unreinforced  matrix  alloy.  However,  unlike  the  case  of 
the  SiC^-Al  6061  MMC,  the  susceptibility  of  the  MMC 
to  pit  initiation  would  be  greater  than  the  matrix  alloy 
owing  to  the  galvanic  coupling  of  carbon  fibres  and 
aluminium.  The  well  documented  noble  potential  and 
effective  cathodic  nature  of  C  cause  localized  corrosion 
at  the  interfacial  area  to  form  crevices  that  accelerate  pit 
initiation.  The  poor  corrosion  resistance  of  C-Al  com¬ 
posites  in  chloride  environments  has  been  reported  by 
various  authors  [7,8].  In  view  of  the  unaffected  pitting 
potential  and  the  non-conductive  nature  of  AI2O3,  the 
resistance  of  AI2O3-AI  6061  MMC  would  presumably 
be  the  same  as  that  of  the  matrix  alloy. 

The  cathodic  current  for  C-Al  6061  is  much  greater 
than  the  unreinforced  alloy  (Fig.  1),  reflecting  the  effec¬ 
tive  cathodic  nature  of  carbon  fibres.  In  view  of  the 
non-conductive  nature  of  SiC^  and  AI2O3,  it  is  puz¬ 
zling  that  the  cathodic  currents  for  SiC^,.  and  AI2O3 
composites  are  slightly,  but  definitely,  larger  than  that 
for  the  monolithic  matrix  alloy.  Such  an  increase  in 
cathodic  current  may  explain  the  reported  higher  corro¬ 
sion  rates  in  SiC~Al  MMCs  in  comparison  with  their 
matrix  alloys  [7,8].  The  cathodic  current  density  for  a 
solid  SiC  electrode  in  deaerated  3.15%  NaCl  solution 
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Fig.  4.  Transmission  electron  micrograph  of  the  interface  between 
Sic,,  and  the  metal  matrix  in  SiC„-Al  6061  MMC. 


reported  by  Hihara  and  Latanision  [9]  was  much  lower, 
e.g.  O.lpAcm”-  SiC  at  —1.2V  (vs.  SCE)  than  the 
increment  of  current  density  for  the  SiC,,-Al  6061 
MMC  observed  in  this  work. 

The  presence  of  some  interfacial  material  that  con¬ 
tributes  to  the  current  increase  was  suspected.  With 
much  effort  to  prepare  samples  suitable  for  transmis¬ 
sion  electron  microscope  (TEM)  studies  without  dis¬ 
turbing  the  reinforcement,  the  TEM  result  shown  in 
Fig.  4  was  obtained.  Obviously,  an  interfacial  layer 
(dark)  exists  at  the  interface  between  SiC,,,  and  the 
metal  matrix.  Its  thickness  was  much  less  than  0.1  pm 
and  energy-dispersive  X-ray  analysis  failed  to  identify 
the  material.  Possibly  it  is  a  reaction  product  of  Si02 
that  might  have  formed  on  SiC„,  with  magnesium  in  the 
molten  Al  6061  to  form  MgO  and  Si.  Possible  causes  of 
the  increased  cathodic  current  for  the  AEO^-Al  6061 
MMC  were  not  found. 

3,2.  Effect  of  heat  treatment  on  SCC  resistance  of 
SiC,,.- A!  7075 

The  SiC„,-Al  7075  MMC  was  annealed  at  470  °C  for 
1  h,  aged  at  110°C  for  6h  (Ist-step  ageing)  and  then 
further  aged  at  170  °C  for  0-6  h  (2nd-step  ageing).  The 
latter  ageing  is  used  to  impart  SCC  resistance  to  alu¬ 
minium  alloys  of  the  7000  series. 

Typical  SSRT  curves  in  air  and  in  3,5%  NaCl  solu¬ 
tion  for  the  MMC  with  and  without  the  2nd-step 
ageing  for  6  h  are  shown  in  Fig.  5.  The  2nd-step  ageing 
gives  SCC  resistance  to  the  MMC  which  is  otherwise 
susceptible.  Similar  curves  for  the  MMC  aged  at  170  °C 
for  different  periods  of  time  indicated  that  immunity 
was  obtained  by  ageing  for  more  than  1  h. 

In  view  of  the  possible  initiation  of  SCC  at  the 
bottom  of  a  pit,  the  pitting  potentials  for  the  composite 


with  different  ageing  treatments  were  measured  in 
deaerated  3.5%  NaCl  solutions.  As  shown  in  Fig.  6,  the 
pitting  potential  shifts  in  the  noble  direction  with  the 
Ist-step  ageing  (1 10  ""C  for  6  h)  and  shifts  further  with 
the  subsequent  2nd-step  ageing  at  170  °C.  A  peak  that 
appeared  in  the  anodic  branch  of  each  curve  may  seem 
unusual.  Presumably,  this  corresponds  to  the  active- 
passive  transition  made  apparent  by  complete  removal 
of  the  surface  film  during  cathodic  polarization  that 
preceded  anodic  polarization. 

The  pitting  potentials  in  0.3,  3.5  and  15%  NaCl 
solution  are  plotted  in  Fig.  7  as  a  function  of  the  ageing 
time.  The  beneficial  effect  of  the  2nd-step  ageing  on  the 
pitting  potential  saturates  after  about  1  h  of  ageing. 

Hence  the  2nd-step  ageing  for  more  than  1  h  is 
effective  in  reducing  the  susceptibility  to  both  SCC  and 
pit  initiation.  To  substantiate  these  results,  constant¬ 
load  SCC  tests  were  conducted.  The  results  are  shown 
in  Table  4.  The  specimens  heat  treated  for  the  2nd-step 
ageing  for  1  and  6  h,  which  did  not  show  SCC  suscepti¬ 
bility  in  SSRT.  did  not  fail  for  the  maximum  test  period 
of  500  h  under  an  applied  stress  level  of  90%  yield 
strength. 

The  TEM  results  shown  in  Fig.  8  compare  the  mi¬ 
crostructures  of  the  20  v/o  SiC„.-Al  7075  MMC  with 
and  without  the  2nd-step  ageing  for  6  h.  It  is  seen  that 
some  precipitates  have  grown  in  the  metal  matrix  adja¬ 
cent  to  the  SiC„. /metal  interface  by  ageing.  The  benefi¬ 
cial  effect  of  the  2nd-step  ageing  on  monolithic  7000 


Strain  c  (  %  ) 

Fig.  5.  SSRT  curves  for  20  v/o  SiC,,,-Al  7075  MMC  in  air  and  in 
aerated  ?>.5/3  NaCl  solution  at  rest  potential  and  room  temperature. 
7FE.  aged  at  1 10  °C  for  6  h:  7FA,  aged  at  170  °C  for  6  h  after  ageing 
at  1I0°C  for  6h. 


Y.  Shimizu  el  al.  /  Materials  Science  and  Engineering  A 198  (1995)  1 13 -1 18 


117 


PotentiaKV  vs  SCE) 


Fig.  6.  Potentiodynamic  polarization  curves  in  deaerated  3.5%  solu¬ 
tion  at  25  °C  for  20  v/o  SiQ,,-Al  7075  MMC  after  various  ageing 
treatments.  (A)  As  cast;  (B)  110°C  for  6  h;  (C)  110°C  for 
6h  +  170  "C  for  1  h;  (D)  110°C  for  6  h  +  170  °C  for  6  h. 

series  alloys  has  been  attributed  to  the  coagulation  of 
detrimental  grain  boundary  precipitates.  While  the  SiC^ 
composite  not  aged  sufficiently  shows  stress  corrosion 
cracks  intergranulaiiy  and  not  along  the  SiC^v^ni^tdl 
interface,  the  interfacial  growth  of  the  precipitates  may 
contribute  to  the  SCC  resistance  of  an  aged  composite 
that  does  not  fail  by  SCC  intergranularly. 


Second  step  aging  duration, t/hour 

Fig.  7.  Pitting  potentials  for  20  v/o  SiC,^-Al  7075  MMC  in  deaer¬ 
ated  (A)  0.3,  (O)  3.5  and  (V)  15%  NaCl  solution  at  25  °C  as  a 
function  of  ageing  time  at  170°C. 

4.  Conclusions 

Pitting  potential  for  Al  6061 -based  MMCs  contain¬ 
ing  20  v/o  carbon  fibres,  AI2O3  fibres  and  SiC  whiskers 
and  10  v/o  SiC  whiskers  are  the  same  as  that  for 
monolithic  Al  6061. 

The  resistance  of  SiC,^,-Al  6061  MMC  to  pit  initia¬ 
tion  is  as  good  as  that  of  monolithic  Al  6061.  However, 
once  pits  initiate,  the  corrosion  damage  of  the  com¬ 
posite  may  be  greater  owing  to  the  formation  of 
crevices  between  the  reinforcement  and  the  matrix  by 
the  dissolution  of  the  latter  in  the  pits.  The  composite 
must  be  used  under  conditions  where  pitting  does  not 
initiate  in  the  matrix  alloy. 

In  spite  of  the  fact  that  the  pitting  potential  of  C-Al 
6061  is  not  affected  by  the  presence  of  carbon  fibres,  the 
MMC  is  more  susceptible  to  pit  initiation  because  of 


Fig.  8.  Transmission  electron  micrograph  of  microstructure  in  20  v/o  SiC^v-Al  7075  MMC.  (left  panel)  Aged  at  1 10  °C  for  6  h;  (right  panel)  aged 
at  1 10  °C  for  6  h  and  then  at  170  °C  for  6  h. 
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Table  4 

Constant-load  SCC  test  results  for  20  v/o  SiC,, -A1  7075  MMC  in 
3.5/0  NaCl  solution  at  room  temperature 


Heat  treatment 

Applied  load'* 

9()T. 

mvu 

6035 

yield 

yield 

yield 

strength 

strength 

strength 

As  cast 

F  (3) 

F  (105) 

IlOX  for  6h 

F  (5) 

F  (220) 

F  (204) 

110*^0  for  6h-M70°C  for  1  h 

NF 

NF 

110°C  for  6h  +  170  °C  for  6h 

NF 

NF 

- 

''  F  =  failure  after  the  number  of  hours  given  in  parentheses; 
NF  =  no  failure  after  500  h. 


the  galvanic  coupling  of  the  matrix  metal  and  the 
carbon  fibres,  the  latter  being  effective  cathodes. 

A  possible  cause  of  the  increased  cathodic  current  on 
the  SiC,,.-Al  6061  is  the  formation  of  an  interfacial 
layer  between  the  matrix  metal  and  SiC  whiskers. 


Ageing  of  SiC,,  -Al  7075  at  170  °C  for  more  than  1  h 
following  ageing  at  li0°C  makes  the  composite  resis¬ 
tant  to  SCC  in  3.5%  NaCl  solution.  The  pitting  poten¬ 
tial  becomes  more  noble. 

Precipitates  are  formed  in  the  metal  matrix  adjacent 
to  the  SiC,,, -A1  7075  interface  by  the  ageing  at  170  °C. 
The  significance  of  the  precipitates  on  the  SCC  resis¬ 
tance  needs  further  study. 
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Abstract 

The  corrosion  behavior  of  silicon  carbide  monofilament/Ti- 15-3-3-3  (SiC  MF/Ti-15-3)  metal-matrix  composites  (MMCs)  were 
examined  in  3.15  wt.%  NaCl  solutions  at  30  °C.  Electrochemical  experiments  were  conducted  on  monolithic  ultrapure  Ti,  Ti-15-3 
alloy,  hot-pressed  SiC,  SiC  monofilament  and  the  SiC/Ti-15-3  MMC  to  identify  the  degradation  mechanisms  that  operate  in  the 
SiC/Ti-15-3  MMC.  At  oxidizing  potentials,  the  Ti-15-3  matrix  passivated,  whereas  the  carbon  cores  and  carbon-rich  surfaces  of 
the  SiC  MFs  were  severely  damaged.  The  anodic  polarization  curve  of  the  actual  MMC  and  a  curve  generated  using  the 
mixed-potential  theory  were  compared.  The  curves  were  very  similar,  indicating  that  MMC  processing  did  not  significantly  affect 
the  electrochemical  dissolution  behavior  of  the  MMC  constituents.  Galvanic  corrosion  between  the  SiC  monofilament  and  Ti-15-3 
matrix  metal  was  negligible.  The  MMC  had  excellent  corrosion  resistance  in  the  open-circuit  condition. 

Keywords’.  Corrosion;  Galvanic;  Titanium;  Silicon  carbide;  Metal-matrix  composites 


1.  Introduction 

Silicon  carbide  monofilament/titanium  (SiC  MF/Ti) 
metal-matrix  composites  (MMCs)  have  utility  in  high- 
temperature  applications  requiring  strong,  lightweight 
materials.  The  SiC  MF/Ti  MMCs  can  be  used  up  to 
approximately  815  °C  [1],  owing  to  the  high-tempera- 
ture  strength  imparted  by  the  SiC  monofilament  (MF) 
reinforcement.  The  SiC  MF/Ti  MMCs  are  significantly 
lighter  than  nickel-based  superalloys,  and  have  densities 
approximately  equal  to  3.9  g  cm^"^  (about  13%  less 
than  Ti)  [1].  These  composites  have  been  used  in  proto¬ 
type  drive  shafts,  turbine-engine  discs,  compressor  discs 
and  hollow  fan  blades,  and  are  also  candidate  materials 
for  the  skin  of  the  National  Aerospace  Plane  [1]. 
These  materials  may  also  find  use  in  room-temperature 
applications  owing  to  excellent  room-temperature  prop¬ 
erties.  Textron  Specialty  Materials  (Lowell,  MA)  pro¬ 
duces  SiC  MF/Ti  MMCs  having  either  Ti-6A1-4V  or 
Ti-15V-3Cr-3Sn-3A}  (Ti-15-3)  matrices  [2].  The  Ti-15-3 
MMCs  were  studied  in  this  investigation.  The  SiC 
MF/Ti-15-3  MMC  has  an  ultimate  tensile  strength  of 
approximately  1950  MPa  (283  x  10^  Ibf  in“^)  and 
an  elastic  modulus  of  approximately  213  GPa  (31  x 
10^  Ibf  in -2)  [2]. 


The  SiC  MF/Ti  MMCs  have  an  inherent  advantage 
over  aluminum  and  magnesium  MMCs  when  corrosion 
resistance  is  considered.  The  Ti  matrix  is  more  resistant 
to  corrosion  than  A1  and  Mg.  The  SiC  MF/Ti  MMC, 
however,  could  become  less  resistant  to  corrosion  than 
monolithic  Ti  owing  to  the  presence  of  the  SiC  MFs, 
contaminants  introduced  into  the  MMC  microstructure 
during  processing,  or  the  formation  of  interphases  at 
the  filament-matrix  interface. 

This  study  was  conducted  to  determine  the  mecha¬ 
nisms  by  which  the  SiC  MF/Ti-15-3  MMC  corrodes 
while  subjected  to  oxidizing  and  open-circuit  conditions 
in  3.15  wt.%  NaCl  at  30  °C.  Electrochemical  experi¬ 
ments  were  conducted  on  monolithic  ultrapure  Ti, 
Ti-15-3  alloy,  hot-pressed  SiC,  SiC  MF,  and  the  SiC/Ti- 
15-3  MMC.  The  data  from  the  above  constituents  and 
the  MMC  were  used  to  identify  the  degradation  mecha¬ 
nisms  that  operate  in  the  SiC/Ti-15-3  MMC.  The  an¬ 
odic  polarization  curve  of  the  actual  MMC  and  a  curve 
generated  using  the  mixed-potential  theory  were  com¬ 
pared.  No  significant  discrepancies  were  found  between 
the  curves,  indicating  that  the  processing  of  the  MMC 
did  not  affect  electrochemical  corrosion  behavior  of  the 
MMC  constituents.  Galvanic-corrosion  rates  between 
SiC  MF  and  Ti-15-3  were  determined  using  galvanic 
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couples  and  polarization  data.  Galvanic  corrosion  was 
negligible. 

2.  Materials 

2.1.  Ultrapure  Ti  and  Ti-15-3  electrodes 

Ultrapure  (i.e.  99.99%  metallic  purity)  Ti  rods  of 
1.25  cm  diameter  and  Ti  15-3  bars  with  cross-sections 
of  either  1  cm-  or  0.035  cm^  were  cut  into  wafers  to 
make  planar  electrodes.  The  larger  electrodes  were  used 
for  polarization  experiments,  and  the  0.035-cm”  elec¬ 
trode  was  used  for  galvanic-couple  experiments.  The 
0.035-cm-  electrode  size  was  necessary  to  maintain  a  0.6 
area  fraction  of  Ti-15-3  in  galvanic  couples  with  SiC 
MF  (cross-section)  electrodes,  which  are  discussed  be¬ 
low.  The  Ti-15-3  alloy  was  solution-heated  to  790  ""C 
for  30  min  and  aged  at  510  °C  for  8  h  [3].  One  surface 
of  the  wafers  was  coated  with  silver  paint  to  make 
electrical  contact  with  a  copper  wire  lead.  The  sides  and 
silver-painted  surface  of  the  wafers  were  then  sealed 
with  an  epoxy  adhesive  (EPOXY-PATCH  of  Dexter 
Corp.,  Seabrook,  NH).  The  front  planar  surface  was 
left  bare  and  served  as  the  electrode  surface, 

2.2.  Hot-pressed  SiC  electrodes 

Planar  electrodes  were  fabricated  from  bars  of  SiC 
that  were  hot-pressed  to  near  theoretical  densities  (over 
98%)  without  sintering  aids  or  binders.  Special  precau¬ 
tions  were  taken  in  making  the  SiC  electrodes  owing  to 
the  high  electrical  resistivity  of  SiC.  The  SiC  bars  were 
cut  into  9  mm  x  9  mm  square  wafers  about  1  mm  thick. 
The  entire  back  side  of  the  SiC  wafers  was  silver- 
painted  to  make  electrical  contact  with  a  copper  wire 
lead.  This  procedure  was  followed  to  ensure  that  the 
ohmic  drop  through  the  SiC  wafer  was  uniform  over 
the  electrode  face  during  polarization  experiments.  The 
sides  and  silver-painted  surface  of  the  SiC  wafer  were 
sealed  in  the  epoxy  adhesive.  Only  the  front  surface  was 
left  bare  and  served  as  the  electrode  surface.  The  resis¬ 
tance  through  the  thickness  of  the  SiC  wafers  was 
about  1  kQ. 

2.3.  Silicon  carbide  MF  electrodes 

Planar  SiC  MF  electrodes  were  fabricated  from 
Textron  SCS-6  SiC  MFs  of  140  pm  diameter.  The 
MF  consists  of  a  pitch-based,  carbon-fiber  core  of 
33  pm  diameter  that  is  surrounded  by  chemical-vapor- 
deposited  SiC  and  a  carbon-rich  outermost  layer  (Fig. 
1).  A  total  of  147  SiC  MFs  were  bundled  and  then 
aligned  unidirectionally  and  infiltrated  with  an  epoxy 
resin  (EPON  828  RESIN  of  Miller-Stephenson  Chemi¬ 
cal  Co.  Inc.,  Danbury,  CT).  The  resulting  product,  an 


Fig.  1.  SEM  image  of  SiC  MF.  Notice  carbon  core  (dark),  SiC  layer 
(light)  and  carbon-rich  outer  surface  (dark). 

SiC  MF/epoxy  composite  rod,  was  cut  into  disks  by 
sectioning  the  rod  perpendicularly  to  the  axis  of  the 
MFs.  The  disks  were  then  made  into  electrodes  by 
silver-painting  the  back  side  to  make  electrical  contact 
with  a  copper  wire  lead.  The  sides  of  the  disk  and  the 
silver-painted  surface  were  then  sealed  with  the  epoxy 
adhesive.  The  total  cross-sectional  surface  area  of  the 
SiC  MFs  was  about  0.023  cm-.  Note  that,  in  these 
planar  electrodes,  only  the  cross-sectional  filament  sur¬ 
face  is  exposed. 

To  study  the  electrochemical  properties  of  the  car¬ 
bon-rich  surface  of  the  SiC  MFs,  electrodes  exposing 
only  the  carbon-rich  circumferential  surface  (Fig.  2) 
were  prepared.  Silicon  carbide  MFs  were  cut  into 
lengths  of  about  3  cm.  Only  the  circumferential  surface 
near  each  end  of  the  MFs  was  silver-painted  onto  a 
copper  wire  lead  to  make  electrical  contact.  The  electri- 


Fig.  2.  Schematic  drawing  of  SiC  MF  (carbon-rich  surface)  electrode. 
Notice  that  only  the  carbon-rich  surface  is  exposed,  and  that  electri¬ 
cal  contact  is  made  to  the  carbon-rich  surface  with  conductive  silver 
paint. 
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cal-contact  area  and  the  copper  wire  lead  were  then 
sealed  with  the  epoxy  adhesive  so  that  only  the  circum¬ 
ferential  surface  of  the  MF  was  exposed.  The  total 
circumferential  surface  area  was  about  0.79  cm^. 

24.  5/C/r/-75-J  MMC  electrodes 

The  SiC/Ti-15-3  MMC  was  a  product  of  Textron 
Specialty  Materials.  The  MMC  was  nine  plies  thick, 
and  unidirectionally  reinforced  with  SCS-6  SiC  MFs. 
The  MMC  was  solution-heated  to  790  °C  for  30  min 
and  aged  at  510  °C  for  8  h.  The  volume  fraction  of  SiC 
MF  was  approximately  40%.  To  make  planar  elec¬ 
trodes,  the  MMC  was  cut  to  expose  the  cross-sections 
of  the  MFs.  The  axes  of  the  MFs  were  perpendicular  to 
the  planar  electrode  surface.  Electrical  contact  was 
made  by  silver-painting  a  copper  wire  lead  to  the  back 
side  of  the  specimen.  The  sides  and  silver-painted  sur¬ 
face  of  the  specimen  were  sealed  in  the  epoxy  adhesive. 

25.  Aqueous  solutions 

Near-neutral  3.15  wt.%  NaCl  solutions  were  pre¬ 
pared  from  18  MD  cm  water  and  analytical-grade 
NaCl.  The  solutions  were  kept  at  30  +  0.1  °C,  and 
de-aerated  with  pre-purified  nitrogen  (99.99%)  or  aer¬ 
ated  with  compressed  air.  Gas  pressure  was  1  atm. 


3.  Instrumentation  and  procedures 

The  surface  of  all  planar  electrodes  was  polished  to  a 
0.05  pm  finish  with  y -alumina  powder,  and  rinsed  with 
18  MQ  cm  water  prior  to  each  experiment.  The  SiC  MF 
(carbon-rich  surface)  electrodes  were  rinsed  with  18 
MQ  cm  water  prior  to  each  experiment. 

Potentiodynamic  polarization  experiments  were  con¬ 
ducted  with  a  Model  273  PAR  potentiostat/galvanostat 
(EG&G,  Princeton,  NJ).  The  electrodes  were  stabilized 
at  their  corrosion  potential  prior  to  polarization.  Poten¬ 
tials  were  measured  against  a  saturated  calomel  elec¬ 
trode  (SCE).  All  electrodes  were  polarized  at  a  rate  of 
0.1  mV  s“k  Each  polarization  experiment  was  per¬ 
formed  at  least  three  times  to  verify  reproducibility.  To 
generate  polarization  diagrams,  the  logarithm  of  the 
current  density  was  averaged  over  at  least  three  experi¬ 
ments  and  plotted  as  a  function  of  potential. 

Galvanostatic  experiments  were  conducted  with  the 
PAR  potentiostat/galvanostat.  Potentials  were  mea¬ 
sured  against  a  SCE.  The  real  potential  was  obtained 
by  subtracting  the  electrode  ohmic  loss  from  the  mea¬ 
sured  potential.  The  ohmic  loss  was  measured  with  an 
oscilloscope  using  the  current-interrupt  method  [4]. 
Measured  and  real  potentials  were  plotted  as  a  function 
of  time.  Each  curve  represents  one  experiment. 

Galvanic  currents  were  measured  between  a  Ti-15-3 


electrode  (0.035  cm^)  and  a  SiC  MF  (cross-section, 
0.023  cm^)  electrode  with  a  ZA  100  zero-shunt  ammeter 
(Intertech  Systems,  Inc.,  San  Jose,  CA).  The  0.40  area 
fraction  of  SiC  MF  in  the  couple  was  used  so  that  the 
results  could  be  applied  to  the  actual  MMC,  which  had 
approximately  0.40  area  fraction  of  exposed  SiC  MF. 
The  galvanic  current  was  normalized  with  respect  to  the 
Ti-15-3  area  to  obtain  the  galvanic-corrosion  current 
density  (/gaiv)-  The  value  of  /gaiv  was  plotted  as  a  func¬ 
tion  of  time  for  each  experiment. 

Scanning  electron  microscopy  (SEM)  was  used  to 
characterize  degradation  of  the  SiC  MFs  and  the  Ti-15- 
3  matrix.  To  obtain  micrographs,  samples  were  carbon- 
coated  to  avoid  charging  that  could  distort  the  SEM 
image.  Energy-dispersive  X-ray  analysis  (EDXA)  was 
used  to  identify  oxidation  products  on  SiC  MFs. 
EDXA  was  conducted  on  samples  without  carbon  coat¬ 
ing  to  avoid  carbon  contamination. 


4.  Results  and  discussion 

Polarization  and  zero-resistance  ammeter  (ZRA)  ex¬ 
periments  were  conducted  to  determine  the  mechanisms 
by  which  the  SiC  MF/Ti-15-3  MMC  corrodes  at  oxidiz¬ 
ing  and  open-circuit  potentials.  Anodic  dissolution  be¬ 
havior  of  the  MMC  constituents  was  studied  to 
determine  the  inherent  degradation  properties  of  the 
constituents.  An  anodic  polarization  curve  of  the  MMC 
was  generated  using  the  mixed-potential  theory  and 
polarization  data  of  the  MMC  constituents.  The  mixed- 
potential  curve  was  compared  to  an  actual  anodic 
polarization  curve  of  the  SiC  MF/Ti  15-3  MMC  to 
determine  if  MMC  processing  affected  electrochemical 
dissolution  behavior.  Galvanic  corrosion  between  the 
SiC  MF  and  the  Ti-15-3  matrix  was  studied  using 
polarization  diagrams  and  the  ZRA  technique.  The 
discussion  is  sectioned  into  the  three  primary  topics 
discussed  above:  (a)  degradation  behavior  of  the  MMC 
constituents,  (b)  mixed-potential  theory  and  effect  of 
MMC  processing,  and  (c)  galvanic  corrosion. 

4.7.  Degradation  behavior  of  constituents 

Ultra-pure  Ti  and  Ti-15-3  behave  very  similarly  dur¬ 
ing  anodic  polarization  in  de-aerated  3.15  wt.%  NaCl  at 
30  °C  (Fig.  3),  indicating  that  the  approximately  24%  of 
alloying  elements  in  Ti-15-3  have  negligible  effect  on 
dissolution  rates.  The  passive  current  density  was  ap¬ 
proximately  5  X  10~^  A  cm“^. 

Hot-pressed  SiC  had  lower  anodic  dissolution  rates 
in  de-aerated  3.15  wt.%  NaCl  (Fig.  4)  as  compared  to 
SiC  MF  (cross-section)  and  SiC  MF  (carbon-rich  sur¬ 
face).  Data  from  PlOO  graphite  [5]  was  included  in  Fig. 
4  for  comparative  purposes.  The  anodic  polarization 
curve  of  SiC  MF  (carbon-rich  surface)  almost  traces 
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log  i  [A/cm^] 


Fig.  3.  Anodic  polarization  diagrams  of  ultra-pure  Ti  and  Ti-I5-3 
alloy  exposed  to  de-aerated  3.15  \vt.%  NaCl  at  30  °C.  Scan  rate  =  O.I 
mV  s-'. 

that  of  the  PI 00  graphite,  while  that  of  the  SiC  MF 
(cross-section)  has  higher  current  densities  at  potentials 
near  open-circuit,  but  converge  with  that  of  PI 00 
graphite  at  about  1.5  V  (SCE).  The  SiC  MF  in  the 
cross-section  and  carbon-rich-surfcice  exposed  condi¬ 
tions  behave  more  like  graphite  than  hot-pressed  SiC, 
which  is  most  likely  due  to  the  carbon  core  and  carbon- 
rich  surface  of  the  MFs. 

To  study  the  oxidation  behavior  of  SiC  MF  in 
greater  detail,  galvanostatic  experiments  were  con¬ 
ducted  in  de-aerated  3.15  wt.%  NaCl  at  30  °C  at  a 
current  density  of  10  A  cm““.  The  measured  poten¬ 
tial  (Fig.  5)  for  SiC  MF  (carbon-rich  surface)  increased 
precipitously  after  approximately  2  h,  whereas  the  po¬ 
tential  variation  for  SiC  MF  (cross-section)  was  slight 
in  comparison.  Carbon  cores  were  oxidized  and  con¬ 
sumed  in  the  SiC  MF  (cross-section)  electrodes  (Fig.  6). 
Consumption  of  the  carbon  core  was  attributed  to 
oxidation  of  carbon  into  primarily  CO2,  which  has  been 
observed  in  graphite  fibers  [6].  The  surface  layers  of  the 


Fig.  4.  Collection  of  anodic  polarization  diagrams  of  hot-pressed  SiC. 
SiC  MF  (cross-section),  SiC  MF  (carbon-rich  surface),  and  PI 00 
graphite  [5]  exposed  to  de-aerated  3.15  vvt./5  NaCl  at  30  °C.  Scan 
rate  =  0. 1  mV  s “ 


Time  (h) 


Fig.  5.  Potential  (mcasured)-vs.-timc  diagrams  of  SiC  MF  (cross-sec¬ 
tion)  and  SiC  MF  (carbon-rich  surface)  exposed  to  de-aerated  3.15 
wt.'- i.  NaCl  at  30  °C.  The  current  density  was  galvanostatically  held  at 
10  -  A  cm  -. 


SiC  MF  (carbon-rich  surface)  electrodes  flaked  and 
peeled  severely  (Fig.  7),  as  compared  to  new  SiC  MF 
(Fig.  8).  Comparison  of  the  EDXA  spectra  of  the  outer, 
carbon-rich  layer  before  (Fig.  9)  and  after  (Fig.  10) 
galvanostatic  testing  shows  that  oxygen  was  incorpo¬ 
rated  into  the  oxidized  layer.  It  was  theorized  that  the 
precipitous  increase  in  measured  potential  (Fig.  5)  was 
caused  by  ohmic  loss  due  to  an  increase  in  the  electrode 
resistance,  either  by  loss  of  the  conducting  carbon-rich 
layer  and  or  by  formation  of  a  non-conducting  oxidized 
layer.  Subtracting  the  ohmic  loss  from  the  measured 
potential  and  plotting  the  resulting  real  potential  (Fig. 
1 1)  showed  that  the  real  potential  remained  constant  at 
approximately  1.5  V  (SCE).  indicating  that  the  sharp 
increase  in  measured  potential  was  caused  by  ohmic 
losses. 


Fig.  6.  SEM  image  of  one  SiC  MF  (cro.ss-section)  after  current 
density  was  held  galvanostatically  at  10  “  A  cm"-  for  6  h  in 
deaerated  3.15  vvt."<i  NaCl  at  30  °C.  Notice  that  the  carbon  core  has 
been  consumed. 
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Fig.  7.  SEM  image  of  SiC  MFs  (carbon-rich  surface)  after  current 
density  was  held  galvanostatically  at  10  A  cm““  for  2  h  in 
deaerated  3.15  \\t.%  NaCl  at  30  °C.  Notice  flaking  and  peeling  of  the 
outermost  layer. 

4.2.  Mixed-potential  theory 

A  polarization  diagram  of  the  MMC  was  constructed 
using  the  mixed-potential  theory  and  the  polarization 
data  of  the  individual  MMC  constituents.  In  Fig.  12, 
the  mixed-potential  diagram  and  the  actual  diagram  of 
the  MMC  are  compared.  The  area  fraction  of  exposed 
SiC  MF  cross-sections  for  the  actual  MMC  and  that 
corresponding  to  the  mixed-potential  diagram  is  ap¬ 
proximately  40%.  There  is  very  good  correlation  be¬ 
tween  the  two  diagrams,  indicating  that  the  MMC 
processing  did  not  affect  anodic  dissolution  behavior  of 
the  constituents.  The  shapes  of  the  mixed-potential  and 
actual  diagrams  are  strongly  dominated  by  that  of 
SiC  MF  (cross-section).  The  Ti-15-3  remains  passive 
throughout  the  anodic  scan.  An  SEM  image  of  an 


Fig.  8.  SEM  image  of  a  new  SiC  MF  (carbon-rich  surface). 


Fig.  9.  EDXA  spectrum  of  the  carbon-rich  surface  of  a  new  SiC  MF. 
Beam  voltage  =  5  kV. 


MMC  electrode  after  anodic  oxidation  verifies  that 
damage  is  concentrated  over  the  SiC  MF  (Fig.  13). 

4.3.  Galvanic  corrosion 

The  extent  of  galvanic  corrosion  between  the  SiC  MF 
(cross-section)  and  the  Ti-15-3  matrix  was  assessed 
using  the  mixed-potential  theory  and  the  ZRA  tech¬ 
nique.  The  mixed-potential  theory  gives  the  galvanic- 
corrosion  current  corresponding  to  the  conditions  used 
in  obtaining  the  polarization  diagrams.  The  advantage 
of  the  ZRA  technique  is  that  the  galvanic-corrosion 
current  can  be  monitored  over  time. 


Fig.  10.  EDXA  spectrum  of  a  flake  from  an  oxidized  SiC  MF 
(carbon-rich  surface).  Beam  voltage  =  5  kV. 
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Time  (h) 

Fig.  11.  Potential-vs.-timc  diagrams  of  SiC  MF  (carbon-rich  surface) 
exposed  to  deaerated  3.15  wt.%  NaCl  at  30  °C.  Current  was  galvano- 
statically  held  at  I0““  A  cm~-.  The  real  potential  was  obtained  by 
subtracting  the  ohmic  loss  from  the  measured  potential. 

Using  the  mixed-potential  theory,  the  galvanic-corro¬ 
sion  current  can  be  obtained  from  the  intersection  of 
the  anodic  polarization  diagram  of  Ti- 15-3  (de-aerated 
solution)  and  a  cathodic  polarization  diagram  of  SiC 
MF  (cross-section,  aerated  solution).  The  galvanic- 
corrosion  current  was  predicted  for  aerated  3.15  wt.% 
NaCl  at  30  °C  (Fig.  14).  The  galvanic  current  was 
normalized  with  respect  to  the  Ti-15-3  area  and  was 
approximately  equal  to  5  x  10“^  A  cm““.  The  ZRA 
technique  was  used  to  study  the  fluctuation  of  the 
galvanic  current  over  time.  The  galvanic  current  density 
(Fig.  15)  initially  ranged  from  approximately  4  to  6  x 
10“^  A  cm““  and  decayed  significantly  within  approx¬ 
imately  10  h.  In  one  of  the  experiments,  the  current 
density  decayed  to  zero  and  then  switched  signs.  The 
potentials  of  the  galvanic  couples  also  became  more 
negative,  indicating  that  the  decrease  in  galvanic  cur¬ 
rent  was  due  to  the  cathodic  curve  of  the  SiC  MF 
(cross-section)  shifting  to  lower  current  densities.  These 


log  i  [A/cm^] 

Fig.  12.  Collection  of  anodic  polarization  diagrams  of  Ti-15-3,  SiC 
MF  (cross-section),  SiC  MF/Ti-15-3  MMC,  and  mixed-potential 
model  of  the  MMC.  The  environment  is  de-aerated  3.15  wt.%  NaCl 
at  30  °C.  Scan  rate  =  0.1  mV  s“'. 


Fig.  13.  SEM  image  of  an  SiC  MF  and  surrounding  Ti-15-3  matrix 
from  an  electrode  that  was  used  for  the  generation  of  an  anodic 
polarization  diagram  of  SiC  MF/Ti-15-3  MMC  (Fig.  12).  Notice  that 
degradation  is  concentrated  on  the  SiC  MF. 


Fig.  14.  Polarization  diagrams  of  Ti-15-3  alloy  and  SiC  MF  (cross- 
section)  used  to  predict  galvanic-corrosion  rates  in  aerated  3.15  wi.Vo 
NaCl  at  30  °C.  The  SiC  MF  (cross-section)  area  fraction  is  0.4.  Scan 
rate  =  0. 1  mV  s  “ 

results  indicate  that  galvanic  corrosion  is  insignificant 
in  the  SiC  MF/Ti-15-3  MMCs. 


5.  Conclusions 

The  SiC  MFs  are  susceptible  to  degradation  at  oxi¬ 
dizing  potentials  in  de-aerated  3.15  wt.%  NaCl  at 
30  °C.  The  carbon  cores  of  the  SiC  MFs  were  con¬ 
sumed,  which  was  primarily  attributed  to  CO2  forma¬ 
tion.  Flaking  and  peeling  was  observed  in  the  outer, 
carbon-rich  surface  of  the  SiC  MFs.  The  oxidized  flakes 
and  outer  layer  of  the  SiC  MFs  were  enriched  with 
oxygen.  The  Ti-15-3  matrix  alloy  passivated  at  the 
oxidizing  potentials.  An  anodic  polarization  diagram  of 
the  MMC  was  generated  using  the  polarization  data  of 
the  MMC  constituents  in  concert  with  the  mixed-poten- 
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Time  (h) 

Fig.  15.  Galvanic-corrosion  current  density  vs.  time  for  galvanic 
couples  of  Ti-15-3  alloy  and  SiC  MF  (cross-section)  exposed  to 
aerated  3.15  wt.%  NaCl  at  30  °C.  The  SiC  MF  area  fraction  is  0.4. 

tial  theory.  The  mixed-potential  diagram  was  compared 
to  an  actual  diagram  of  the  SiC  MF/Ti-15-3  MMC. 
The  excellent  correlation  between  the  two  diagrams 
indicated  that  MMC  processing  did  not  have  any  sig¬ 
nificant  effects  on  the  electrochemical  dissolution  be¬ 
havior  of  the  MMC  constituents.  Galvanic  corrosion 
between  the  Ti-15-3  alloy  and  the  exposed  cross-section 
of  the  SiC  MFs  was  negligible  in  aerated  3.15  wt.% 


NaCl  at  30  °C.  Near  the  open-circuit  potential  of  the 
MMC,  the  SiC  MF/Ti-15-3  MMC  had  excellent  resis¬ 
tance  to  corrosion. 
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Abstract 

Since  zirconium  (Zr)  has  superior  corrosion  resistance  to  concentrated  nitric  acid  (HNO3)  at  elevated  temperature,  it  has  been 
successfully  used  as  a  material  for  chemical  plants  to  produce  HNO3  or  spent  nuclear  fuel  reprocessing  plants.  However,  the 
occurrence  of  stress  corrosion  cracking  (SCC)  has  recently  been  reported  in  hot  nitric  acid  conditions.  The  necessary  conditions 
for  SCC  in  Zr,  and  the  preventive  method  against  SCC  by  alloying  were  investigated.  The  slow  strain  rate  technique  test, 
electrochemical  measurements,  strain  electrode  tests,  and  analysis  of  corrosion  products  were  carried  out  in  this  work.  SCC  does 
not  occur  in  Zr  in  boiling  HNO3  at  concentrations  less  than  70%,  whereas  SCC  is  initiated  in  6-94%  HNO3  when  a  potential  is 
applied  above  the  critical  potential  for  SCC.  A  new  invention  of  Zr-15%Ti  alloy  is  immune  to  SCC  under  applied  potential 
conditions  in  hot  HNO3:  this  alloy  forms  a  stable  passive  film  composed  of  ZrO^  and  Ti02. 

Keywords:  Zirconium;  Zirconium- titanium  alloy;  Passivity;  Stress  corrosion  cracking;  Spent  nuclear  fuel;  Nitric  acid 


1.  Introduction 

Reprocessing  of  spent  nuclear  fuels  has  been  carried 
out  usually  in  HNO3  by  the  Purex  method  in  plants 
made  of  stainless  steels  or  zirconium.  Stainless  steels  are 
now  indispensable  constructional  materials  for  dealing 
with  HNO3,  because  they  have  good  corrosion  resis¬ 
tance  against  nitric  acid  solutions  as  well  as  appropriate 
practical  properties  such  as  working,  welding  proper¬ 
ties,  etc.  [1,2].  However,  they  have  a  drawback:  they  are 
susceptible  to  general  and  intergranular  corrosion  in 
highly  oxidizing  nitric  acid  media  which  contain  oxidiz¬ 
ing  reagents  such  as  Cr^^,  Ce'^^,  etc.,  with  high  oxida¬ 
tion-reduction  potentials  [1-4]. 

On  the  other  hand,  Zr  generally  has  higher  corrosion 
resistance  than  stainless  steel  [5-8].  For  example,  it 
shows  excellent  corrosion  resistance  to  hot  HNO3  both 
with  and  without  oxidizing  species  [3,7,9].  It  is  used 
these  days  as  an  important  constructional  material  for 


dissolver  tanks  of  spent  nuclear  fuels  [10].  However, 
recent  studies  have  shown  that  even  Zr  is  susceptible  to 
stress  corrosion  cracking  (SCC)  under  specific  condi¬ 
tions  in  HNO3  [11-14].  Beavers  [11]  describes  that 
Zircaloy-4  (UNS  R60804,  Zr-1.5%Sn  alloy)  is  suscepti¬ 
ble  to  SCC  in  HNO3  with  concentrations  greater  than 
20%  by  the  slow  strain  rate  technique  (SSRT).  Yau  [12] 
investigated  SCC  for  commercially  pure  Zr,  Zr-1.5%Sn 
alloy  and  Zr-2.5%Nb  alloy  in  HNO3  by  the  U-bend  and 
C-ring  tests,  and  reports  that  although  all  of  them  have 
high  SCC  resistance  in  70%  HNO3  up  to  the  boiling 


Table  1 

Chemical  composition  of  Zr  used  (mass%) 


Hf 

Fe 

Cr 

H 

N 

0 

0.009 

0.083 

0.012 

0.0009 

0.0012 

0.106 
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Table  2 

Tensile  properties  of  Zr 


Tensile 

stress 

(MPa) 

0.2%  proof 

stress 

(MPa) 

Elongation 

(%) 

Longitudinal  at  R.T. 

426 

249 

28.9 

Transverse  at  R.T. 

415 

328 

26.3 

Longitudinal  at  373  K 

333 

188 

35.4 

Transverse  at  373  K 

319 

244 

36.5 

point,  they  become  susceptible  to  SCC  in  HNO3  above 
80%. 

It  is  an  interesting  and  important  research  topic  to 
make  sure  the  mechanism  of  SCC  in  Zr  in  extremely 
oxidizing  nitric  acid  solutions  although  it  has  generally 
excellent  corrosion  resistance  to  hot  pure  HNO3.  The 
susceptibility  of  Zr  to  SCC  is  featured  in  terms  of 
concentration  of  HNO3,  concentration  of  oxidizing  spe¬ 
cies,  and  temperature  as  well  as  such  factors  as  poten¬ 
tial,  applied  stress,  extension  rate  on  the  metal,  etc. 

Therefore,  first,  this  paper  is  aimed  at  clarifying  the 
relationship  between  occurrence  of  SCC  in  Zr  and  its 
electrochemical  behavior  in  hot  oxidizing  HNO3  by 
considering  a  transition  of  the  passive  film  formed  on 
Zr  from  a  stable  to  an  unstable  state.  Second,  it  deals 
with  a  countermeasure  against  SCC.  Zr  has  excellent 
general  corrosion  resistance  to  high  temperature  pure 
HNO3  even  though  it  is  not  immune  to  SCC.  On  the 
other  hand,  titanium  (Ti)  has  good  general  corrosion 
and  SCC  resistance  in  hot  oxidizing  HNO3  although  it 
is  severely  attacked  in  pure  HNO3  at  elevated  tempera¬ 
tures.  Alloying  Ti  to  Zr  is  expected  to  exhibit  synergis¬ 
tic  effects  on  improving  both  the  general  corrosion  and 
SCC  resistance  [15].  Consequently,  optimization  of  cor¬ 
rosion  resistance  has  been  studied  in  Zr-Ti  alloys. 


2.  Experimental  procedure 

2./.  Material 

Tables  1  and  2  show  the  chemical  composition  and 
tensile  properties  of  commercially  pure  Zr  used  for  SCC 
tests.  Table  3  is  the  chemical  composition  of  Zr  and 
Zr-Ti  alloys,  of  which  Ti  content  was  changed  up  to  25 
mass%.  Synergistic  effects  of  Zr  and  Ti  on  the  corrosion 
resistance  of  Zr-Ti  alloys  were  evaluated  by  using  these 
materials.  Commercially  pure  Zr  and  Zr-Ti  alloys  were 
melted  in  vacuum,  forged,  rolled  to  plate,  and  finally 
annealed  at  923  K  for  5  h. 

2.2.  Corrosion  test 

General  corrosion  and  SSRT  tests  were  conducted  in 
6-94%  HNO3.  The  solutions  were  kept  under  boiling 


conditions  or  isothermal  conditions  during  the  tests. 
The  specimens  for  the  SSRT  tests  were  strained  to 
failure  at  a  strain  rate  of  4.17  x  10  s  k  The  SSRT 
specimens  were  kept  at  open-circuit  potentials  or  under 
applied  potentials.  The  SCC  susceptibility  of  Zr  and 
Zr  Ti  alloys  was  evaluated  by  the  fracture  strain.  Con¬ 
stant-load  SCC  tests  were  also  carried  out  under  con¬ 
stant-potential  conditions  in  40%  HNO3  for  500  h.  A 
load  of  196  MPa,  equal  to  the  0.2%  proof  stress  at  373 
K,  was  applied  to  the  specimens. 

2.3.  Measurement  of  electrochemical  polarization  curves 

Anodic  polarization  curves  for  Zr  and  Zr-Ti  alloys 
were  measured  in  6-94%  HNO3  at  boiling  tempera¬ 
tures,  and  also  in  40‘!/()  HNO3  at  373  K.  The  potential 
sweep  rate  was  0.33  mV  s  k  The  potentials  of  speci¬ 
mens  were  measured  vs.  the  saturated  calomel  electrode 
(SCE). 

2.4.  Measurement  of  strain  electrode  behavior 

The  strain  electrode  test  method  [16,17]  was  used  to 
investigate  the  speed  of  film  regeneration  on  Zr  or 
Zr-Ti  alloys.  The  parallel  part  of  the  strain  electrode  is 
1  mm  in  diameter  and  10  mm  in  length.  The  electrode 
was  rapidly  extended  to  3%  strain  at  a  rate  of  3.8  s  k 
and  then  current  decay  responding  to  new  film  forma¬ 
tion  on  metal  surfaces  was  measured. 

2.5.  Analysis  of  corrosion  films  on  post -test  metal  sur¬ 
faces 

The  corrosion  films  formed  on  specimen  surfaces 
were  analyzed  by  X-ray  diffraction  or  X-ray  photoelec¬ 
tron  spectroscopy  (XPS). 

3.  Experimental  results 

3.1.  Effects  of  nitric  acid  concentration  and  electrode 
potential  on  SCC  in  Zr 

SSRT  tests  for  Zr  were  carried  out  in  6-94%  HNO3 
over  a  wide  potential  range.  Fig.  1  shows  the  relation- 


Table  3 

Chemical  compositions  of  Zr-Ti  alloys  (mass%) 


Alloy 

Ti 

C 

Fe 

Cr 

Zr 

<0.01 

0.004 

0.130 

0.021 

Zr-2.5Ti 

2.44 

0.003 

0.077 

0.017 

Zr-5Ti 

4.94 

0.005 

0.069 

0.015 

Zr-lOTi 

9.94 

0.003 

0.079 

0.018 

Zr-15Ti 

14.88 

0.002 

0.059 

0.015 

Zr-20Ti 

19.78 

0.003 

0.096 

0.017 

Zr-25Ti 

24.82 

0.004 

0.080 

0.013 
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Fig.  1.  Relationship  between  potential  and  concentration  of  HNO3 
on  the  see  susceptibility  of  Zr  by  the  SSRT  test. 


ship  between  boiling  HNO3  concentration  and  potential 
on  see  susceptibility.  The  dashed  line  shows  the  change 
in  the  corrosion  potential  of  Zr  with  HNO3  concentra¬ 
tion,  and  the  solid  line  the  initiation  potential  for  See, 
respectively.  The  potential  allowance  to  See  from  the 
corrosion  potential  is  0.8  V  in  17%  HNO3,  but  only  0.1 
V  in  70%  HNO3.  In  94%  HNO3,  there  is  no  potential 
allowance  to  See.  See  occurs  in  Zr  at  an  open-circuit 
potential  in  94%  HNO3. 

Fig.  2  shows  the  fracture  surfaces  due  to  dimple 
fracture  at  1 .2  V,  and  See  at  1 .3  V  by  constant-potential 
see  tests,  respectively.  The  cleavage-type  fracture  sur¬ 
face  is  characteristic  in  the  See  of  Zr  and  Zr-Ti  alloys. 

Anodic  polarization  curves  for  Zr  in  different  concen¬ 
trations  of  HNO3  are  depicted  in  Fig.  3.  The  polarization 
curve  in  boiling  6%  HNO3  is  of  a  generic  pattern  for 
passivation  metals,  i.e.  consisting  of  three  major  poten¬ 
tial  regions  of  the  primary  passivity  below  1.3  V,  the 
transition  between  1.3  V  and  1.7  V,  and  the  secondary 
passivity  above  1.7  V.  SCC  occurs  in  the  transition 
region.  Sharp  current  increase  in  the  transition  region 
probably  responds  to  weakening  of  a  passive  film  on  Zr 
during  tests.  This  transition  region  becomes  narrower 
and  less  noble  as  the  concentration  of  HNO3  is  in¬ 
creased.  Whereas  the  initiation  potential  for  the  transi¬ 
tion  region  becomes  more  noble  with  decrease  in 
temperature,  e.g.  1.3  V  at  383  K  and  2.0  V  at  323  K  in 
40%  HNO3,  respectively. 

3.2.  Improvement  of  SCC  resistance  with  addition  of 
Ti  to  Zr 

Zr  and  Ti  are  completely  soluble  at  every  mixing 
ratio,  as  shown  in  Fig.  4  [18].  Since  Zr  is  extremely 
resistant  to  pure  HNO3  at  high  temperatures,  and  Ti, 


Fig.  2.  Scanning  electron  micrographs  of  the  fracture  surfaces  after 
the  constant-potential  SSRT  tests  in  40%  HNO3  at  boiling  tempera¬ 
ture:  (a)  E=\.2  V(SCE);  (b)  £=1.3  V(SCE). 


Fig.  3.  Anodic  polarization  curves  for  Zr  in  (6-94)%  HNO3  at 
boiling  temperature. 
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Atomic  Percent  Zirconium 


Ti  Weight  Percent  Zirconium  2r 

Fig.  4.  Zr-Ti  phase  diagram. 

on  the  other  hand,  has  good  corrosion  resistance  to 
highly  oxidizing  HNO3  except  pure  HNO3.  A  synergis¬ 
tic  effect  by  both  of  them  could  possibly  lead  to  the 
birth  of  a  new  Zr-Ti  alloy  with  high  corrosion  resis¬ 
tance,  free  from  SCC  in  nitric  acid  environments. 

The  target  of  the  research  to  invent  a  new^  alloy  is 
showm  in  Table  4;  an  extremely  low  general  corrosion 
rate  in  boiling  40%  HNO3  like  pure  Zr,  no  SCC  up  to 
2000  mV  in  concentrated  HNO3  at  the  boiling  point, 
and  appropriate  mechanical  properties. 

Ti  has  a  disadvantage  of  being  attacked  in  pure 
HNO3.  However,  Zr-Ti  alloy  below  15%  Ti  addition 
shows  almost  the  same  corrosion  rate  as  pure  Zr,  as 
shown  in  Fig.  5.  Fig.  6  shows  that  both  Zr-2.5%Ti  and 
Zr-15%Ti  alloys  have  higher  critical  potentials  for  SCC 
occurrence  compared  with  Zr.  In  particular,  Zr-15%Ti 
alloy  is  immune  to  SCC  up  to  2000  mV  in  HNO3  with 
concentrations  up  to  70%  at  the  boiling  point. 

Fig.  7  illustrates  the  effect  of  annealing  temperature 
on  the  mechanical  properties  of  cold-rolled  Zr-15% 
Ti  alloy:  complete  recrystallization  is  achieved  around 
873  K. 

3.3.  Relationship  between  strain  electrode  behavior  and 
SCC  susceptibility  for  Zr  and  Zr-15%Ti  cdloy 

It  has  generally  been  known  in  stainless  steel  that 
SCC  is  initiated  and  propagates  only  under  specific 
conditions  where  localized  corrosion  takes  place:  there 
is  no  SCC  under  general  corrosion  either  at  active 
dissolution  potentials  or  transpassive  dissolution  poten¬ 
tials.  Therefore,  an  alloy  having  rapid  film  regeneration 
ability  after  the  film  breakdown  is  expected  to  have 
good  SCC  resistance. 

Specimens  of  Zr,  Ti,  and  Zr-15%Ti  alloy  were  rapidly 
strained  in  17%  HNO3  at  the  specific  potentials  shown 
by  arrow^s  in  Fig.  8.  Only  Zr  showed  SCC  at  the 
potentials  of  1.4  and  1.7  V  in  SSRT  and  constant-load 


SCC  tests.  Current-  time  decay  curves  for  Zr  and  Zr- 
Ti  alloy  are  depicted  in  Figs.  9  and  10,  respectively.  For 
Zr,  the  curves  at  1.4  and  1.7  V  (SCC  occurs  at  both 
potentials)  are  located  at  higher  current-density  posi¬ 
tions  than  that  at  1.2  V  (no  SCC).  On  the  other  hand, 
Zr-15%Ti  alloy  was  immune  to  SCC.  No  distinct  differ¬ 
ence  is  observed  in  the  decay  curves  at  the  potentials 
between  1.7  and  2.0  V. 


4.  Discussion 

4.1.  Mechani.sui  of  SCC  in  Zr  in  HNOj 

SCC  occurs  in  Zr  in  hot  HNO3  above  the  critical 
potential  in  the  transition  potential  region  between  the 
primary  passive  and  the  secondary  passive  regions. 

Two  types  of  mechanisms  are  considered  for  SCC  in 
HNO3.  One  is  embrittlemei]!  by  the  presence  of  hy¬ 
drides,  and  the  other  is  the  model  of  passive  film 
rupture  by  stress  in  the  corrosive  environment.  The 
thermodynamic  hydrogen  evolution  potential  (less  than 
0  V  vs.  SHE)  in  HNO3  is  considerably  less  noble  than 
the  corrosion  potential  of  Zr  in  HNO3.  Furthermore, 
no  SCC  cracks  were  observed  at  potentials  lower  than 
the  corrosion  potentials  in  this  study.  The  model  of 
embrittlement  by  hydrides,  therefore,  cannot  be  consid¬ 
ered  in  HNO3. 

In  general,  SCC  is  likely  to  occur  in  three  potential 
regions  of  a  polarization  curve  for  a  stainless  steel:  the 
active  dissolution  region,  the  region  between  the  active 
and  primary  passive  states,  and  the  region  between  the 
primary  and  secondary  passive  states.  Film  weakening 
proceeds  on  metal  surfaces  at  these  potential  regions, 
leading  to  localized  corrosion,  which  could  form  the 
sites  for  SCC  under  stress. 

The  model  of  passive  film  rupture  was  also  examined 
on  the  SCC  of  Zr.  Zr02  film  is  formed  on  Zr  in  HNO3 
at  potentials  in  the  passive  state  and  also  at  potentials 
above  the  critical  potential  for  SCC  in  the  transition 
state.  Fig.  1 1  shows  X-ray  diffraction  patterns  of  corro¬ 
sion  products  after  the  immersion  test  in  HNO3  at  1.4 
V,  which  exceeds  the  critical  potential  for  SCC. 

Film  weakening  or  roughening  was  observed  on  Zr 
surfaces  at  potentials  above  the  critical  potential.  Fig. 
12  consists  of  transmission  electron  micrographs  of  Zr 
surfaces  after  the  constant-potential  corrosion  test  in 
the  transition  potential  region  in  17%)  HNO3  at  boiling 
temperature.  There  are  many  corrosion  traces  with 
shallow  hollows  in  the  photographs.  The  traces  formed 
at  1.5  V  are  bigger  and  more  in  number  than  those  at 
1.4  V. 

The  passive  film  of  Zr02  partially  breaks  down  at 
potentials  in  the  transition  region  in  HNO3  according 
to  the  following  chemical  reactions  [15,19] 
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Table  4 

Goal  of  improvement  in  Zr-Ti  alloys 


Item 

Goal  to  be  achieved 
in  Zr-Ti  alloys 

Value  for  pure  Zr 

General  corrosion 

rate 

40%  HNO3 

<0.15  mm  year"* 

0.001  mm  year"* 

Critical  potential 

17%  HNO3 

No  SCC  up  to 

for  SCC 

2000  mV(SCE) 

1400  mV 

40%  HNO3 

2000  mV(SCE) 

1300  mV 

70%  HNO3 

2000  mV(SCE) 

1050  mV 

Mechanical 

0.2%  proof 

RT:  343  MPa  (^207f 

property 

strength 

Higher  strength 

273  K:274 

Tensile 

than  pure  Zr 

RT:  421  (^379^ 

strength 

Elongation 

273  K:  343 

RT:  24%  (^16r 

273  K:  30 

'*(  );  ASTM  designation  for  R60702 


7j-02  +  4H^  =Zr^‘^  +2H2O  (1)  passive  film.  A  schematic  illustration  of  a  typical  cur¬ 

rent  decay  curve  is  given  in  Fig.  14.  Two  stages  appear 
on  the  curve:  the  first  stage,  for  only  a  few  milliseconds, 
^^^2  +  ^  =  ZrO“  ^  +  H2O  (2)  formation  of  monolayer  oxide  films,  and  the 

A  schematic  illustration  is  given  in  Fig.  13  on  the  subsequent  second  stage  is  for  the  growth  of  oxide 

degradation  of  passive  films  in  the  transition  region.  films. 

Plenty  of  defects  formed  in  the  films  result  in  weaken-  The  synergistic  effect  of  adding  Ti  to  Zr  has  made  it 

ing  or  roughening  of  the  film.  possible  to  produce  an  alloy  resistant  to  SCC  as  well  as 

Consequently,  it  is  concluded  that  SCC  is  triggered  to  general  corrosion  in  HNO3.  The  excellent  corrosion 
under  stress  above  the  specific  potential  in  the  transi-  resistance  of  Zr-15%Ti  alloy  comes  from  the  formation 

tional  potential  region  in  HNO3  where  weakening  or  of  a  mixture  of  Zr02  and  Ti02  on  metal  surfaces, 

roughening  of  corrosion  films  occurs  on  Zr  surfaces.  shown  in  Fig.  15. 


4.2,  Synergism  of  Zr  and  Ti  on  improving  corrosion 
resistance  of  Zr~Ti  alloys 

A  current-time  decay  behavior  represents  the  ten¬ 
dency  for  newly  born  metal  surfaces  to  regenerate  a 


Ti(%) 


Fig.  5.  Etfect  of  Ti  on  the  corrosion  rates  of  Zr~Ti  alloys  in  HNO3 
at  boiling  temperature. 


Fig.  6.  Effect  of  HNO,  concentration  at  boiling  temperature  on  the 
critical  potential  for  SCC  in  pure  Zr  and  Zr-Ti  alloys. 
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Fig.  7.  Effect  of  cinnealing  temperature  on  room-temperature  mechan¬ 
ical  properties  of  Zr-l5%Ti  alloy  with  80'Mi  cold-rolling. 


Fig.  16  shows  the  charge  for  growth  of  a  passive  film 
on  Zr  at  transpassive  potentials.  Zr-15%  Ti  alloy  has  a 
lower  charge  in  the  second  stage  than  Zr,  because 
Zr-15%Ti  alloy  maintains  a  more  stable  and  compact 
passive  film.  This  is  the  reason  for  the  immunity  of  this 
alloy  to  see  in  hot  oxidizing  nitric  acid  environments. 
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Fig.  9.  Current  time  decay  curves  for  pure  Zr  in  \1%>  FINO3  at  373 
K  at  the  potentials  of  1.2.  1.4  and  1.7  V(SCE). 


5.  Conclusion 

The  see  susceptibility  of  Zr  and  its  SCC  mechanism 
were  studied  by  SSRT  and  constant-load  tests  in  HNO3 
with  and  without  applied  potentials.  Then,  the  effect  of 
adding  Ti  to  Zr  was  investigated  from  the  viewpoint  of 
the  prevention  of  Zr  SCC.  The  results  are  summarized 
as  follows: 

(1)  Zr  does  not  have  any  SCC  attack  at  open-circuit 
potentials  in  hot  HNO3  with  concentrations  less 
than  70'M). 

(2)  SCC  occurs  in  Zr  in  boiling  (6-94%)  HNO3  at 
potentials  higher  than  the  critical  potential  at  which 
SCC  is  initiated. 


Fig.  8.  Anodic  polarizalion  curves  for  pure  Zr,  Zr-15%Ti  alloy,  and 
pure  Ti  in  17‘M.  HNO3  at  373  K. 


Fig.  10.  Current  time  decay  curves  for  Zr-15%Ti  alloy  in  I7'X)  FINO^, 
at  373  K  al  the  potentials  of  1.7  and  2.0  V(SCE). 
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30  40  50  60  70 

2d 

Fig.  1 1 .  X-Ray  diffraction  patterns  of  pure  Zr  after  immersion  tests  in 
HNO3  at  boiling  temperature  at  1.4  V  for  1  h. 


Time  (ms) 


Fig.  12.  Electron  micrographs  of  the  Zr  surface  by  the  replica  method 
after  the  constant-potential  corrosion  tests  in  17%  HNO3  at  373  K  for 
1200  s:  (a)  E  =  1.4  V(SCE);  (b)  E  -  1.5  V(SCE). 


^^^^^Potential 

SolutiorT^^-^^ 

Primary  passive 
region 

Secondary 
passive  region 

HNO3 

yZrOa 

Zr^+  or  Zr02+ 

H+ H+ 

Zr 

Zr  Zr57 

breakdown  of 
oxide  films 

Fig.  13.  Schematic  illustration  of  the  surface  films  formed  on  zirco¬ 
nium  in  the  characteristic  potential  regions. 


Fig.  14.  Schematic  illustration  of  a  current-time  decay  curve. 


Binding  energy  (eV) 

Fig.  15.  XPS  spectra  of  Zr-15%Ti  alloy  after  the  constant-potential 
corrosion  tests  at  the  potentials  of  1.4  and  1.7  V  in  17%  NFIO^  at  373 
K  for  24  h. 
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films. 

(3)  The  critical  potential  for  SCC  exists  in  the  transi¬ 
tion  region  between  the  primary  and  secondary 
passive  states.  Zr  oxide  film  formed  in  the  transition 
region  becomes  unstable  with  increasing  shallow 
hollows  in  the  film. 

(4)  The  addition  of  Ti  to  Zr  improves  the  SCC  resis¬ 
tance  of  Zr  to  hot  HNO3.  Zr-15%Ti  alloy  is  im 
mune  to  SCC  at  applied  potentials  up  to  2000 


mV(SCE).  A  mixture  of  Zr02  and  Ti02  film  formed 
on  the  alloy  in  hot  HNO3  is  thought  to  contribute 
to  the  SCC  resistance. 
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Abstract 

Surface-analytical  studies  of  high-nitrogen  austenitic  stainless  steels  exposed  to  de-aerated  0.1  M  HCl  have  revealed  that 
nitrogen  alloying  additions  influence  the  composition  of  salt  layers  and  the  passive  film/alloy  interface.  It  was  shown  that  nitrogen, 
nickel  and  molybdenum  additions  stimulate  selective  dissolution  of  iron,  resulting  in  a  significant  enrichment  of  chromium 
beneath  the  passive  film.  The  build-up  of  a  protective  ferrous  molybdate  layer  was  seen  to  be  most  strongly  enhanced  with 
additions  of  nickel  and,  to  a  lesser  extent,  nitrogen.  While  the  primary  kinetic  barrier  to  anodic  dissolution  of  high-nitrogen 
stainless  steels  is  a  chromium-oxide-based  passive  film,  it  appears  that  a  mixed  nitride  surface  layer  and  an  ultra-thin  layer  of 
ferrous  molybdate  act  as  secondary  kinetic  barriers. 

Keywords:  Molybdate;  Nitrogen;  Passivity;  Stainless  steels;  XPS 


1.  Introduction 

High  nitrogen  stainless  steels  represent  a  relatively 
new  group  of  the  commercially  available  austenitic 
stainless  alloys.  Nitrogen  represents  an  economically 
and  environmentally  attractive  and  versatile  alloying 
element,  which  has  been  shown  for  some  time  to  be  a 
powerful  austenite  stabilizer  as  well  as  a  strengthener. 
Of  particular  importance  is  the  well-known,  but  poorly 
understood,  improvement  to  corrosion  resistance,  espe¬ 
cially  pitting  resistance,  attributable  to  N  alloying  of 
Mo-bearing  austenitic  stainless  steels.  Many  of  the 
beneficial  effects  of  N  alloying  on  the  corrosion  resis¬ 
tance  of  stainless  steels  have  been  reported  [1-5]. 

In  this  paper  we  draw  particular  attention  to  the 
formation  of  pre-passive  ultra-thin  salt  films  formed  on 
N-bearing  ferritic  and  austenitic  stainless  alloys  and 
their  possible  role  in  improving  corrosion  resistance. 
While,  for  brevity,  the  discussion  will  relate  to  the 
“18-8”  group  of  stainless  steels,  many  of  the  observa¬ 
tions  are  relevant  to  more  highly  alloyed  stainless  al¬ 
loys.  In  this  study  we  compare  the  influence  on 
corrosion  behavior  of  Ni  and  Mo  additions  to  an 


Fe-19Cr  base  alloy.  Specifically,  this  study  will  consider 
two  ferritic  alloys;  Fe-19Cr  and  Fe-19Cr-2.5Mo,  and 
two  austenitic  alloys;  Fe-19Cr-9Ni  and  Fe-19Cr-9Ni- 
2.5Mo.  To  determine  what  influence  N  may  have  as  an 
alloying  addition  to  each  of  the  above  alloys,  we  have 
chosen  to  employ  a  previously  developed  electro¬ 
chemical  surface  nitriding  treatment  which  simulates  N 
alloying  [6]. 


2.  Background 

2.1.  The  role  of  metal  oxyanions  and  salt  layers  in 
passivity 

Passivation  of  metals  is  most  commonly  associated 
with  the  rapid  formation  of  several  monolayers  of  an 
insoluble  oxide  barrier  film  on  exposure  of  the  metal  or 
alloy  to  an  aqueous  environment.  The  speed  of  the 
repassivation  process  precludes  easy  observation  of  the 
metal  surface  during  repassivation  to  determine  the 
sequence  of  events,  but  the  result  is  usually  the  same: 
an  oxide  film  forms  directly  on  the  metal  or  alloy 
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surface,  and  then  one  or  several  monolayers  of  a  salt 
film  form  on  the  surface  of  the  oxide  layer. 

Salt  layers  provide  excellent  passivation  under  certain 
conditions  in  which  oxide  films  cannot  be  established. 
In  one  recent  case,  surface  studies  of  the  passivity  of 
amorphous  alloys  containing  phosphorous  have  shown 
effective  passivation  due  to  phosphorous  oxyanions  of 
various  types  [7].  In  another  case,  several  authors  have 
speculated  that  Mo  additions  to  stainless  steel  result  in 
improvements  to  pitting  resistance  owing  to  the  forma¬ 
tion  of  an  insoluble  chloride  complex  of  Mo  in  the 
highly  acidified  chloride  solution  inside  a  pit  [8-9]. 
Indeed,  it  has  been  shown  recently  that  Mo  passivates 
in  4  M  HCl  not  by  formation  of  an  oxide  film  such  as 
M0O2,  which  is  formed  in  0.1  M  HCl  [10],  but  rather 
by  formation  of  several  layers  of  a  molybdenum  oxyhy- 
droxychloride  complex  [11].  This  salt  layer  formed  on 
Mo  facilitated  a  wider  passive  range  of  potential  in  4  M 
HCl  media  than  in  0.1  M  HCl. 

Metal  oxyanions  such  as  chromates,  molybdates  and 
tungstates  are  well  known  to  act  as  powerful  corrosion 
inhibitors.  Surface  analytical  studies  have  shown  [7,12- 
14]  that  alloys,  under  suitable  conditions,  often  develop 
salt  layers  in  the  outer  regions  of  the  passive  film  by 
dissolution  of  metals  as  oxyanions  and  by  subsequent 
redeposition  with  an  egressing  cation  [10,15]. 

Some  controversy  exists  about  claims  of  observing 
various  metal  oxyanions  on  passive  film  surfaces,  based 
on  the  nature  of  the  spectral  evidence  or  on  the  predic¬ 
tion  of  anion  stability  for  a  given  pH  potential  as 
indicated  by  the  theoretical  data.  Chromates  are  partic¬ 
ularly  difficult  to  observe  by  X-ray  photoelectron  spec¬ 
troscopy  (XPS)  owing  to  reduction  resulting  from  the 
atomic  relaxation  process  associated  with  photoelectron 
emission  [16].  However,  molybdate  is  readily  and  pre¬ 
cisely  observable  by  XPS  and  has  been  observed  to  be 
generated  on  Mo-bearing  FeCrNi  alloys  and  stainless 
steels  in  conditions  of  potential  and  pH  where  the 
theoretical  data  indicate  instability  [10]. 

Experiments  have  recently  been  reported  in  which  a 
bipotentiostat  has  been  employed  to  study  the  dissolu¬ 
tion  of  molybdenum  in  the  passive  state  in  de-aerated 
hydrochloric  acid  solutions  [15].  Closely  separated  elec¬ 
trodes  of  Fe  and  Mo,  Ni  and  Mo,  and  Mo  and  Cr  were 
polarized  at  the  same  potential:  the  potential  was  one  at 
which  Mo  and  Cr  are  passive  and  Fe  and  Ni  are  active. 
XPS  analysis  of  the  electrodes  was  performed  after  the 
electrochemical  exposure.  The  Fe/Mo  couple  revealed 
evidence  of  FeMo04  on  the  surface  of  the  Mo,  on  top 
of  an  Mo02-based  passive  film.  A  similar  result  was 
found  for  the  Ni  and  Mo  couple:  XPS  spectra  indicated 
the  presence  of  NiMo04  on  the  Mo  surface.  In  the  case 
of  the  Mo/Cr  couple,  the  molybdenum  surface  revealed 
only  the  Mo02-based  passive  film,  while  the  passive 
film  formed  on  Cr  had  a  layer  of  molybdate  on  its 
surface.  The  lack  of  molybdate  on  the  Mo  surface 


resulted  from  the  greater  stability  of  the  passive  film 
formed  on  Cr. 

Through  this  work  it  has  been  established  that  Mo, 
under  acidic  conditions,  can  form  either  insoluble  chlo¬ 
ride  complexes,  in  conditions  associated  with  pitting,  or 
molybdate  salts  in  milder  conditions,  along  with  M0O2, 
M0O3  and  a  pentavalent  salt  of  unknown  properties. 

Salt  films  of  metal  oxyanions  have  been  shown  to 
have  cation-selective  properties  [17].  When  a  molybdate 
salt,  for  instance,  is  deposited  on  an  anion-selective 
oxide  layer,  typically  formed  in  acidic  media,  the  salt 
provides  a  vital  component  of  an  ionic  rectifier  which 
influences  passivation  in  two  important  ways.  The  first 
is  to  prevent  ingress  of  aggressive  anions,  and  the 
second  effect  is  to  promote  deprotonation  of  underlying 
hydroxyl  groups.  It  has  been  proposed  that  the  com¬ 
bined  influence  of  the  positive  surface  excess  charge  on 
the  metal  and  the  negative  fixed  charge  on  the  molyb¬ 
date  provide  an  electric  field  which  induces  0-H  bond 
stretching  and  sometimes  failure.  This  oxylation  process 
ultimately  results  in  the  growth  of  the  inner  oxide  layer, 
resulting  in  a  more  efficient  diffusion  barrier. 

2.2.  The  role  of  anodic  segregation  in  passivity 

Stainless  alloys  are  commonly  found  to  exhibit  an¬ 
odic  segregation  in  the  surface  alloy  layers  of  one  or 
several  alloy  constituents.  Most  notably  in  austenitic 
stainless  steels,  Ni  has  been  found  to  segregate  to  the 
alloy-passive  film  interface,  while  it  is  barely  detected 
in  the  passive  film  [18].  This  raises  several  questions  as 
to  the  role  of  Ni  in  improving  pitting  resistance  and 
reducing  active  dissolution. 

In  a  series  of  experiments  with  pure  metals,  it  has 
been  demonstrated  that  Ni,  unlike  Mo,  does  not  passi¬ 
vate  in  4  M  HCl,  and  therefore  there  is  no  insoluble 
chloride  complex  which  is  likely  to  aid  the  repassivation 
of  pits  [19].  Hence  the  relatively  sluggish  dissolution  of 
Ni,  leading  to  Ni  build-up  at  the  alloy  surface,  would 
suggest  a  mechanism  by  which  pit  repassivation  may  be 
assisted  by  Ni.  However,  since  pure  Ni  is  so  readily 
dissolved  in  chloride  solutions  of  higher  pH  than  ex¬ 
pected  in  a  pit,  this  simple  model  does  not  hold,  unless 
anodically  segregated  Ni  is  more  strongly  bound  to  the 
metal  surface  lattice.  One  method  by  which  Ni  may  be 
more  strongly  bound  to  the  alloy  lattice,  following 
anodic  segregation,  would  be  the  formation  of  an  inter- 
metallic  bond.  The  Engle- Brewer  valence  bond  theory 
[20]  of  metallic  bonding  predicts  intermetallic  bonding 
between  '‘hyper”  and  ‘'hypo”  d-electron  transition 
metals,  such  as  between  Ni  and  Cr  or  Mo  [6].  Accord¬ 
ing  to  the  model,  the  strength  of  the  bond  increases 
from  3d  to  4d  valence  shell  elements.  This  leads  to  the 
prediction  of  stronger  bonding  between  Ni  and  Mo  as 
compared  to  Ni  and  Cr.  It  has  been  shown  that,  in 
Mo-bearing  austenitic  stainless  steel  alloys,  both  Ni  and 
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Mo  are  susceptible  to  anodic  segregation,  but  as  yet  no 
direct  evidence  for  Ni-Mo  intermetallic  bonding  result¬ 
ing  from  anodic  segregation  has  been  found  [21]. 

It  has  been  shown  by  non-destructive  variable-angle 
XPS  and  destructive  Auger  electron  spectroscopy 
(AES)  depth  profiling  that  N  is  anodically  segregated 
during  the  dissolution  of  N-bearing  austenitic  stainless 
steels  [22-24].  XPS-derived  electron  binding-energy 
data  indicate  that  nitrogen  is  retained  in  the  surface  of 
the  alloy  as  a  mixed  nitride  rather  than  as  a  single 
nitride  (say  with  Cr)  [6].  Based  on  XPS  measurements 
of  the  oxide  phase  [12],  nitrogen  appears  to  be  present 
as  an  ammonia  ligand  to  trivalent  Cr.  In  sulfuric  acid 
an  additional  form  of  N  is  observed,  bound  to  Fe  and 
sulphate  as  an  ammonium  cation.  The  protective  prop¬ 
erties  of  this  salt  against  chloride  ion  attack  have  been 
discussed  elsewhere  [13]. 

The  surface  nitride  formed  by  the  anodic  dissolution 
of  a  N-bearing  austenitic  stainless  steel  in  acidic  media 
appears  to  be  strongly  associated  with  Ni  and  Mo 
retention  and  less  so  with  Cr  [25].  This  implies  that  a 
mixed  nitride  of  Cr,  Ni  and  Mo  may  be  formed  by 
anodic  dissolution.  The  importance  of  Ni  and  Mo  is 
implied  by  a  comparison  of  the  thermodynamic  stabil¬ 
ity  of  Ni2Mo3N  with  Ni3N  and  M02N  (see  Fig.  1)  [26]. 
It  is  apparent  from  Fig.  1  that  the  mixed  nitride  is 
much  more  stable  than  the  single  nitrides.  The  source 


Fig.  1.  A  comparison  of  the  thermodynamic  stability  of  Ni2Mo3N 
with  Ni^N  and  M02N  (from  Ref.  [26]). 


Table  1 

Alloy  compositions  (wt.%) 


Alloy 

Fe 

Cr 

Ni 

Mo 

N 

c 

S 

Fel9Cr 

bal. 

18.7 

_ 

— 

0.002 

0.05 

0.025 

Fel9Cr9Ni 

bal. 

18.9 

00 

0.002 

0.0025 

0.004 

Fel9Cr2.5Mo 

bal. 

19.0 

— 

2.5 

0.002 

0.05 

0.025 

Fel9Cr9Ni2.5Mo 

bal. 

18.8 

00 

bo 

2.2 

0.002 

0.025 

0.004 

of  the  stronger  lattice  binding  has  not  been  established, 
but  a  strong  intermetallic  interaction  may  explain  the 
high-temperature  stability.  In  the  context  of  the  anodic 
segregation  of  N  in  austenitic  stainless  steels,  we  might 
expect  that  the  mixed  Ni  and  Mo  surface  nitride  will 
provide  a  kinetic  barrier  to  metal  egress  owing  to 
similarly  enhanced  lattice  binding. 

3.  Experimental  details 

3.1.  Materials 

Table  1  gives  the  composition  of  the  alloys  used  in 
this  study.  The  samples  (7  mm  x  10  mm  x  1  mm)  were 
sealed  in  a  pre-evacuated  quartz  tube  and  annealed  at 
1100°C  for  3  h  followed  by  a  water  quench.  Samples 
were  then  polished  up  the  grades  to  a  0.25  pm  diamond 
polishing  compound  finish.  Before  electrochemical 
treatment,  all  samples  were  ultrasonically  cleaned  in 
acetone,  followed  by  isopropanol  and  doubly  distilled 
water,  to  remove  any  contamination  from  the  polishing 
process. 

3.2.  Electrochemical  polarization 

Polarization  was  performed  using  a  Princeton  Ap¬ 
plied  Research  Corporation  (PARC)  Potentiostat 
Model  173  with  a  Model  276  computer  interface,  con¬ 
trolled  by  a  PARC  Model  352  data  acquisition  and 
analysis  system.  A  modified  Greene’s  cell  was  used  in 
which  the  platinum  counter-electrodes  were  placed  in 
two  separate  compartments  on  opposite  sides  of  the  cell 
to  minimize  contamination.  A  porous  frit  was  placed 
between  each  compartment  and  the  main  cell.  All  of  the 
solutions  used  were  de-aerated  with  high-purity  argon 
for  at  least  2  h  prior  to  analysis.  Potentials  were 
measured  against  a  saturated  calomel  electrode  (SCE). 
Cathodic  pretreatments  were  performed  in  order  to 
remove  the  air-formed  oxide  film.  Samples  were  al¬ 
lowed  to  reach  equilibrium  at  open-circuit  potential 
(OCP)  and  then  were  either  immediately  polarized  to 
form  a  passive  film  or  potentiodynamically  polarized  in 
the  anodic  direction  at  a  rate  of  1  mV  s“h  Certain 
samples  were  immediately  electrochemically  surface- 
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nitrided  following  the  cathodic  pretreatment,  as  de¬ 
scribed  in  the  next  section.  Samples  to  be  analyzed  by 
XPS  were  removed  from  the  cell,  washed  with  de-aer- 
ated  doubly  distilled  water,  dried  in  Ar,  mounted  onto 
an  XPS  sample  holder,  and  transferred  to  the  spectrom¬ 
eter  under  Ar.  The  entire  drying  procedure  was  carried 
out  in  an  Ar-purged  glove  box  to  reduce  the  possibility 
of  surface  modification  during  transfer. 

3.3.  Surface  nit  riding 

Recent  work  has  shown  the  effects  of  electrochemical 
surface  nitriding  to  be  analogous  to  those  created 
through  the  use  of  N  as  an  alloying  element  in  stainless 
steels  [6].  The  process  of  electrochemical  surface  nitrid- 
ing  involves  contact  adsorption  of  followed  by 

reduction  of  N  to  form  an  intermediate  surface  nitride 
product.  When  exposed  continuously  to  nascent  hydro¬ 
gen  formed  by  cathodic  polarization,  the  surface  nitride 
eventually  reacts  to  form  NH3.  In  the  absence  of  nitrate 
ions  in  the  solution,  the  surface  nitride  is  readily  re¬ 
moved  during  cathodic  polarization. 

It  has  been  proposed  that  a  metal  surface  undergoing 
cathodic  polarization  undergoes  the  following  reaction 
in  a  nitrate-bearing  solution: 

M  +  N03-  (1) 

(where  N03“^j^M  represents  nitrate  contact  adsorbed  on 
the  bare  metal  surface)  followed  by: 

N03-d,M  +  6H  +  -f  8e  -  ^  NM  +  3H3O  (2) 

This  does  not  rule  out  the  parallel  proton  consuming 
reaction  proposed  by  Galvele  [27]: 

NO3-  +  lOH  -  +  8e  ->  3H3O  +  NH4+  (3) 

Surface  nitriding  was  conducted  following  cathodic 
pretreatment  in  de-aerated  0.1  M  HCl  solution.  The 
electrolyte  was  then  replenished  under  Ar  with  the 
sample  maintained  at  OCP  with  de-aerated  0.1  M  HCl 
+  0.5  M  NaN03.  Samples  were  then  immediately  polar¬ 
ized  to  —  700  mV(SCE)  and  the  current  carefully  mon¬ 
itored  until  750  mC  of  charge  had  passed.  The  cell  was 
then  flushed  twice  with  de-aerated  0.1  M  HCl  with  the 
sample  held  at  OCP,  followed  immediately  by  either 
potentiodynamic  or  potentiostatic  polarization  as  de¬ 
scribed  above.  Potentiodynamic  polarization  of  the 
nitrided  samples  was  conducted  from  OCP  to  avoid 
any  loss  of  surface  nitrogen  through  the  formation  of 
ammonia  or  ammonium  during  H2  evolution. 

3.4.  XFS 

All  XPS  measurements  were  performed  with  either  a 
modified  VG  Scientific  ESCA  3  Mk.  II  spectrometer  or 
a  customized  system  equipped  with  a  VG  CLAM  100 


analyzer,  with  lensing  controlled  by  a  VGX900  data 
acquisition  system.  The  entrance  and  exit  slit  widths  for 
both  hemispherical  analyzers  were  4  mm,  resulting  in  a 
half-angle  for  photoelectron  emission  of  0.095  radians. 
Photoelectron  take-ofi^  angles  reported  for  variable-an¬ 
gle  XPS  were  measured  with  respect  to  the  sample 
surface.  An  Al  Ka,  2  (1486.6  eV)  X-ray  source  and  a 
20  eV  pass  energy  were  used  for  all  analyses,  providing 
a  full  width  at  half-maximum  (FWHM)  of  1.35  eV  for 
the  Au  4f7  2  singlet.  For  reference,  the  binding  energy  of 
the  Au  4f7  2  singlet  was  found  to  be  83.8  eV  and  that  of 
the  Cu  2p3  2  singlet  was  found  to  be  932.4  eV.  All 
binding  energies  were  corrected  for  charge-shifting  by 
referencing  to  the  C  Is  line  from  the  adventitious 
carbon  at  284.6  eV.  Base  pressures  during  analysis  were 
about  1  X  10  ”  '^  Torr.  Detailed  information  on  the 
methodology  used  for  data  analysis  and  peak  fitting,  as 
well  as  peak-fitting  parameters  and  sensitivity  factors 
derived  from  standards,  have  been  published  elsewhere 
[28]. 


4.  Results  and  discussion 

4.1.  Effects  of  N  surface  alloying  on  electrochemical 
behavior  in  0.  /  M  HCl 

The  polarization  data  of  Fig.  2  show  a  steady  pro¬ 
gression  in  electrochemical  behavior  as  a  function  of 
alloy  additions.  The  Fe-19Cr  alloy  exhibits  a  sizeable 
active  nose  followed  by  a  passive  region  which  termi¬ 
nates  by  breakdown  at  120  mV(SCE).  Surface  nitriding 
of  this  alloy  results  in  the  removal  of  the  active-passive 
transition,  and  the  passive  state  is  only  maintained 
over  a  relatively  narrow  range  of  potential.  Addition 
of  9  wt.%  Ni  to  Fe-19Cr  shifts  the  OCP  in  the 
noble  direction  and  reduces  the  critical  current  density. 
Surface  nitriding  is  seen  to  further  reduce  the  critical 
current  density  and  to  reduce  the  passive  current 
density.  The  passive  range  of  potential  for  nitrided 
and  untreated  Fe-19Cr-9Ni  remains  narrow  (Figs.  2B 
and  2C,  respectively).  Surface  nitriding  in  all  cases 
appears  to  raise  the  OCP.  The  combined  addition  of 
9  wt.%  Ni  and  2.5  wt.%  Mo  (Fig.  2D)  reduce  the 
critical  current  density,  but  no  more  so  than  separate 
additions  of  Ni  or  Mo  to  the  Fe-19Cr  base  alloy  (Figs. 
2B  and  2C,  respectively).  The  greatest  effect  of  the 
combined  additions  of  Ni  and  Mo  is  the  significant 
increase  in  the  passive  range  of  potentials  (Fig.  2D). 
Surface  nitriding  appears  only  to  contribute  a  further 
reduction  in  the  critical  current  density  for  passivation. 
From  these  data  there  appears  to  be  a  synergy  between 
N  and  each  of  the  alloying  elements,  with  the  most 
beneficial  synergy  being  between  N  and  Ni  +  Mo.  Elu¬ 
cidation  of  any  such  synergy  requires  surface  chemical 
analysis. 
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(A)  Fel9Cr  Fel9Cr9Ni  (C)  Fel9Cr2.5Mo 


I  (iiA/cm^  I  (itA/cm*)  ^  OiA/an*) 

(D)  Fel9Cr9Ni2.5Mo 


Fig.  2.  Electrochemical  data  for  alloys  (A-D)  polarized  in  de-aerated  0.1  M  HCl  with  and  without  prior  surface  nitriding  (as  indicated). 


4.2  Effects  of  N  surface  alloying  on  the  passive  film 
composition 

It  was  generally  found  by  XPS  that  Ni  was  absent 
from  the  passive  films  formed  on  the  Ni~bearing  stain^ 
less  alloys,  in  agreement  with  previous  work  [9].  The 
spectra  of  Ni  derived  from  the  Fe”19Cr-9Ni  alloy  in 
Fig.  3  quite  clearly  show  no  evidence  of  a  chemical  shift 
indicative  of  oxidized  species.  Each  of  the  surface- 
nitrided  alloys  exhibited  surface  nitride  N  Is  signals 
having  a  binding  energy  previously  found  to  be  associ¬ 
ated  with  a  mixed  nitride  [6].  Fig.  4  presents  spectra 
derived  from  the  analysis  of  the  passive  film  formed  on 
Fe-l9Cr-9Ni-2.5Mo  following  electrochemical  surface 
nitriding.  The  spectrum  is  an  overlapping  multiplet  of 
the  Mo  3p3/2  and  N  Is  energy  levels.  The  N  Is  pho¬ 
toelectron  spectra  are  quite  typical  of  the  N  Is  spectra 
for  each  of  the  alloys,  in  that  the  nitride  contribution  is 
strongest  for  the  50°  take-off  angle  spectrum,  represen¬ 


tative  of  the  signal  derived  from  the  metal/film  inter¬ 
face.  The  contribution  from  NH3  is  probably  from  a 
ligand  around  Cr^2  and  is  not  considered  a  major 
contributor  to  the  anodic  film.  The  spectrum  of  Mo 
from  the  metal  surface  is  clearly  observed  at  the  50° 
take-off  angle.  A  poorly  defined  peak,  labeled  “N”, 
appears  from  numerous  peak  fits  to  relate  probably 
to  Mo  bound  as  a  nitride  or  as  part  of  a  mixed 
nitride  compound.  The  products  M0O2,  Mo^  ^  (proba¬ 
bly  Mo(OH)5),  Mo04^  and  M0O3  are  typically  ob¬ 
served  in  the  anodic  films  formed  on  Mo-bearing 
stainless  steels,  and  have  been  extensively  characterized 
in  the  past. 

In  this  and  other  studies,  the  molybdate  signal  tends 
to  be  most  enhanced  in  spectra  derived  from  the  outer 
layer,  while  the  M0O2  appears  to  grow  from  the  metal 
surface  layer.  At  present  we  cannot  comment  on  the 
properties  of  the  pentavalent  Mo  species,  except  to  say 
that  it  is  often  observed  in  the  presence  of  Mo(IV)  and 
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Mo(VI).  The  Fe  2p^2  spectra  shown  in  Fig.  5  are 
typical  of  those  found  for  each  of  the  alloys  studied, 
except  that  the  ratios  of  ferrous  to  ferric  components 
were  found  to  vary  with  composition,  as  will  be  further 
discussed  below. 

In  Fig.  6  we  have  presented  the  Cr  concentration  in 
the  alloy  layer  just  beneath  the  passive  film  for  each  of 
the  alloys  studied.  The  data  indicate  that  the  retention 
of  Cr  was  strongly  influenced  by  alloy  additions.  The 
deleterious  effect  of  N  on  the  passivity  of  the  Fe“19Cr 
alloy  is  reflected  in  the  significant  reduction  in  the  Cr 
concentration  in  the  alloy  layers  beneath  the  film.  This 
behavior  indicates  that  N  has  stimulated  selective  disso¬ 
lution  of  Fe  to  the  point  of  possibly  undercutting  the 
passive  film.  By  contrast,  addition  of  Ni  or  Mo  (or 
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Fig.  3.  Ni  2p3:2  photoelectron  spectra  from  passive  film  formed  in 
de-aerated  0.1  M  HCl  on  Fe-19Cr-9Ni  alloy  in  1  h  at  -  180 
mV(SCE).  Take-off  angle,  measured  with  respect  to  sample  surface, 
was  20°. 
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Fig.  4.  N  Is/Mo  3p3.2  photoelectron  spectra  from  passive  film  formed 
in  de-aerated  0.1  M  FICl  on  nitrided  Fe-19Cr-9Ni-2.5iVlo  alloy  in  1  h 
at  180  mV(SCE).  Take-off  angles,  measured  with  respect  to  the 
sample  surface,  are  as  noted  on  the  diagram.  Peak  indentification:  (A) 
Mo  3p3  2  from  Mo  (metal);  (N)  Mo  3p3,2,  possibly  from  mixed 
nitride;  (B)  Mo  3p3  2  from  Mo^+  {M0O2);  (C)  Mo  3p3  2  from  Mo^  "C 
(D)  Mo  3p3  2  from  Mo^  '  (MoO^”);  (E)  Mo  3p3.2  from  Mo^  + 
(M0O3);  (1)  N  Is  from  nitride;  (2)  N  Is  from  NH3;  (3)  N  Is  from 
NH^  +  . 


both)  results  in  a  significant  enrichment  of  Cr  in  the 
alloy  surface  layer,  thus  providing  sufficient  Cr  to  re¬ 
pair  localized  film  failure.  Flowever,  N  is  seen  to  reduce 
slightly  the  Cr  enrichment  effect  of  separate  Ni  and  Mo 
additions.  Only  in  the  case  of  Fe-19Cr-9Ni-2.5Mo,  the 
most  stable  alloy,  does  the  addition  of  N  have  no 
significant  effect  on  the  Cr  content  of  the  alloy  surface 
layer. 

In  Fig.  7  we  present  the  ratios  of  the  Cr203  to 
Cr(OH)3  concentration  as  a  function  of  alloying  addi¬ 
tion.  It  can  be  seen  that  both  Ni  and  N  additions  tend 
to  raise  the  Cr(OH)3  content  of  the  passive  films  formed 
on  the  alloys.  It  is  interesting  to  note  that  the  most 
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Fig.  5.  Fe  2p3,2  photoelectron  spectra  from  passive  film  formed  in  de-aerated  0.1  M  HCl  on  nitrided  and  non-nitrided  Fe-19Cr-9Ni-2.5Mo  alloy 
in  1  h  at  180  mV(SCE).  Take-off  angles,  measured  with  respect  to  the  sample  surface,  are  as  noted  on  the  diagram.  Peak  identification:  (A)  Fe 
(metal);  (B)Fe“  +  ;  (C)  Fe^  +  . 


corrosion-resistant  alloy,  Fe-19Cr-9Ni-2.5Mo,  has  a 
chromium  oxide/hydroxide  ratio  which  is  independent 
of  N  addition.  From  Fig.  8  it  can  be  seen  that  the 
proportions  of  molybdate  to  other  Mo  constituents  in 
the  passive  film  are  generally  much  higher  for  the 
Fe-19Cr-9Ni-2.5Mo  alloy  compared  to  the  Fe-19Cr- 
2.5Mo  alloy,  and  that  surface  nitriding  contributes 
further  to  the  formation  of  the  molybdate  salt.  It  is 
apparent  from  Fig.  9  that  the  ferrous-to-ferric  ion 
content  ratio  for  anodic  films  is  highest  following  ni¬ 
triding  for  all  alloys.  This  correlates  with  a  general 
increase  in  molybdate  with  surface  alloying.  This  may 
give  support  to  the  proposed  pH  shift  to  higher  values 
at  the  metal/solution  interface  during  the  active  stage  of 
dissolution  due  to  ammonium  formation  [4].  In  addi¬ 
tion,  it  is  possible  that  the  general  increase  in  the 
Cr(0H)3  content  of  the  films  formed  following  nitrid¬ 


ing,  except  for  the  nitrided  Fe-19Cr-9Ni-2.5Mo  alloy, 
may  also  support  this  proposed  pH  effect. 

The  Fe-19Cr-9Ni-2.5Mo  alloy  is  seen  to  exhibit  a 
similar  ferrous-to-ferric  ratio  in  its  anodic  film  as  com¬ 
pared  to  the  other  nitrided  alloys.  Indeed,  because  the 
passive  layer  on  this  alloy  has  a  higher  ferrous-to-ferric 
ion  content  ratio  than  that  formed  on  the  Fe-19Cr-9Ni 
and  Fe-19Cr-2.5Mo  alloys,  it  would  seem  likely  that  Ni 
and  Mo  together  are  responsible  for  the  higher  propor¬ 
tions  of  ferrous  ions  in  the  anodic  film  formed  on 
Fe-19Cr-9Ni-2.5Mo.  It  seems  reasonable  to  attribute 
the  higher  ferrous  ion  content  of  anodic  films  as  being 
due  to  the  activation  of  Fe  in  the  alloy  surface.  This 
activation  by  N  appears  to  be  similar  to  that  stimulated 
by  Ni  and  Mo.  One  probable  cause  of  activation  of  Fe 
by  the  combination  of  Ni  and  Mo  would  be  a  by¬ 
product  of  surface  clustering  or  preferential  surface 
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Fig.  6.  Chromium  concentrations  in  the  alloy  layer  beneath  the 
passive  film  formed  in  de-aerated  0.1  M  HCl,  derived  from  20° 
photoelectron  take-off"  angle  XPS  analysis. 

bonding  of  Ni  with  Mo.  This  bonding  would  serve  to 
localize  valence  electrons  within  the  cluster,  thereby 
weakening  bonding  between  Fe  and  the  cluster  con¬ 
stituents.  This  would  in  turn  reduce  the  atomic  coordi¬ 
nation  of  surface  Fe  atoms  and  lower  the  activation 
energy  for  release  of  Fe  from  the  alloy  surface. 

In  a  similar  fashion,  N  would  tend  to  surface-cluster 
with  Cr  in  Fe-19Cr  and  Fe-19Cr-9Ni  alloys,  with  Cr  and 
Mo  in  the  Fe-19Cr-2.5Mo  alloy,  and  with  Cr,  Mo  and 
Ni  in  the  Fe-19Cr-9Ni-2.5Mo  alloy.  The  atomic  bonding 
energies  of  the  cluster  components,  which  may  be  mixed 
nitrides  or  intermetallics,  must  be  significantly  increased. 
Therefore,  the  activation  energy  for  dissolution  for  each 
of  the  constituents  of  the  cluster  must  also  be  increased. 
This  may  explain  the  cause  of  anodic  segregation.  An¬ 
odic  segregation  may  in  turn  significantly  reduce  active 
dissolution  during  repassivation  and,  consequently,  may 
lead  to  improvement  in  pit  repassivation  and  active -- 


FelQCr  F0l9Cr9Ni  Fe19Cr2.5Mo  Fel 9Cr9Ni 2.5Mo 
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Fig.  7.  Ratios  of  Cr^O^  to  CfiOH)^  for  passive  films  formed  in 
de-aerated  0.1  M  HCl,  derived  from  50°  photoelectron  take-off"  angle 
XPS  analysis. 


FeigCr2.5Mo  Fe I 9Cr9N i 2 .5Mo 
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Fig.  8.  Molybdate  as  a  percentage  of  all  oxidized  molybdenum  species 
in  the  passive  films  formed  in  de-aerated  0.1  M  HCl,  derived  from  50° 
photoelectron  take-olT  angle  XPS  analysis. 

passive  transition  characteristics  when  the  segregated 
phases  form  a  continuous  single  phase. 

In  summary,  it  would  appear  that  N-bearing  steels 
exhibit  the  greatest  corrosion  resistance  when  Ni,  Mo 
and  N  are  present.  Under  these  conditions  it  would 
appear  that,  in  addition  to  the  formation  of  a  passive 
film  containing  Cr203  and  M0O2  as  the  main  compo¬ 
nents  of  the  primary  kinetic  barrier  to  cation  egress  and 
anion  ingress,  the  formation  of  two  further  kinetic 
barriers  is  achieved;  namely,  a  metallic  nitride  phase  at 
the  metal/film  interface  and  a  ferrous  molybdate  salt 
layer  in  the  outer  region  of  the  anodic  film. 

4.3.  Commercial  alloys 

In  Table  2  we  briefly  summarize  some  of  the  salient 
results  obtained  by  electrochemical  polarization  and 
surface-analytical  studies  of  five  recently  studied  alloys 
[13,20,29].  The  beneficial  effects  of  N  alloying  of 
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Fig.  9.  Ferrous-to-ferric  ion  content  ratios  for  passive  films  formed  in 
de-aerated  0. 1  M  HCl,  derived  from  50°  photoelectron  take-off  angle 
XPS  analysis. 
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Table  2 

Effects  of  surface  nitrogen  alloying  on  electrochemical  behavior  and  passive  film  formation  on  a  series  of  laboratory  heats  of  commercial  grades 


Alloy  in  test  environment 

Observations  due  to  cited  change  in  alloy  N  content 

Type  304 
(FelSCrSNi)  in 

0.1  M  HCl 

0.24  vs.  0.04  wt.%  N 

•  decrease  in  active/passive  transition  dissolution  kinetics, 

•  decrease  in  corrosion  current  density, 

•  increase  in  pitting  potential 

•  decrease  in  passive  current  density, 

•  Cr,  Ni  and  N  enriched  beneath  the  passive  film,  and 

•  mixed  nitride  observed  at  metal/film  interface 

317LX^^  alloy^’ 

(Fel8Crl3Ni3.3Mo)  in 

0.5  M  HCl 

0.19  vs.  0.06  wt.%  N 

•  decrease  in  active/passive  transition  dissolution  kinetics, 

•  decrease  in  corrosion  current  density, 

•  increase  in  pitting  potential,  and 

•  decrease  in  passive  current  density 

Al  904L'^^  alloy 
(Fe20Cr24Ni4.5Mo)  in 

0.1  M  HCl  +  2.0  M  NaCl 

0.20  vs  0.005  wt.%  N 

•  decrease  in  active/passive  transition  dissolution  kinetics, 

•  decrease  in  passive  current  density, 

•  enrichment  of  Mo  beneath  the  passive  film, 

•  enrichment  of  Cr203  in  the  passive  film  relative  to  Cr(OH)3,  and 

•  mixed  nitride  observed  at  metal/film  interface 

AL6XN®  alloy 
(Fe20Cr25Ni6.3Mo)  in 

0.1  M  HCl  +  0.2  M  NaCl 

0.19  vs.  0.04  wt.%  N 

•  decrease  in  active/passive  transition  dissolution  kinteics, 

•  decrease  in  passive  current  density  in  0.1  M  HCl, 

•  enhanced  deprotonation  in  the  outer  region  of  the  passive  film, 

•  enrichment  of  Cr^O^  in  the  passive  film  relative  to  Cr(OH)3, 

•  enrichment  of  Cr  and  Mo  beneath  the  passive  film,  and 

•  mixed  nitride  observed  at  metal/film  interface 

"^SITLX,  AL  904L,  and  AL-6XN  are  trademarks  of  Allegheny  Ludlum  Corporation. 
‘’No  XPS  analysis. 


austenitic  stainless  steels  are  clearly  in  evidence.  How¬ 
ever,  for  studies  of  the  interaction  of  N  with  various 
alloying  elements,  a  broader  range  of  alloys  is  required 
in  order  to  understand  the  more  complex  commercial 
alloys.  Recently  it  has  been  shown  that  the  anodically 
segregated  nitride  phase  can  be  successfully  simulated 
by  plating  N  out  of  a  nitrate  solution  and  onto  a  metal 
or  alloy  [6].  The  technique  has  been  performed  on 
low-nitrogen  base  compositions  of  Type  304,  317LX^^ 
alloy,  AL  904L'^^  alloy,  and  AL-6XN®  alloy^  and 
their  electrochemical  properties  and  surface  composi¬ 
tion  compared  with  their  high-nitrogen  base-composi¬ 
tion  counterparts.  The  agreement  between  the  high- 
nitrogen  alloys  and  the  surface-nitrided  alloys  suggests 
that  the  surface-nitriding  technique  is  a  useful  tool  for 
understanding  the  role  of  N  in  improving  the  corrosion 
behavior  of  austenitic  stainless  steels. 


5.  Conclusions 

(1)  Ni  and  N  exhibit  the  following  behavior  in  stain¬ 
less  steels  passivated  in  0.1  M  HCl: 


’  317LX,  AL  904L  and  AL-6XN  are  trademarks  of  Allegheny 
Ludlum  Corporation. 


(1)  anodic  segregation  during  dissolution, 

(ii)  are  not  major  constituents  of  the  passive  film, 

(iii)  lower  the  overall  anodic  kinetics, 

(iv)  selectively  activate  iron  dissolution,  though  Ni 
requires  the  presence  of  Mo,  and 

(v)  enhance  the  surface  deposition  of  iron  molyb¬ 
date. 

(2)  The  primary  kinetic  barrier  to  anodic  dissolution 
of  high-nitrogen  stainless  steels  is  a  chromium-oxide- 
based  passive  film. 

(3)  The  following  appear  to  be  important  secondary 
kinetic  barriers: 

(i)  a  mixed  nitride  surface  layer  formed  at  the  metal/ 
anodic  film  interface,  and 

(ii)  an  ultra-thin  layer  of  ferrous  molybdate  situated 
in  the  outer  region  of  the  anodic  film. 

(4)  Nitrogen  alloying  is  most  beneficial  to  corrosion 
properties  of  stainless  steels  when  added  with  Ni  and 
Mo. 
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Abstract 

Dewpoint  corrosion  by  sulphuric  acid  has  often  been  observed  in  the  heat  exchangers  of  coal-burning  plants.  If  ashes  contain 
active  carbon,  corrosion  becomes  particularly  serious.  Various  nickel-base  alloys  with  high  corrosion  resistance  in  such 
environments  have  been  designed.  The  corrosion  behaviour  of  these  alloys  was  examined  in  hot  concentrated  sulphuric  acid  with 
and  without  active  carbon.  The  corrosion  resistance  of  ternary  Ni-Ci-Mo  alloys  in  the  acids  without  active  carbon  increases  with 
increasing  alloy  molybdenum  content.  When  active  carbon  is  added  to  the  acids,  the  corrosion  rate  increases  significantly.  This 
is  due  to  acceleration  of  transpassive  dissolution  of  molybdenum  as  a  result  of  enhancement  of  cathodic  activity  with  the  addition 
of  active  carbon.  The  corrosion  resistance  in  the  acids  with  active  carbon  is  enhanced  by  an  increase  in  alloy  chromium  content, 
which  improves  the  passivity  in  the  acids. 

Keywords:  Dewpoint  corrosion;  Sulphuric  acid;  Active  carbon;  Passivity;  Ni-Cr-Mo  alloy 


1.  Introduction 

Flue  gas  environments  in  heavy  oil-fired  or  coal-fired 
boilers  are  composed  of  gaseous  components,  such  as 
N2,  O2,  H2O,  CO2,  SO2,  SO3,  NO,,  and  HCl,  unburned 
carbon  and  fly  ashes.  For  given  partial  pressures  of 
H2O  and  SO3,  the  maximum  temperature  at  which 
aqueous  H2SO4  can  exist  is  defined  as  the  “acid  dew¬ 
point”  [1-5].  Basically,  dewpoint  corrosion  occurs 
when  a  gas  is  cooled  below  the  saturation  temperature. 

In  power  generation  plants,  the  dewpoint  temperature 
is  in  the  range  100-140  °C.  A  typical  system  of  coal¬ 
burning  plants  is  shown  in  Fig.  1.  A  hot  exhaust  flue 
gas  from  the  boiler  is  cooled  to  a  temperature  20-30  °C 
higher  than  the  dewpoint  temperature,  and  accordingly 
dewpoint  corrosion  is  avoidable.  It  is  important,  how¬ 
ever,  to  recover  the  huge  waste  heat  for  energy 
cost  saving.  In  fact,  if  the  energy  is  used  by  applying 
a  further  20  °C  decrease  in  the  waste  gas  temperature 
in  the  final  heat  recovery  plant,  one  can  gain  an 
additional  0.32%  in  generation  efficiency  [6].  Conse¬ 
quently,  we  need  materials  resistant  to  sulphur  dew¬ 
point  corrosion. 

It  is  known  that  corrosion  in  strong  acids  is  particu- 
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larly  accelerated  by  the  presence  of  active  carbon.  Lab¬ 
oratory  corrosion  tests  with  mixtures  of  sulphuric  acid 
and  active  carbon  powder  were  performed  by  Nagano 
and  co-workers  [7-9]  in  view  of  the  catalytic  oxidizing 
action  of  unburned  carbon,  that  is,  active  carbon.  Their 
results  for  carbon  steels  were  very  well  correlated  with 
those  of  field  tests.  Chang  [10]  also  carried  out  the  same 
laboratory  corrosion  tests  on  austenitic  stainless  steel 
and  the  results  were  very  well  correlated  with  those  of 
field  tests. 

In  order  to  improve  the  sulphur  dewpoint  corrosion 
resistance  at  high  temperatures,  alloys  with  concentra¬ 
tions  of  chromium  and  molybdenum  are  required. 
However,  the  roles  of  chromium  and  molybdenum  in 
enhancing  the  corrosion  resistance  are  not  always  the 
same,  since  molybdenum  is  effective  in  less  oxidizing 
environments  whereas  chromium  is  effective  in  oxidiz¬ 
ing  environments. 

The  purpose  of  this  work  was  to  obtain  a  better 
understanding  of  the  specific  roles  of  chromium  and 
molybdenum  in  enhancing  the  corrosion  resistance  of 
nickel-base  alloys  to  withstand  sulphur  dewpoint  corro¬ 
sion.  Particular  attention  was  paid  to  the  effect  of  the 
presence  of  active  carbon. 
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Fig.  1.  Schematic  diagram  of  coal-burning  plant. 


2.  Experimental  procedure 

2. 1.  Samples 

The  chemical  compositions  of  the  Ni-Cr-Mo  alloys 
used  are  given  in  Table  1.  There  are  two  chromium 
levels,  16  and  20%.  Alloys  were  produced  by  argon-arc 
melting  with  high-purity  metals.  After  hot  rolling,  all 
alloy  sheets  were  annealed  at  a  solid  solution  tempera¬ 
ture  of  1250  °C  for  4  h  and  then  water  quenched. 

2.2.  Immersion  corrosion  tests  and  electrochemical 
measurements 

Immersion  corrosion  tests  and  electrochemical  mea¬ 
surements  were  made  in  four  different  testing  environ¬ 
ments,  60%  and  80%  H2SO4  with  and  without  active 
carbon.  The  mixtures  of  sulphuric  acid  and  active  car¬ 
bon  powder  were  made  with  a  ratio  of  1  g  of  active 
carbon  to  3.3  cm-^  of  sulphuric  acid.  The  test  tempera¬ 
ture  was  kept  at  120  ®C.  Immersion  corrosion  tests  were 
carried  out  for  24  h.  For  a  better  understanding  of  the 
corrosion  behaviour,  potentiodynamic  polarization 
measurements  were  conducted  after  immersion  for 
10  min.  After  the  immersed  specimen  had  been  polar- 


Table  1 

Chemical  compositions  of  alloys 


Alloy 

Cr 

(vvt.%) 

Mo 

(wt.%) 

Ni 

(wt.%) 

1620 

15.8 

19.8 

Balance 

1625 

16.0 

24.7 

Balance 

2017 

19.9 

16.9 

Balance 

2020 

19.8 

19.8 

Balance 

2024 

19.9 

23.9 

Balance 

Table  2 

Impurities  and  gaseous  components  adsorbed  on  active  carbon 


Element 

Concentration 

(vvt.%) 

Element 

Concentration 

{wt.%) 

0 

16.0 

Mg 

0.005 

N 

0.6 

A1 

0.005 

H 

0.3 

Cu 

0.002 

S 

0.02 

Ca 

0.002 

Si 

0.02 

C 

Balance 

Fe 

0.005 

ized  at  —500  mV  vs.  SCE  for  1  min,  potentiodynamic 
polarization  was  performed  at  a  potential  sweep  rate  of 
200  mV  min“'  up  to  1500  mV.  The  corrosion  potential 
after  immersion  for  10  min  was  also  recorded. 

2.3.  Characterization  of  active  carbon 

Impurities  of  the  active  carbon  analysed  and  gaseous 
components  adsorbed  on  the  active  carbon  are  shown 
in  Table  2.  It  is  noteworthy  that  16%  oxygen  is  ad¬ 
sorbed  on  the  active  carbon.  Fig.  2  shows  a  scanning 
electron  micrograph  of  the  active  carbon.  The  active 
carbon  particle  size  is  about  10  pm. 

3.  Results  and  discussion 

3.1.  Pure  molybdenum 

Potentiodynamic  polarization  curves  of  pure  molyb¬ 
denum  measured  in  different  solutions  are  shown  in 
Fig.  3.  Increasing  acid  concentration  results  in  an  in¬ 
crease  in  cathodic  current  density  and  a  decrease  in 
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Fig.  2.  SEM  image  of  active  carbon. 


anodic  current  density.  The  addition  of  active  carbon 
significantly  increases  the  cathodic  current  density, 
whereas  it  does  not  affect  the  anodic  current  density, 
for  transpassive  dissolution  of  molybdenum. 

3.2.  60%  H2SO4  with  and  without  active  carbon 

Corrosion  potentials  after  immersion  for  10  min  in 
60%  H2SO4  are  shown  as  a  function  of  alloy  molybde¬ 
num  content  in  Fig.  4.  An  increasing  molybdenum 
content  results  in  an  increase  in  the  corrosion  potential. 
Corrosion  potentials  are  classified  into  two  groups,  in 
the  active  region  and  in  the  passive  state.  Low-molyb¬ 
denum  alloys  are  in  the  active  state  whereas  high- 
molybdenum  alloys  are  in  the  passive  state.  Fig.  5 
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Fig.  4.  Corrosion  potential  after  immersion  for  10  min  in  60%  H2SO4 
at  120  ‘"C  as  a  function  of  alloy  molybdenum  content.  The  passivation 
potential  where  the  anodic  peak  current  density  is  observed  by 
potentiodynamic  polarization  is  shown  as  a  grey  line. 
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shows  potentiodynamic  polarization  curves  for  Ni-Cr- 
Mo  ternary  alloys  measured  in  60%  H2SO4.  The  poten¬ 
tials  where  the  current  changes  from  negative  to 
positive  for  all  alloys  are  located  in  the  active  region. 
After  immersion  for  10  min,  the  open -circuit  potential 
of  alloys  with  high  molbdenum  contents,  such  as  2024 
and  1625,  shifts  to  the  passive  region  showing  sponta¬ 
neous  passivation.  There  are  two  stages  in  the  passive 
region.  Alloys  are  passive  at  low  potentials  in  the 
passive  region.  However,  transpassive  dissolution  of 
molybdenum  occurs  at  a  potential  of  about  +100  mV 


Current  Density,  MA/cm^ 

Fig.  3.  Potentiodynamic  polarization  curves  of  pure  molybdenum  measured  in  four  different  solutions  at  120  °C,  i.e.  60%  and  80%  H2SO4  with 
the  without  active  carbon. 
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Fig.  5.  Potentiodynamic  polarization  curves  of  Ni  -Cr  -  Mo  ternary  alloys  measured  in  60%  H2SO4  at  120  °C. 


VS.  SCE.  Changes  in  peak  current  density  and  the 
passive  current  density  are  plotted  in  Fig.  6.  Increasing 
the  molybdenum  content  decreases  the  active  dissolu¬ 
tion  current  and  the  current  density  at  low  potentials  in 
the  passive  region.  The  current  density  in  the  passive 
region  where  transpassive  dissolution  of  molybdenum 
occurs  is  lower  when  the  alloy  contains  higher 
chromium  and  lower  molybdenum  levels. 

Corrosion  potentials  in  60%  H2SO4  with  active  car¬ 
bon  are  shown  as  a  function  of  alloy  molybdenum 
content  in  Fig.  7.  The  corrosion  potentials  of  high- 
molybdenum  alloys  are  significantly  ennobled  by  the 


active  carbon  addition.  By  contrast,  the  corrosion  po¬ 
tentials  of  low-molybdenum  alloys  remain  in  the  active 
region.  Fig.  8  shows  the  polarization  curves  of  alloys 
2017  and  2024  which  are  typical  of  active  and  sponta¬ 
neously  passive  alloys,  respectively.  The  spontaneously 
passive  high-molybdenum  alloy  is  depassivated  by  ca¬ 
thodic  polarization  for  1  min  before  potentiodynamic 
polarization  in  the  acid  without  carbon.  However,  when 
carbon  is  added,  spontaneous  passivation  of  the  high- 
molybdenum  alloy  can  be  seen  by  potentiodynamic 
polarization,  since  the  carbon  addition  enhances  the 
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Fig.  7.  Corrosion  potential  after  immersion  for  10  min  in  60%  H2SO4 
with  active  carbon  at  120°C  as  a  function  of  alloy  molybdenum 
content.  The  passivation  potential  where  the  anodic  peak  current 
density  is  observed  by  potentiodynamic  polarization  is  shown  as  a 
grey  line. 


Fig.  6.  Effects  of  chromium  and  molybdenum  on  the  critical  current 
density  for  passivation  and  the  passive  current  density  at  100  mV  vs. 
SCE. 
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Fig.  8.  Potentiodynamic  polarization  curves  of  alloys  2017  and  2024  measured  in  60%  H2SO4  with  and  without  active  carbon  at  120  °C. 


cathodic  activity  exceeding  the  anodic  dissolution  cur¬ 
rent.  For  the  low-molybdenum  alloy  the  carbon  addi¬ 
tion  does  not  produce  a  large  change  in  the  corrosion 
potential  but  significantly  increases  the  passive  current 
density  in  the  transpassive  region  of  molybdenum. 

Fig.  9  shows  corrosion  rates  of  alloys  with  two 
chromium  levels  in  60%  H2SO4  with  and  without  active 
carbon  as  a  function  of  alloy  molybdenum  content.  In 
the  carbon-free  acid,  the  corrosion  rate  decreases  al¬ 
most  exponentially  with  increasing  alloy  molybdenum 
content.  This  is  in  agreement  with  the  fact  that  the 
low-molybdenum  alloys  are  in  the  active  state,  whereas 
the  high-molybdenum  alloys  are  in  the  passive  state. 
Obviously,  the  corrosion  rate  is  strongly  dependent  on 


120°C  60%H2S04 


Fig.  9.  Corrosion  rates  of  Ni-Cr~Mo  ternary  alloys  in  60%  H2SO4 
with  and  without  active  carbon  at  l20'’C. 


the  molybdenum  content  and  almost  independent  of 
chromium  content.  The  active  carbon  addition  gives 
rise  to  a  considerable  increase  in  the  corrosion  rate  for 
every  alloy.  For  the  high-molybdenum  alloys,  the  active 
addition  increases  the  corrosion  rate  because  of  an 
increase  in  the  current  density  in  the  passive  state, 
whereas  for  the  low-molybdenum  alloys,  the  corrosion 
rate  in  the  active  state  increases  because  of  enhance¬ 
ment  of  the  cathodic  reaction. 

3.3.  80%)  H^SO^  with  and  without  active  carbon 


The  corrosion  rates  in  60  and  80%  sulphuric  acid  are 
compared  in  Fig.  10.  The  corrosion  rates  in  both 


Fig.  10.  Corrosion  rates  of  Ni-Cr-Mo  ternary  alloys  in  60%  and 
80%  H2SO4  at  120  °C. 
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Fig.  11.  Corrosion  potential  after  immersion  for  10  min  in  SO'/o 
H2SO4  at  120'’C  as  a  function  of  alloy  molybdenum  content.  The 
passivation  potential  where  the  anodic  peak  current  density  is  ob¬ 
served  by  potentiodynamic  polarization  is  shown  as  a  grey  line. 
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solutions  decrease  exponentially  with  increasing  alloy 
molybdenum  content,  but  are  independent  of 
chromium  content.  The  corrosion  rate  in  80%  H2SO4  is 
just  shifted  upwards  compared  with  that  in  60% 
H2SO4.  Fig.  II  shows  corrosion  potentials  measured 
after  immersion  for  10  min  in  80%  H2SO4  without 
active  carbon.  The  corrosion  potentials  are  classified 
into  two  groups,  in  the  active  and  passive  regions.  The 
low-molybdenum  alloys  are  in  the  active  state  and  the 
high-molybdenum  alloys  are  in  the  passive  state.  This 


phenomenon  is  the  same  as  that  observed  in  60% 
H2SO4  without  active  carbon. 

Fig.  12  shows  potentiodynamic  polarization  curves 
measured  in  80%)  H2SO4  without  active  carbon.  Poten¬ 
tials  where  the  current  changes  from  negative  to  posi¬ 
tive  are  shifted  about  20  mV  in  the  noble  direction  in 
comparison  with  those  measured  in  60%)  H2SO4.  Simi¬ 
larly  to  the  passive  region  observed  in  60%)  H2SO4, 
there  are  two  stages  in  the  passive  region.  When  the 
molybdenum  content  is  high,  the  current  density  at  low 
potentials  in  the  passive  region  is  low  but  that  at  high 
potentials  in  the  passive  region  is  high.  These  two 
passive  regions  are  hereafter  called  the  first  and  second 
passive  regions,  respectively.  Low-chromium  alloys 
such  as  alloys  1620  and  1625  exhibit  high  current 
densities  in  the  second  passive  region. 

Current  densities  at  the  first  and  the  second  passive 
regions  are  compared  in  Fig.  13.  The  current  densities 
at  +300  mV  vs.  SCE  in  the  first  passive  region  and  at 
+  800  mV  vs.  SCE  in  the  second  passive  region  are 
plotted  as  a  function  of  molybdenum  content.  When 
the  molybdenum  content  increases,  the  first  passive 
current  density  gradually  decreases,  whereas  the  second 
passive  current  density  increases.  Accordingly,  molyb¬ 
denum  is  effective  in  enhancing  the  passivity  in  the 
low-potential  region,  but  is  detrimental  at  high  poten¬ 
tials  owing  to  transpassive  dissolution.  It  is  clear  that 
the  higher  the  chromium  content,  the  lower  is  the 
passive  current  density. 

Fig.  14  shows  the  change  in  corrosion  potential  in 
80%)  FI2SO4  with  active  carbon  as  a  function  of  alloy 
molybdenum  content.  The  corrosion  potentials  of  all 
alloys  are  in  the  passive  state.  An  increase  in  molybde- 


Fig.  12.  Potentiodynamic  polarization  curves  of  Ni  Cr-Mo  ternary  alloys  measured  in  80%  FI2SO4  at  120°C. 
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Fig.  13.  Effects  of  chromium  and  molybdenum  on  the  current  densi¬ 
ties  at  300  mV  vs.  SCE  in  the  first  passive  region  and  800  mV  vs.  SCE 
in  the  second  passive  region. 


is  low  and  the  current  density  in  the  second  passivity  is 
high. 

The  relationships  between  the  corrosion  rate  and 
molybdenum  content  in  80%  H2SO4  with  and  without 
active  carbon  are  shown  in  Fig.  16.  In  the  acid  without 
carbon,  the  low-molybdenum  alloys  dissolve  in  the 
active  state  but  the  high-molybdenum  alloys  are  in  the 
passive  state.  When  the  active  carbon  is  added,  all  the 
alloys  become  passive  and  the  corrosion  rate  of  the 
low-molybdenum  alloys  decreases.  However,  for  the 
spontaneously  passive  high-molybdenum  alloys,  the 
current  density  in  the  passive  state  increases  and  hence 
the  corrosion  rate  increases.  Accordingly,  the  corrosion 
rate  in  the  carbon-containing  acid  is  not  greatly  depen¬ 
dent  on  the  molybdenum  content,  but  is  dependent  on 
the  chromium  content. 

Corrosion  through  the  passive  film  is  very  rapid  in 
the  carbon-containing  acids.  Consequently,  there  are  no 
alloys  that  withstand  severe  corrosion  attack,  unless  the 
alloys  contain  high  concentrations  of  chromium. 
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Fig.  1 4.  Corrosion  potential  after  immersion  for  10  min  in  80% 
FI2SO4  with  active  carbon  at  120  °C  as  a  function  of  alloy  molybde¬ 
num  content.  The  passivation  potential  where  the  anodic  peak  cur¬ 
rent  density  is  observed  by  potentiodynamic  polarization  is  shown  as 
a  grey  line. 


num  content  decreases  the  corrosion  potential  for  the 
16%  chromium  alloys  but  does  not  affect  the  corrosion 
potential  for  the  20%  chromium  alloys.  Fig.  15  shows  a 
comparison  of  the  polarization  curves  of  alloys  2017 
and  2024  in  80%  H2SO4  with  and  without  active  car¬ 
bon.  When  the  active  carbon  is  added,  the  corrosion 
potential  shifts  to  the  first  passive  region  and  the  cur¬ 
rent  density  in  the  second  passive  region  increases.  It  is 
obvious  that  the  open-circuit  corrosion  rate  depends  on 
the  first  passive  current  density.  When  the  molybdenum 
content  is  high,  the  current  density  in  the  first  passivity 


4.  Conclusion 

The  resistance  of  Ni-Cr-Mo  alloys  against  sulphur 
dewpoint  corrosion  has  been  investigated  in  60%  and 
80%  H2SO4  at  120  °C. 

The  corrosion  rate  for  alloys  with  16%  and  20% 
chromium  decreases  with  increasing  molybdenum  con¬ 
tent  but  is  independent  of  the  chromium  content. 
When  active  carbon  is  added  to  the  acids,  the  corrosion 
rates  increase  significantly,  except  those  for  20% 
chromium  alloys  with  17%  and  20%  molybdenum.  The 
presence  of  active  carbon  results  in  ennoblement  of 
the  corrosion  potential  because  of  promotion  of  the 
catalytic  action  for  cathodic  reactions  [7-9].  In 
60%  H2SO4,  when  the  molybdenum  content  is  less 
than  about  20%,  the  potential  ennoblement  is  in¬ 
sufficient  for  the  alloys  to  passivate  spontaneously,  and 
hence  the  carbon  addition  increases  the  corrosion  rate. 
The  alloys  with  24%  or  more  molybdenum  are  sponta¬ 
neously  passive  and  the  active  carbon  addition,  enhanc¬ 
ing  the  cathodic  reaction,  increases  the  corrosion  rate 
because  of  transpassive  dissolution  of  molybdenum.  In 
80%  H2SO4,  the  active  carbon  addition  ennobles  the 
corrosion  potential  of  actively  dissolving  alloys  to  the 
passive  state  with  a  consequent  decrease  in  the  corro¬ 
sion  rate.  However,  for  the  alloys  with  a  molybdenum 
content  of  24%  or  more,  the  enhancement  of  cathodic 
activity  leads  to  transpassive  dissolution  of  molybde¬ 
num,  and  accordingly,  to  an  increase  in  the  corrosion 
rate. 

Consequently,  the  corrosion  behavior  of  Ni-Cr-Mo 
ternary  alloys  in  sulphuric  acid  with  and  without  active 
carbon  is  strongly  related  to  passivation  and  stability  of 
the  passivation  film. 
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Fig.  15.  Potentiodynamic  polarization  curves  of  alloys  2017  and  2024  measured  in  80"  u  H2SO4  with  and  without  active  carbon  at  120 '’C. 


120°C  80%H2S04 


16  18  20  22  24  26 


Mo  Content,  wl% 

Fig.  16.  Corrosion  rates  of  Ni  -Cr-Mo  ternary  alloys  in  80%  H^SO^ 
with  and  without  active  carbon  at  120X. 

Increasing  the  molybdenum  content  from  17  to  25% 
for  alloys  with  16-20%  chromium  gives  rise  to  a  de¬ 
crease  in  the  critical  current  density  for  passivation 


owing  to  suppression  of  active  dissolution  and  to  a 
decrease  in  the  current  density  in  the  passive  region  of 
molybdenum,  but  to  an  increase  in  the  current  density 
in  the  transpassive  region  of  molybdenum.  Increasing 
the  chromium  content  of  Ni-Cr-Mo  alloys  suppresses 
the  corrosion  rate  in  hot  concentrated  sulphuric  acid 
that  contains  active  carbon. 


References 

[1]  Y.  Sakae  and  Y.  Harada.  Kagaku  Kogaka,  31  (1967)  217. 

[2]  G.  WhiUengham.  J.  Appl.  Chem..  I  (1951)  383. 

[3]  E.S.  Lisle  and  J.  D.  Sensenbaugh,  Comhustiort,  January  (1965) 

12. 

[4]  W.  Grimm,  Combustion.  September  (1963)  38. 

[5]  D.B.  Meadoweroft.  in  D.R.  Holmes  (ed.),  Denpoitit  Corrosion. 
Ellis  Horwood.  Chichester,  1985,  p.  17. 

[6]  J.A.  Bernic.  in  D.R.  Holmes  (ed.).  Dewpoint  Corrosion.  Ellis 
Horwood,  Chichester.  1985,  p.  11. 

[7]  M.  Kowaka.  D.  Moroishi  and  H.  Nagano,  Bull.  Jpti.  Inst.  Met., 
34  (1970)  23. 

[8]  M.  Kowaka.  D.  Moroishi  and  H.  Nagano,  Bull.  Jpn.  Inst.  Met.. 
54(1970)32. 

[9]  H.  Nagano,  Boshoku  Gijutsu.  26  (1977)  731. 

[10]  Y.-N.  Chang.  A}iti-eorrosion.  August  (1986)  4. 


ELSEVIER 


Materials  Science  and  Engineering  A198  (1995)  153-160 


NATERIAIS 
SCIENCE  & 
ENCINEERING 

A 


Electrochemical  aspects  of  corrosion  resistance  and  etching  of 
metallizations  for  microelectronics 

R.B.  ComizzolP,  R.P.  FrankenthaP,  K.J.  Hanson",  K.  Konstadinidis",  R.L.  Opila",  J.  Sapjeta", 
J.D.  Sinclair",  K.M.  Takahashi",  A.L.  Frank*’,  A.O.  IbidunnP 

'^ATSiT  Beil  Laboratories,  Murray  Hill,  NJ  07974,  USA 
^AT&T  Microelectronics,  North  Andover,  MA  01845,  USA 


Abstract 

The  electrochemical  aspects  of  metal  etching  to  form  patterned  conductors  and  of  corrosion  of  conductors  in  the  field  are 
closely  related.  Both  need  to  be  considered  in  designing  metallization  structures  for  microelectronic  devices.  The  evolution  of  a 
manufacturing  process  for  a  multi-level  interconnect  structure  is  discussed  from  an  electrochemical  perspective.  A  galvanic 
corrosion  problem  during  manufacture  and  its  solution  for  the  interconnect  metallization  on  a  silicon  integrated  circuit  are  also 
discussed.  Following  the  discussion  on  etching  processes  and  corrosion  during  manufacture,  a  discussion  of  electrochemical  and 
electrolytic  failure  mechanisms  for  electronic  equipment  in  field  environments  and  some  steps  that  can  be  taken  to  prevent  harmful 
environmental  effects  are  presented.  Recent  research  on  the  adhesion  of  various  protective  coatings  and  interlevel  polymeric 
dielectrics  is  presented  in  the  context  of  failure  prevention. 

Keynorcls:  Etching;  Microelectronics;  Undercutting;  Galvanic  corrosion;  Covercoats;  Ionic  contamination 


1.  Introduction 

As  the  circuit  density  of  electric  equipment  steadily 
increases,  the  patterned  metallizations  used  to  intercon¬ 
nect  transistors  on  integrated  circuit  chips  and  to  inter¬ 
connect  the  chips  become  increasingly  important  to 
overall  performance.  For  advanced  integrated  circuits, 
as  are  found  in  personal  and  mainframe  computers, 
personal  communication  devices  and  even  microproces¬ 
sor-controlled  appliances,  as  many  as  four  levels  of 
interconnect  metallization  will  be  required  on  the  chip 
itself.  Off-chip  interconnect  frequently  has  more  than 
10  levels  of  patterned  metallization  in  currently  manu¬ 
factured  products.  This  increasing  circuit  density  re¬ 
quires  that  linewidths  for  both  on-chip  and  off-chip 
metallizations  continuously  decrease.  If  these  linewidths 
are  not  reduced,  the  time  delay  associated  with  signal 
transmission  on  chips  and  between  chips  will  limit,  at 
least  indirectly,  the  performance  of  advanced  computers 
and  communication  devices.  Manufacturing  technolo¬ 
gies  must  be  continually  improved  to  achieve  the 
linewidth  reductions  required  to  realize  the  functional 
objectives  and  yields  required  for  success  in  the  market¬ 
place. 


Without  improvements  in  hardening  against  environ¬ 
mental  effects,  advancing  generations  of  interconnection 
technology  are  also  more  susceptible  to  field  failure 
resulting  from  electrochemical  and  electrolytic  degrada¬ 
tion  processes  [1-3].  These  failure  mechanisms  must  be 
understood  so  that  required  design  improvements  can  be 
made. 

The  electrochemical  aspects  of  metal  etching  to  form 
patterned  conductors  and  of  corrosion  of  conductors  in 
the  field  are  closely  related.  Both  need  to  be  considered 
in  designing  a  metallization  structure.  In  this  paper,  the 
evolution  of  manufacturing  process  for  multichip  mod¬ 
ules  is  discussed  from  an  electrochemical  perspective.  A 
galvanic  corrosion  problem  with  interconnect  metalliza¬ 
tion  on  a  silicon  integrated  circuit  is  also  discussed  and 
its  solution  is  described. 

Following  the  discussion  on  etching  processes  and 
corrosion  during  manufacturing,  a  discussion  of  electro¬ 
chemical  and  electrolytic  failure  mechanisms  for  elec¬ 
tronic  equipment  in  field  environments  and  some  steps 
that  can  be  taken  to  prevent  harmful  environmental 
effects  [2,3]  are  presented.  Coatings  play  an  important  role 
in  preventing  failures.  Recent  research  on  the  adhesion 
of  various  protective  coatings  and  interlevel  polymeric 
dielectrics  is  presented  in  the  context  of  failure  prevention. 
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2.  Evolution  of  a  multichip  module  manufacturing 
technology 

Alumina  is  commonly  used  as  a  substrate  material 
for  the  assembly  of  integrated  circuits  and  other  com¬ 
ponents  into  a  functional  unit.  These  earliest  hybrid 
integrated  circuits  (HICs)  were  constructed  with  a  sin¬ 
gle  layer  of  metallization  on  the  top  surface.  The  HICs 
were  typically  mounted  on  a  printed  wiring  board  along 
with  other  discrete  components.  In  more  advanced 
HICs,  greater  interconnect  density  was  achieved  by 
patterning  metal  on  both  sides.  Holes  connected  the 
two  levels  of  metal.  As  requirements  for  interconnect 
density  have  increased,  additional  layers  of  patterned 
metal  have  been  added  by  interleaving  each  layer  with 
a  polymeric  dielectric  material.  Typicaly,  photodefine- 
able  polymers  are  used  as  the  dielectric  material  to 
facilitate  formation  of  via  holes  between  metallization 
levels. 

A  typeial  metallization  used  for  HICs  is  the  stacked 
structure  depicted  in  Fig.  1.  Copper,  with  its  very  low 
specific  resistivity  (1.68  x  10  ohm  cm),  is  the  primary 
conductor.  Copper  does  not  adhere  well  to  alumina  so 
titanium  is  used  as  a  glue  layer.  Gold  is  used  as  the  top 
layer  to  provide  a  suitable  surface  for  connecting  inte¬ 
grated  circuits  and  other  components  by  soldering  or 
wire  bonding.  Copper  readily  difiuses  through  small 
pores  that  are  always  present  in  gold  films  of  practical 
thickness,  so  nickel  is  deposited  between  the  copper  and 
gold  to  prevent  copper  migration  to  the  gold  surface. 
During  the  early  1970s  this  structure  was  typically 
formed  in  the  following  way.  First,  blanket  layers  of 
titanium  and  copper  were  sputter  deposited.  This  was 
followed  by  a  blanket  layer  of  electrodeposited  copper. 
A  patterned  resist  layer  was  then  formed  and  nickel  and 
gold  were  electrodeposited  in  the  trenches  of  the  resist. 
The  resist  was  then  stripped  and  the  copper  and  tita¬ 
nium  were  etched  with  the  gold/nickel  layer  serving  as 
the  etch  mask.  Until  recently,  etching  was  accomplished 
by  the  following  two-step  process: 


Electroplated  Au  (0.5|im) 
^^^lectroplated  Ni  (2  jim) 


-100  -  200- 
p  m 


-Electroplated  Cu  (5pm) 


Sputtered  Cu  (3500A) 
Sputtered  Ti  (2500A) 


Alumina  Substrate 


Fig.  1.  Schematic  illustration  of  a  metallization  structure  used  for  the 
earliest  hybrid  integrated  circuits. 


Fig.  2.  Conceptual  illustration  of  the  current  voltage  curves  relevant 
to  corrosion  and  anodic  passivation  of  the  titanium  in  the  metalliza¬ 
tion  structure  in  Fig.  1. 


Step  1: 

Cu  +  Cu(NHD2"  ^2Cu  (NH,)., 

Cu(NHHv  +  l/40,-l-H  ^''->Cu(NH3)“+  +  1/2H,0 

Step  2: 

Ti03  +  4H  +6F  ^TiF5-+2H,0 
Ti  +  6F^^TiF^  +4e-[4,5] 

2H-  +2e^  ^H, 

Early  e.xperience  with  this  metallization  showed  that 
the  titanium  layer  corroded  in  chlorine-containing  envi¬ 
ronments  [6].  Fig.  2  illustrates  schematically  the  mecha¬ 
nism  for  this  corrosion  process  and  a  mechanism  for 
titanium  passivation.  The  copper- titanium  galvanic 
couple  increases  the  rate  of  titanium  corrosion  due  to 
the  lower  hydrogen  overpotential  on  copper.  However, 
the  deposition  of  a  layer  of  palladium  between  the 
copper  and  titanium  passivates  the  latter  in  chloride 
media  by  shifting  the  corrosion  potential  into  the  pas¬ 
sive  region  [7].  Since  titanium  is  not  passivated  by 
palladium  in  hydrofluoric  acid  solutions  (the  passiva¬ 
tion  potential  in  HF  is  too  positive),  the  titanium  etch 
is  successful  even  in  the  presence  of  palladium.  Besides 
accelerating  the  corrosion  of  titanium,  the  copper- tita¬ 
nium  galvanic  couple  in  hydrofluoric  acid  solution  may 
also  contribute  to  the  undercutting  of  the  titanium 
metallization  during  etching.  The  linewidths  required 
through  the  late  1980s  (<100  pm)  were  sufficiently 
large  to  insure  good  adhesion  in  spite  of  the  undercut¬ 
ting. 

By  the  late  1980s.  as  requirements  for  interconnect 
density  increased  to  the  point  that  multiple  levels  of 
interconnection  and  linewidths  of  <50  pm  were  re¬ 
quired,  two  new  issues  emerged:  (1)  palladium  metal 
residues  from  the  etch  process  causes  device  failures 
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during  temperature/humidity/bias  testing  and  (2)  tita¬ 
nium  undercut  became  a  yield  concern. 

The  palladium  metal  residues  were  associated  with 
the  etch  process  described  above.  Neither  step  dissolves 
palladium.  It  is  “rejection  etched”,  that  is,  it  floats  off 
as  the  underlying  titanium  dissolves  during  step  2.  Since 
palladium  passivates  titanium  in  chloride  media  either 
when  the  two  metals  are  coupled  to  each  other  or  when 
a  small  amount  of  palladium  is  alloyed  with  the  tita¬ 
nium  [7],  the  solution  to  the  first  problem  was  clear: 
replace  the  sputtered  titanium  and  palladium  layers  of 
the  metallization  by  a  thin  layer  of  sputtered  titanium 
followed  by  a  thick  sputtered  layer  of  a  titanium -palla¬ 
dium  alloy  having  a  palladium  content  sufficiently  high 
to  passivate  the  titanium  in  chloride  environments  but 
not  high  enough  to  make  etching  the  alloy  in  HF 
difficult.  Titanium-palladium  alloys  containing  from  1 
to  15%  palladium  were  found  to  behave  satisfactorily, 
as  illustrated  by  the  following  example:  a  Ti-3%  Pd/Cu 
metallization  exhibited  a  corrosion  potential  (  —  0.20  V 
vs.  SCE)  in  the  passive  potential  region  of  titanium  in 
boiling  10%  HCl  and  was  not  corroded  after  more  than 
5  min.  On  the  other  hand,  a  Ti/Cu  metallization  had  a 
corrosion  potential  (  —  0.74  V  vs.  SCE)  in  the  active 
potential  region  and  was  completely  corroded  in  less 
than  1  min.  The  higher  corrosion  current  expected  for 
the  alloy  in  hydrochloric  acid  solution  compared  with 
titanium  metal  (see  Fig.  2)  should  lead  to  a  more  rapid 
etch  rate  and  lower  manufacturing  cost. 

Solving  the  undercutting  problem  proved  to  be  a 
greater  challenge.  Laboratory-scale  experiments  showed 
that  the  finest  linewidths  that  could  be  reproducibly 
made  without  experiencing  adhesion  problems  were 
typically  30-40  pm.  Cross-sections  of  metallizations 
showed  the  undercut  of  titanium  on  each  side  of  the 
metallization  was  frequently  5-10  pm.  Finding  a  solu¬ 
tion  to  the  undercutting  problem  required  a  detailed 
unraveling  of  the  etch  chemistry.  The  galvanic  effect 
described  above  was  found  to  be  of  minor  importance. 
It  was  shown  that  the  etching  of  the  titanium  in  HF 
only  begins  following  an  induction  period,  after  which 
etching  is  very  rapid  (Fig.  3).  Further  studies  showed 
that  (1)  the  copper  etch  and  subsequent  rinse  process 
produced  an  etch  inhibiting  film  on  the  titanium  and  (2) 
the  etch  rate  and  induction  time  were  sharply  depen¬ 
dent  on  pH  and  F~  concentration. 

The  undercutting  of  the  titanium  was  caused  by  the 
uncontrollability  of  the  induction  time.  To  insure  that 
all  circuits  were  adequately  etched,  most  circuits  were 
being  severly  overetched.  Linewidths  in  the  10-15  pm 
range  would  clearly  not  be  possible  unless  an  etch 
chemistry  could  be  found  that  would  terminate  etching 
in  a  controllable  way  or  eliminate  the  etch  inhibiting 
film.  Both  types  of  etch  chemistries  were  found. 

Initially  it  was  speculated  that,  if  the  solubility  of  the 
etch  products  could  be  sufficiently  reduced,  conditions 


0  2  4  6  8 

Etch  time,  sec 

Fig.  3.  Etch  behavior  of  Ti  or  Ti-3%  Pd  in  HF,  all  under  standard 
manufacturing  conditions;  except  where  noted,  TPC  is  the  Ti- Pd/Cu 
metallization  structure;  (TP)  C  is  the  Ti-3%  Pd/Cu  metallization 
structure;  (TP)  C  opt  is  Ti-3%  Pd/Cu  metallization  structure  under 
standard  manufacturing  conditions  except  that  the  times  in  the  Cu 
etch  and  following  water  rinse  were  shortened. 

might  be  found  that  would  cause  an  etch  inhibiting  film 
to  form  after  a  fixed  thickness  of  titanium  had  been 
removed.  To  test  this  hypothesis,  buffered  HF  solutions 
in  water  were  mixed  in  various  proportions  with 
ethylene  glycol.  Fig.  4  shows  that  the  induction  period 
still  exists  but,  since  the  etch  shuts  down  in  a  control¬ 
lable  way,  overetch  can  be  prevented.  Fig.  5  shows  that 
the  amount  of  titanium  removed  is  a  smooth  function 
of  the  fraction  of  ethylene  glycol.  X-ray  photelectron 
spectroscopic  (XPS)  analysis  of  the  inhibiting  film 
shows  that  it  contains  nitrogen,  fluorine,  oxygen  and 
titanium.  Further  work  is  rquired  to  characterize  fully 
this  “salt  film”. 


Fig.  4.  Etching  behavior  of  titanium  in  HF-NH4F  with  20% 
ethylene  glycol  added,  showing  that  the  induction  time  still  exists  but 
that  etching  essentially  stops  after  formation  of  the  salt  film. 
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%  Ethylene  Glycol 

Fig.  5.  Effect  of  ethylene  glycol  concentration  on  the  amount  of 
titanium  etched  in  HF-NH4F  solution. 

The  second  approach  was  to  seek  an  aqueous  chem¬ 
istry  that  would  etch  copper  and  titanium  at  the  same 
rate.  From  the  start  it  was  decided  that  HF  would  be 
required  for  etching  titanium,  which  dictates  that  the 
copper  must  be  etched  in  an  acid  solution.  The  com¬ 
mercial  etch  used  in  step  1  of  the  original  two-step  etch 
process  is  basic.  Laboratory  experimentation  showed 
that  a  solution  containing  1  M  CuCL,  1  M  KCl  and  4% 
HF  [8]  etched  the  Ti-3%  Pd/Cu  layers  at  equal  rates 
and  completely  eliminated  the  undercutting.  The  Cu 
etch  process  is  mass  transport  limited  whereas  the  Ti 
etch  process  is  not,  so  that  the  proper  concentrations 
depend  on  the  design  of  the  etch  process.  The  pertinent 
chemistry  is  as  follows: 

Copper  dissolution: 


negative  potentials,  and  the  current  decays  with  increas¬ 
ing  potential  within  the  passive  region,  becoming  much 
lower  than  in  the  absence  of  KCl.  The  presence  of  KCl 
appears  to  affect  the  passivation  process.  Finally,  the 
addition  of  1  M  CuCL  shifts  the  corrosion  potential  by 
nearly  900  mV,  indicating  that  the  slow  hydrogen  evo¬ 
lution  reaction  has  been  replaced  by  reduction  of  Cu(II) 
ion,  probably  to  the  Cu(I)  complex.  The  corrosion 
potential  is  in  the  passive  region  for  the  4%  HF"  -1  M 
KCl  curve,  meaning  that  CuCU  passivates  the  titanium 
surface. 

The  composition  of  the  passive  film  was  character¬ 
ized  by  XPS.  Within  the  XPS  sample  depth,  the  only 
elements  observed  were  potassium,  titanium  and 
fluorine,  with  copper  and  chlorine  notably  absent.  All 
of  the  Ti  was  oxidized  and  had  a  chemical  shift  consis¬ 
tent  with  a  fluoride  complex  rather  than  the  more 
common  Ti02.  The  CuCL  does  not  appear  to  play  a 
role  in  passive  film  formation.  Rather,  it  poises  the 
potential  of  the  Ti  metal  within  the  passive  region, 
allowing  the  etch  to  proceed  at  a  controllable  rate. 

3.  Corrosion  of  metallization  for  silicon  integrated 
circuits 

Aluminum  is  currently  the  metal  of  choice  for  inter¬ 
connecting  transistors  on  silicon  integrated  circuits 
(ICs).  The  most  advanced  ICs  require  three  or  four 
levels  of  metallization  to  achieve  the  desired  signaling 
rates  within  and  between  ICs.  In  some  applications, 
TiN  is  used  as  a  diffusion  barrier  between  the  titanium 
glue  layer  and  the  aluminum,  and  as  an  antireflection 
film  over  the  aluminum  (see  Fig.  7).  The  metallization  is 
patterned  in  several  steps.  First  a  resist  is  applied, 
patterned  and  developed  to  produce  a  positive  image  of 


Cu  -F  Cu“^  ^2Cu  + 
Cu^-^Cu2  + 


I  Cu’^  and  Cu"*^  present 
as  chloride  complexes 


Titanium  dissolution  [4,5]: 


Ti-F4H+  +  6F-  ^TiF“  +  2H2 
Ti-h4Cu2+  -FfiF-^TiF^-  -h4Cu- 


Titanium  etches  more  slowly  in  this  solution  than  in 
simple  HF  solutions,  allowing  the  amount  of  Ti  re¬ 
moved  to  be  easily  controlled.  Titanium  polarization 
curves  show  why  the  Ti  etch  is  suppressed  (Fig.  6).  For 
the  4%  HF  solution,  the  corrosion  potential  is  about 
—  1  V  vs.  SCE,  with  the  etch  rate  increasing  with  in¬ 
crease  in  potential  up  to  a  peak  near  —0.3  V.  At  higher 
potentials  the  titanium  passivates,  although  the  corro¬ 
sion  current  is  still  about  20%  of  the  peak  current. 
When  1  M  KCl  is  added,  the  corrosion  potential  is 
unchanged,  but  the  passivation  peak  is  shifted  to  more 


Fig.  6.  Titanium  polarization  curves  in  various  solutions,  showing 
that  KCl  shifts  only  the  passivation  potential,  whereas  CuCU  shifts 
the  corrosion  potential  by  changing  the  cathodic  reaction  from 
hydrogen  evolution  to  Cir^  reduction. 
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HsO  +  e-  —  OH"+  lH2t 


Fig.  7.  Schematic  illustration  of  the  metallization  structure  and  cor¬ 
rosion  mechanism.  The  TiN-  Al  galvanic  couple  accelerates  corrosion 
of  aluminum  when  the  TiN-Al  area  ratio  is  too  large. 


the  described  conductor  pattern.  The  unprotected  metal 
is  then  reactive  ion  etched,  typically  in  a  plasma  pro¬ 
duced  from  a  mixture  of  BCI3,  CI2  and  N2.  The  etch 
process  is  followed  by  a  water  rinse  to  remove  any 
residual  chloride  that  could  pose  a  later  corrosion 
problem  [9].  In  the  course  of  developing  a  new  manu¬ 
facturing  process,  it  was  found  that  the  aluminum  in 
the  Ti/TiN/Al/TiN  sandwich  was  severly  corroded  after 
the  water  rinse  step.  It  was  suspected  that  TiN  and  Al 
were  a  galvanic  couple  in  an  aqueous  chloride  environ¬ 
ment.  The  metallization  structure  and  proposed  corro¬ 
sion  mechanism  are  shown  in  Fig.  7. 

Several  experiments  were  conducted.  Fig.  8  shows  a 
current— potential  plot  for  an  Al(Cu,  Si)  alloy  in 
M  HCl.  (Aluminum  metallizations  for  integrated 
circuits  are  usually  alloyed  with  approximately  1%  Cu 


Fig.  8.  Polarization  curve  for  an  Al(Cu,  Si)  alloy  in  10  ^  M  HCl 
solution,  showing  that  pitting  initiates  at  about  —0.6V  vs.  SCE. 


Fig,  9.  Polarization  curves  for  the  TiN-Al  galvanic  couple  for  two 
cathode/anode  area  ratios,  showing  that  pitting  occurs  more  rapidly 
for  a  large  cathode/anode  area  ratio. 

and  Si.)  Not  surprisingly,  rapid  pitting  initiates  at 
roughly  -0.6  V  vs  SCE.  Fig.  9  shows  potential -time 
curves  for  the  Al  alloy  electrically  coupled  to  TiN  in 
10“^  M  HCl  for  two  cathode/anode  area  ratios.  For 
AreaxiM/Area^i  =  1,  the  cathodic  reaction  is  rate  con¬ 
trolling.  At  potentials  more  positive  than  -600  mV 
(r<2h),  pitting  occurs.  On  the  device  manufacturing 
line,  local  fluctuations  in  Cl“  concentrations  may  rise 
to  »  10^^  M,  resulting  in  much  shorter  pit  initiation 
times.  For  AreaxiN /Area^i  =  0.0025,  the  anodic  reac¬ 
tion  is  rate  controlling,  and  the  pit  initiation  time  (18  h) 
is  the  same  as  in  the  absence  of  any  TiN.  Even  at  much 
higher  Cl“  concentrations,  the  pit  initiation  time  will  be 
longer  than  the  etch-rinse  process.  These  data  confirm 
that  the  metallization  failures  were  caused  by  galvanic 
corrosion.  Once  the  corrosion  mechanism  was  under¬ 
stood,  the  solution  to  the  corrosion  process  was  obvi¬ 
ous.  If  the  water  rinse  is  conducted  before  the 
photoresist  is  removed,  the  cathode/anode  area  is 
greatly  reduced  and  galvanic  corrosion  is  prevented. 


4.  Corrosion  prevention 

4.1.  Electrical  leakage  and  corrosion  failures 

Most  environment-related  failures  in  electronics  are  a 
result  of  electrical  leakage  between  conducting  path¬ 
ways  or  electrolytic  corrosion  of  the  pathways  [1-3]. 
Both  are  enhanced  by  the  presence  of  ionic  contamina¬ 
tion.  The  degradation  process  can  be  described  by 

F  =  T  IR  T 


Current  (A) 
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where  V  is  the  potential  difference  between  two  con¬ 
ducting  pathways,  £’,inodc  ^nd  ^eatiuxie  ^re  the  potentials 
of  the  anodic  and  cathodic  electron  transfer  processes, 
respectively,  /  is  the  current  flow  between  conductors 
and  R  is  the  resistance.  IR  depends  on  the  amount  and 
composition  of  contamination,  the  presence  and  effec¬ 
tiveness  of  protective  coatings  and  the  relative  humidity 
(RH).  At  low  humidity,  charge  transport  through  the 
bulk  of  the  substrate  may  be  comparable  to  surface 
current.  However,  for  RH  >  30%,  the  surface  ionic 
current  is  much  greater  than  the  bulk  currents  in  most 
cases.  Fig.  10  shows  the  current-RH  curves  for  a 
variety  of  different  contaminants  on  an  interdigitated 
test  structure.  The  clean  surface  shows  much  lower 
current  at  high  humidity  than  any  of  the  contaminated 
surfaces.  Most  of  the  samples  show  an  exponential 
dependence  on  RH.  A  phenomenological  model  de¬ 
scribed  by  Comizzoli  [10]  explains  this  exponential  de¬ 
pendence.  All  of  the  samples  exhibiting  the  exponential 
dependence  were  substantially  ionic.  The  samples  that 
did  not  exhibit  the  exponential  dependence  had  very 
low  ionic  content.  The  Kuwait  sample  was  collected 
during  the  oil  fires  following  the  Gulf  War  and  is 
largely  carbonaceous.  The  Mt.  Pinatubo  sample  is  vol¬ 
canic  ash  from  the  recent  eruption. 

The  similarity  between  field  degradation  of  metalliza¬ 
tions  and  the  etch  processes  used  to  form  them  during 
manufacture  is  shown  in  Fig.  11.  In  this  illustration,  the 
anodic  reaction  leading  to  corrosion  of  the  metal  con¬ 
ductor  is  comparable  to  the  copper  and  titanium  etch 
reactions  described  above,  whereas  the  cathodic  reac¬ 
tion  is  reduction  of  water  or  H*^,  depending  on  the 
local  pH.  The  limited  amount  of  water  present  in  field 
corrosion  leads  to  precipitation  of  metal  hydroxides, 
whereas  with  etch  processes,  the  large  amount  of  water, 
coupled  with  solution  agitation,  prevents  most  of  the 
ions  formed  by  the  anodic  and  cathodic  reactions  from 
precipitating. 
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Fig.  10.  Leakage  current  at  various  relative  humidity  levels  for  the 
indicated  contaminants  deposited  on  an  interdigitated  test  structure. 
The  voltage  between  conductors  was  400  V. 
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Fig.  1 1.  Schematic  illustration  of  the  typical  reactions  associated  with 
electrolytic  corrosion  of  adjacent  conductors  of  opposite  electrical 
polarity. 

4.2.  Defect -free  cover  coats 

To  prevent  corrosion  of  electronics  in  field  environ¬ 
ment,  either  the  voltage  between  conductors  must  be 
reduced  to  levels  below  the  reaction  potential  of  the 
anodic  and  cathodic  corrosion  processes,  or  the  con¬ 
ducting  pathways  need  to  be  protected  by  a  coating 
that  keeps  contamination  and  moisture  from  coming  in 
contact  with  surfaces.  At  present,  all  but  a  few  inte¬ 
grated  circuits  are  powered  at  5  V  or  more.  Much 
higher  voltages  are  found  in  mainframe  computers  and 
telecommunications  equipment.  Environmental  con¬ 
cerns  and  heat  dissipation  issues  are  pushing  integrated 
circuit  designers  to  use  lower  voltages.  In  the  next  10 
years  it  is  likely  that  many  integrated  circuits  will 
operate  at  less  than  1  -2  V.  Whereas  the  electric  fields 
between  conductors  may  not  change  significantly,  since 
the  line  spacings  will  also  be  descreasing,  electrochemi¬ 
cal  reactions  will  be  prevented.  Even  so,  electrical  leak¬ 
age  issues  will  remain  important  and  there  will  still  be 
many  circuit  designs  that  require  much  higher  voltages. 
Fig.  12  illustrates  a  known  failure  mechanism  when 
closely  spaced  conductors  are  powered  with  a  differen¬ 
tial  of  a  few  hundred  volts.  In  the  absence  of  a  cover 
coat,  the  failure  process  described  in  Fig.  11  would 
have  been  operative,  and  the  anodic  conductor  would 
have  corroded  until  an  open  circuit  occurred.  With 
contamination  and  moisture  present  on  top  of  the 
covercoat,  the  potential  drop  between  the  component 
lead  and  the  interconnect  trace  on  the  circuit  board  is 
concentrated  across  the  covercoat.  An  arc  will  occur 
when  the  breakdown  voltage  of  the  covercoat  is  ex¬ 
ceeded.  This  breakdown  usually  occurs  at  weak  points 
(pinholes  or  thin  spots)  in  the  film.  For  this  and  other 
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reasons,  the  electronics  industry  has  made  a  substantial 
investment  in  the  development  of  effective  covercoats. 

Conformal  coatings  applied  to  a  circuit  board  after 
all  components  and  integrated  circuits  have  been  at¬ 
tached  are  very  effective  in  preventing  corrosion.  Sili¬ 
cones  and  polyimides  are  among  the  materials  that 
make  effective  conformal  coatings.  Unfortunately,  these 
coatings  add  too  much  cost  to  the  manufacturing  pro¬ 
cess  to  be  used  in  most  applications.  More  commonly, 
the  “resist”  material  used  to  pattern  solder  on  bonding 
pads  (for  subsequent  component  attachment)  is  left  in 
place  after  solder  deposition  to  serve  as  a  covercoat.  As 
shown  in  Fig.  12,  most  of  the  conductors  on  the  circuit 
board  are  covered  with  this  resist  coating  but  the  bond 
pads  are  not.  Thus,  in  addition  to  the  failure  process 
described  in  Fig.  12,  the  type  of  process  shown  in  Fig. 
1 1  can  occur  between  leads.  While  these  “solar  mask” 
coatings  are  not  as  effective  as  conformal  coatings, 
reliability  is  nevertheless  substantially  enhanced  by  their 
presence. 

Several  types  of  solder  masks  are  available.  The  most 
reliable  are  photodefineable  laminated  polymer  films, 
but  these  are  expensive  and  rarely  used.  More  common 
are  materials  that  can  be  applied  using  a  screening 
process.  These  are  inexpensive  but  tend  to  have  pin¬ 
hole  defects  that  result  from  bubble  formation  during 
application  and  cure.  In  recent  years  many  companies 
have  started  using  photodefineable  polymers  similar  to 
those  used  as  interlevel  dielectrics  for  multichip  mod¬ 
ules.  One  of  the  critical  reliability  requirements  with 
respect  to  polymeric  coatings  and  interlevel  dielectrics  is 
good  adhesion. 

4.3.  Polymer  I  metal  adhesion 

Improving  the  adhesion  of  coatings  and  interlevel 
dielectrics  requires  an  understanding  of  the  chemical  or 
physical  bonding  mechanisms.  Polyimide,  a  material 
used  throughout  the  industry,  and  a  proprietary  tri- 
azine-based  polymer  were  studied.  Photodefineable 
polyimides  are  known  for  their  excellent  adhesion  and 


Fig.  12.  Schematic  illustration  of  a  failure  mechanism  that  is  mani¬ 
fested  as  an  electrical  arc  between  a  component  lead  and  a  metal 
interconnect  trace  of  different  polarity  on  a  printed  wiring  board. 
Initially,  water  is  adsorbed  on  the  contaminated  surface  at  elevated 
relative  humidity.  The  potential  drop  is  concentrated  across  the 
covercoat.  An  arc  occurs  if  the  covercoat  breakdown  voltage  is 
exceeded. 


binding  energy,  eV 

Fig.  13.  C  Is  core  level  XPS  for  various  thicknesses  of  titanium 
deposited  on  100  Angstrom  of  a  triazine-based  polymer,  showing 
formation  of  the  Ti-C  bond  with  increasing  titanium  thickness. 
Spectra  were  taken  at  a  90°  takeoff  angle. 

thermal  stability,  but  can  exhibit  hydrolytic  instability. 
Photodefineable  triazine  polymers  are  hydrolytically 
stable  and  have  good  adhesion  properties  when  the 
polymer  is  Ar"^  sputtered  prior  to  metal  deposition, 
which  suggests  that  mechanical  bonding  may  be  impor¬ 
tant.  In  practice,  chromium  is  almost  always  used  as 
the  glue  layer  on  polyimide,  whereas  titanium  is  used  as 
the  glue  layer  on  triazine  polymers.  Several  different 
experiments  were  conducted  to  evaluate  the  mechanism 
of  titanium  and  chromium  adhesion  to  these  polymers. 

The  results  of  an  experiment  in  which  thin  layers  of 
titanium  were  evaporated,  in  situ,  on  triazine  in  an  XPS 
chamber  are  shown  in  Fig.  13  [11].  The  evolution  of  the 
C  1  s  core-level  XPS  spectra  as  the  thickness  of  the 
titanium  layer  increases  shows  that  the  polymer  and 
titanium  react  to  form  Ti-C  bonds.  The  attenuation  in 
the  intensities  of  the  signals  for  carbon  types  1  -4  is  due 
at  least  in  part  to  the  presence  of  the  Ti,  so  it  cannot  be 
determined  which  carbons  may  be  reacting  with  Ti 
from  these  data.  Regardless,  the  Ti-C  bonds  are  short 
lived.  Fig.  14  shows  that  aging  the  sample  for  60  days 
in  room  air  causes  most  of  the  Ti-C  bonds  to  be 
replaced  by  C-O  and  C=0  bonds,  suggesting  that 
oxygen  has  inserted  in  the  Ti-C  bonds. 

Although  the  XPS  data  are  informative  with  respect 
to  the  types  of  chemical  bonding,  they  do  not  give  a 
clear  picture  of  the  metal -polymer  structure.  Using  the 
synchrotron  facility  at  Brookhaven,  extended  X-ray 
absorption  fine  structure  (EXAFS)  studies  were  under¬ 
taken  [12].  The  data  show  that  Cr  forms  a  n  complex 
with  the  aromatic  ring  in  polyimide  and  with  the  triazine 
ring  in  the  triazine-based  polymer.  In  contrast,  the 
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Fig.  14.  C  Is  core  level  XPS  of  aged  in  air  and  non-aged  titanium 
deposited  on  100  .Angstrom  of  a  triazine-based  polymer,  showing  that 
aging  causes  the  conversion  of  the  Ti  C  bond  to  C--0  and  C-O 
bonds.  Spectra  were  taken  at  a  90°  takeotT  angle. 


results  for  Ti  support  the  conclusion  that  Ti  interactions 
with  either  polymer  are  through  Ti-O-C  bonding. 

Ar^  sputtering  was  found  to  improve  dramatically 
the  adhesion  of  Ti  to  the  triazine-based  polymer.  To 
understand  that  effect  of  Ar+  sputtering,  atomic  force 
microscopy  was  used  to  evaluate  untreated  and  sput¬ 
tered  triazine.  The  untreated  surface  shows  large  hills 
and  valleys  with  an  rms  roughness  of  66  nm.  The 
typical  width  of  the  hills  was  1.5  pm.  In  contrast,  the 
sputtered  polymer  showed  the  same  hills  and  valleys 
with  a  much  finer  level  of  roughness  on  top  of  the 
original  untreated  topography.  The  rms  of  the  fine 
features  was  30  nm  and  the  typical  width  was  100- 
200  nm. 

These  and  other  results  [11,12]  taken  together  show 
that  the  adhesion  of  Cr  to  polyimide  and  Ti  to  triazine- 
based  polymers  is  both  chemical  and  mechanical  when 
the  polymer  is  Ar^  sputtered. 


5.  Future  considerations 

As  the  widths  of  metal  conductors  and  bond  pads 
continue  to  decrease  and  functional  density  increases, 
the  uniformity  of  line  profiles  will  become  increasingly 
important.  Etch  processes  used  to  pattern  the  metalliza¬ 
tions  must  produce  nearly  vertical  side-walls,  undercut 
must  be  essentially  non-existent  and  corrosion  reactions 
that  would  consume  metal  or  lead  to  electrical  shorts 
must  be  controlled  to  currently  unmeasureable  levels. 
Continued  research  aimed  at  a  mechanistic  understand¬ 
ing  of  etch  processes  and  corrosion  phenomena  is 
needed.  Improvements  in  the  adhesion  of  metals  to 
silicon,  ceramics  and  polymers  and  of  polymers  to 
silicon,  ceramics  and  metals  are  also  required  to  im¬ 
prove  the  robustness  of  manufacturing  processes  and 
the  immunity  of  electronic  devices  and  equipment  to 
environmental  effects.  Use  of  analytical  techniques  such 
as  XPS,  EXAFS  and  AFM  will  be  a  key  to  meeting 
these  requirements. 
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Abstract 

The  corrosion  mechanism  and  corrosion  rate  were  studied  as  a  function  of  the  water  film  thickness  using  Kelvin  probe 
(non-contacting  reference  electrode)  and  impedance  methods.  Cathodic  polarization  curves  were  measured  at  diflferent  film 
thicknesses  on  copper,  platinum,  iron  and  gold  electrodes.  The  diffusion-limiting  current  of  oxygen  increased  with  decreasing 
thickness  to  around  20-30  pm,  and  then  decreased  with  decreasing  thickness.  The  corrosion  rate  of  copper  as  a  function  of  the 
water  film  thickness  was  measured  by  the  impedance  method.  It  was  confirmed  that  the  rate  is  constant  for  a  thick  film,  increases 
with  decreasing  thickness  to  give  a  maximum  and  then  decreases,  as  reported  by  Tomashov.  The  water  film  thickness  was 
measured  by  the  solution  resistance  of  the  water  film.  Using  the  impedance  method,  the  corrosion  rates  of  steels  were  monitored 
during  wet  and  dry  cycles.  The  importance  of  monitoring  the  corrosion  rate,  during  evaluation  or  conventional  corrosion  tests, 
is  illustrated  by  the  results. 

Keyyvords:  Kelvin  probe;  Limiting  current;  Water  film;  Wet  and  dry  cycle;  Corrosion  monitoring 


1.  Introduction 

The  atmospheric  corrosion  of  metals  and  alloys  has 
been  investigated  for  many  years;  the  importance  of 
this  type  of  corrosion,  indoors  and  outdoors,  is  now 
increasing.  The  major  problems  with  this  corrosion  are 
that  the  corrosion  reaction  occurs  under  a  thin  water 
film  and  the  concentration  of  electrolytes  in  the  water 
film  changes  significantly  with  wet  and  dry  cycles. 

In  the  1960s,  Tomashov  [1]  reported  that  the  rate  of 
corrosion  is  influenced  by  the  thickness  of  the  water 
film.  He  concluded  that  the  corrosion  rate  is  controlled 
by  the  diffusion-limiting  current  of  oxygen  when  the 
water  film  thickness  is  greater  than  the  diffusion  layer 
thickness  (Fig.  1).  Therefore  the  rate  is  not  affected  by 
the  water  film  thickness  for  very  thick  films,  e.g.  region 
IV  in  Fig.  1.  When  the  water  film  thickness  is  less  than 
that  of  the  diffusion  layers,  the  oxygen  diffusion  rate, 
which  is  equal  to  the  corrosion  rate,  increases  with  a 
decrease  in  the  water  film  thickness,  as  shown  in  region 
III.  On  the  other  hand,  the  anodic  reaction  rate  de¬ 
creases  with  decreasing  water  film  thickness  in  region 
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II,  because  the  solubility  of  the  reaction  products  de¬ 
creases  with  the  decreasing  amount  of  water  which 
exists  near  the  electrode  surface.  Therefore  Tomashov 
[1]  reported  that  a  maximum  corrosion  rate  appears 
around  several  micrometres. 

Since  the  interpretation  of  Tomashov’s  results  [1]  is 
reasonable,  it  has  been  widely  accepted  as  the  corrosion 


Thickness  of  moisture  film  ,  5 

Fig.  1 .  Dependence  of  the  corrosion  rate  on  the  water  layer  thickness 
(schematic,  after  Tomashov  [1]). 
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mechanism.  However,  few  data  are  available  on  the 
kinetics  of  oxygen  reduction  and  the  corrosion  reac¬ 
tions  in  very  thin  water  films  covering  a  metal  surface. 

In  this  paper,  the  mechanism  and  interpretation  men¬ 
tioned  above  are  examined  quantitatively  using  a 
Kelvin  probe  [2-4]  as  a  non-contacting  reference  elec¬ 
trode  and  an  impedance  method  for  monitoring  the 
corrosion  rate  under  a  thin  water  layer. 


2.  Diffusion-limiting  current  of  oxygen  in  the  water 
film  15,6] 

Stratmann  et  al.  [7]  applied  the  Kelvin  probe  method 
to  the  measurement  of  the  corrosion  potentials  of  steels 
and  other  metals.  They  developed  several  measurement 
systems  and  reported  the  relationship  between  the  cor¬ 
rosion  potential  and  the  corrosion  rate.  They  reported 
polarization  curves  showing  the  dififusion-limiting  cur¬ 
rent  of  oxygen  at  thin  water  films;  however,  no  system¬ 
atic  reports  of  the  oxygen  transport  kinetics  were  given. 
In  this  study,  polarization  curve  measurements  for 
different  water  film  thicknesses  and  electrode  materials 
are  made  to  examine  the  oxygen  transport  kinetics 
under  thin  water  films. 

2.7.  Kelvin  probe  for  referenee  electrode 

The  Kelvin  probe  has  been  used  to  measure  the 
contact  potential  difference  in  the  field  of  semiconduc¬ 
tor  physics  and  the  absolute  potential  of  an  electrode. 
The  main  feature  of  this  method  is  that  it  can  measure 
the  contact  potential  difference  between  a  reference 
electrode  in  air  and  an  electrolyte  solution  on  a  work¬ 
ing  electrode  which  is  placed  parallel  to  the  reference 
electrode. 

The  Kelvin  probe,  used  as  a  non-contacting  reference 
electrode,  has  been  described  elsewhere  [5].  In  this 
method,  the  potential  is  determined  as  a  bias  potential; 
the  induced  current  via  probe  vibration  is  minimal,  and 
it  takes  several  minutes  to  measure  the  potential  manu¬ 
ally. 


Fig.  2.  Cross-sectional  view  of  the  cell,  indicating  the  working  and 
coLinterelectrodes  and  pools  for  the  electrolyte  solution. 

and  the  length  is  8-10  mm.  The  cell  had  two  solution 
pools  which  served  to  minimize  the  change  in  thickness 
and  electrolyte  concentration  of  the  solution  by  evapo¬ 
ration  of  water  during  the  measurements.  The  countere¬ 
lectrodes  of  platinum  wire  were  immersed  into  the 
solution  pools.  Whole  electrode  configurations  were 
placed  in  a  closed  chamber  in  which  the  relative  humid¬ 
ity  and  temperature  were  controlled.  For  correction  of 
the  potential  measured  by  the  Kelvin  probe,  a  Luggin 
capillary  from  a  silver/silver  chloride  reference  electrode 
(SSE)  was  immersed  into  the  solution  pool.  Polariza¬ 
tion  curves  were  measured  with  galvanostatic  condi¬ 
tions.  The  relationship  between  the  potentials  measured 
by  the  Kelvin  probe  and  the  Ag/AgCl  electrode  showed 
a  good  linear  relation  for  a  wide  potential  range.  The 
potential  measured  by  the  Kelvin  probe  can  be  con¬ 
verted  to  that  measured  by  the  Ag/AgCl  electrode  by 
the  following  equation 

-0.484+I.028£Kciv,n  (D 

Copper,  iron,  platinum  and  gold  were  used  as  work¬ 
ing  electrodes.  Sodium  sulphate  solutions  of  0.05-1.0 
kmol  m  ^  were  used  as  electrolyte. 

2.3.  Cathodic  polarization  curves  under  a  thin  water 
film 


2.2.  Experimental  apparatus  and  conditions 

2.2.1.  Kelvin  probe 

A  gold  electrode  (0.5  mm  x  8  mm)  was  attached  to 
the  top  of  a  piezo-ceramics  actuator  which  enables  the 
tip  to  be  vibrated  up  to  100  pm.  This  electrode  was 
placed  just  above  the  working  electrode  which  was 
covered  by  a  thin  electrolyte  solution  layer.  The  vibra¬ 
tion  frequency  was  selected  in  the  range  50-200  Hz. 

2.2.2.  Electrochemical  cell 

A  cross-sectional  view  of  the  cell  is  shown  in  Fig.  2, 
where  the  width  of  the  working  electrode  is  0.2-1  mm 


The  cathodic  polarization  curves  of  copper,  iron, 
platinum  and  gold  in  a  solution  of  0.2  kmol  m“^ 
Na2S04  (thickness,  50  mm)  are  shown  in  Fig.  3.  It  can 
be  seen  that  all  curves  exhibit  a  region  of  diffusion-lim¬ 
iting  oxygen  current  as  well  as  a  region  of  hydrogen 
evolution. 

The  potential  of  hydrogen  evolution  on  gold  and 
platinum  is  about  0.5  V  more  positive  than  that  on 
copper  and  iron  because  of  the  lower  overpotential  for 
hydrogen  evolution.  These  results  are  consistent  with 
those  measured  in  bulk  solution. 

Fig.  4  shows  the  polarization  curves  of  platinum  in 
0.2  kmol  m  Na2S04  solution  as  the  thickness  is 
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Fig.  3.  Cathodic  polarization  curves  of  platinum,  copper,  iron  and 
gold  in  a  solution  of  0.2  kmol  Na2S04  (solution  thickness,  50 
//m). 

changed  from  300  to  5  \xm.  For  thicknesses  greater  than 
5  pm,  the  polarization  curves  exhibit  the  same  features 
as  those  in  bulk  solution,  except  for  the  different  values 
of  the  diffusion-limiting  current  at  different  thicknesses. 
However,  for  thicknesses  less  than  2  //m,  the  polariza¬ 
tion  curve  is  totally  different.  This  may  arise  from  the 
high  solution  resistance  which  will  lead  to  an  inhomo¬ 
geneous  current  distribution. 

2.4,  Diffusion -limiting  current  density  and  water  film 
thickness 

The  diffusion-limiting  current  density  of  oxygen,  de¬ 
termined  from  the  polarization  curve,  is  plotted  against 
the  water  film  thickness  in  Fig.  5  for  a  platinum  elec¬ 
trode.  The  limiting  current  increases  gradually  with 
decreasing  water  film  thickness.  With  a  further  decrease 
in  thickness,  the  current  reaches  a  maximum  and  then 
decreases.  It  is  well  known  that  the  limiting  current, 
controlled  by  diffusion  depends  on  the  diffusion  layer 
thickness  S 


Fig.  4.  Cathodic  polarization  curves  of  platinum  in  0.2  kmol  m 
Na2S04  at  different  water  film  thicknesses. 


Fig.  5.  Diffusion-limiting  current  density  of  oxygen  on  a  platinum 
electrode  vs.  the  water  film  thickness. 


k,,^  =  nFD^SJlS  (2) 

where  is  the  diffusivity  and  is  the  bulk  concen¬ 
tration  of  the  oxidant. 

When  the  thickness  of  the  water  film  d^  is  less 
than  that  of  the  diffusion  layer  in  the  bulk  solution, 
the  limiting  current  should  be  proportional  to  1/4,,,. 
As  shown  in  Fig.  6,  this  relation  is  observed  in 
thick  regions;  however,  it  deviates  from  a  linear  rel¬ 
ation  and  decreases  after  the  peak.  Assuming 
that  oxygen  at  the  water  film  surface  is  in  a  sat¬ 
urated  condition,  the  diffusivity  of  oxygen  is  cal¬ 
culated  to  be  2.9  X  10  3.5  x  10“^  and 

4.4  X  10“^  cm-  s  '  ‘  for  a  platinum  electrode  in  0.2, 
0.1  and  0.05  kmol  m^'"*  Na2S04  solutions  respec¬ 
tively.  The  calculated  diffusivity  should  be  cor¬ 
rected,  because  of  the  different  saturated  concentrations 
of  oxygen  in  solutions  of  different  salt  con¬ 
centration. 


Fig.,  6.  Diffusion-limiting  current  of  oxygen  reduction  on  a  platinum 
electrode  vs.  the  reciprocal  thickness  of  the  water  film. 
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Fig.  7.  Limiting  current  of  oxygen  reduction  on  a  copper  electrode  vs. 
the  water  film  thickness. 


2.5.  Effect  of  salt  concentration  and  cathode  material 

If  the  limiting  current  is  controlled  by  transport 
processes  in  the  water,  the  value  of  the  limiting  current 
should  not  be  affected  by  the  cathode  material  or  the 
type  and  concentration  of  the  salt  in  the  electrolyte. 
Fig.  7  shows  the  limiting  current  of  a  copper  electrode 
vs.  the  water  film  thickness  at  different  salt  concentra¬ 
tions.  In  this  case,  the  maximum  appears  at  a  slightly 
greater  thickness  compared  with  that  on  platinum.  A 
similar  behaviour,  showing  the  current  maximum,  was 
observed  on  iron  and  gold  electrodes,  and  confirmed  in 
a  KNO3  solution. 

From  Figs.  5  and  7,  it  is  worth  noting  that  the 
maximum  current  increases  with  a  decrease  in  the  con¬ 
centration  of  the  salt,  and  in  spite  of  the  different 
concentrations,  the  limiting  current  remains  almost 
constant  when  the  thickness  exceeds  about  150  //m. 
This  suggests  that  the  stagnant  diffusion  layer  thickness 
is  about  150  pm. 

2.6.  Limiting  current  during  dry  and  wet  processes 

The  limiting  current  was  measured  during  dry  and 
wet  processes  by  evaporation  and  addition  of  water.  In 
the  usual  case,  the  salt  concentration  of  the  surface 
water  changes  from  an  initial  concentration  to  satura¬ 
tion,  as  described  later.  However,  in  this  experiment, 
the  water  pools,  which  are  located  beside  the  electrode, 
act  as  a  buffer  for  the  change  in  salt  concentration  of 
the  solution  at  the  surface.  The  change  in  the  limiting 
current  is  shown  in  Fig.  8,  where  the  open  symbols 
denote  the  dry  process  and  the  filled  symbols  denote  the 
addition  of  water.  It  can  be  seen  that  a  current  maxi¬ 
mum  is  not  observed  on  drying,  but  is  observed  on 
addition  of  water. 

A  maximum  in  the  cathodic  limiting  current  is  found 
for  the  four  kinds  of  metals  in  solutions  with  various 
pH  values  and  different  salt  concentrations.  In  all  cir¬ 


cumstances,  the  thickness  at  which  reaches  a  maxi¬ 
mum  is  about  20  pm,  and  the  thickness  corresponding 
to  a  sudden  decrease  in  the  limiting  current  is  about 
10  pm. 

Stratmann  et  al.  [7]  have  reported  a  similar  result 
using  the  Kelvin  probe  method.  They  suggested  that  the 
occurrence  of  a  maximum  in  the  diffusion-limiting  oxy¬ 
gen  current  can  be  attributed  to  the  decrease  in  oxygen 
solubility  due  to  the  enrichment  of  solutes  during  dry¬ 
ing,  the  so-called  salting  out  effect. 

However,  in  our  results,  the  thickness  corresponding 
to  the  maximum  limiting  current  was  almost  the  same 
for  salt  concentrations  from  0.05  to  1  kmol  m“'\  and 
no  shift  of  the  current  maximum  was  observed.  In 
addition,  the  two  pools  located  on  both  sides  of  the 
electrode  must  be  greatly  reduced  in  size  in  order  to 
concentrate  the  salt  at  the  surface.  As  expected,  even 
under  dry  conditions,  no  salt  deposits  were  observed  on 
the  electrode,  although  the  limiting  current  showed  a 
considerable  decrease.  Moreover,  the  appearance  of  a 
sudden  decrease  in  at  a  thickness  of  10  pm  cannot 
be  explained  by  the  salting  out  effect.  The  results  shown 
in  Fig.  8  do  not  support  the  salting  out  effect. 

The  results  obtained  can  be  summarized  as  follows. 

(1)  When  the  water  film  thickness  exceeds  a  certain 
value,  around  150  pm,  the  limiting  current  is  not 
affected  so  strongly  by  the  salt  concentration. 

(2)  The  electrode  materials  do  not  affect  the  limiting 
current. 

(3)  The  limiting  current  increases  linearly  with  the 
reciprocal  thickness  as  it  decreases  to  10-30  pm.  The 
slope  of  this  linear  relation  increases  with  a  decrease  in 
the  salt  concentration. 

(4)  Below  a  thickness  of  around  10  30  pm,  the  limiting 
current  decreases  with  decreasing  thickness. 

(5)  The  maximum  of  the  limiting  current  depends  on 
the  salt  concentration  and  increases  with  a  lower  salt 
concentration. 


Fig.  8.  Cathodic  limiting  current  on  a  copper  electrode  vs.  the  water 
film  thickness. 
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Results  (1),  (2)  and  the  first  part  of  (3)  can  be 
interpreted  by  a  simple  diffusion-controlled  oxygen 
rate.  The  second  part  of  (3)  can  be  explained  by  the 
different  saturated  concentrations  of  oxygen  in  solu¬ 
tions  of  different  salt  concentrations;  however,  this 
conflicts  with  result  (1).  Moreover,  results  (4)  and  (5) 
cannot  be  explained  by  a  simple  diffusion-limited  oxy¬ 
gen  phenomenon.  Possible  interpretations  include:  (a)  a 
change  in  the  reaction  mechanism  of  oxygen  reduction 
with  the  pH  at  the  surface;  (b)  a  change  in  the  dissolu¬ 
tion  reaction  rate  at  the  gas-water  interface  with  the 
salt  concentration;  (c)  an  inhomogeneous  current  distri¬ 
bution  on  the  electrode  surface  because  of  a  very  high 
solution  resistance. 

The  experimental  results  described  above  support  the 
explanation  proposed  by  Tomashov  [1]  in  a  general 
sense;  however,  this  explanation  is  not  sufficient  to 
interpret  in  detail  our  results,  such  as  the  maximum  and 
decrease  in  the  limiting  current  with  a  decrease  in  the 
thickness. 


Fig.  9.  Electrochemical  cell  for  measurement  of  the  impedance  and 
corrosion  potential  during  water  film  corrosion:  (a)  top  view;  (b)  side 
view  (u’  =  10  mm;  /  =  0.1  -1.0  mm;  ^/=  0.1  -1.0  mm;  height  of  bank, 
0.5-1.0  mm). 


3.  Impedance  method  for  the  determination  of  the 
corrosion  rate  under  the  water  film  [8,9] 

The  use  of  the  impedance  method  to  measure  and 
monitor  the  corrosion  rate  has  been  applied  and  re¬ 
ported  for  various  corrosion  systems  by  many  workers. 
We  have  also  attempted  to  measure  the  corrosion  rate 
of  copper  under  a  thin  water  film.  The  impedance  data 
contain  information  about  the  corrosion  rate,  double 
layer  capacitance,  solution  resistance  and  other  kinetic 
information.  Since  the  solution  resistance  reflects  the 
thickness  of  the  water  layer  in  the  data  analysis,  the 
corrosion  rate,  which  corresponds  to  the  reciprocal  of 
the  corrosion  resistance,  and  the  solution  resistance 
should  be  analysed  carefully.  Here,  the  change  in  the 
corrosion  rate  with  decreasing  water  layer  thickness 
was  measured  during  drying  of  the  solution. 

3.1.  Experimental  apparatus  and  procedure 

3.1.1.  Electrochemical  cell  and  electrodes 

A  pair  of  copper  electrodes  (width,  10  mm;  thickness, 
0.1-1  mm)  were  mounted  in  epoxy  resin  a  distance  of 
0.1-1  mm  apart.  Around  the  surface  of  the  epoxy  resin 
(diameter,  40  mm),  a  bank  (height,  1  or  0.5  mm)  was 
attached  to  maintain  a  constant  thickness  of  the  solu¬ 
tion  at  the  start  of  drying.  A  schematic  diagram  of  the 
cell  is  shown  in  Fig.  9.  The  electrolyte  solution  was 
0.001-1.0  kmol  m“-^  Na2S04. 

3.1.2.  Experimental  procedure 

The  impedance  was  measured  between  two  electrodes 
at  10  kHz  and  10  mHz,  where  that  at  10  kHz  is 
considered  to  be  the  solution  resistance  and  that  at  10 


mHz  corresponds  to  the  corrosion  resistance.  The  cell 
was  dipped  into  the  solution  and  the  water  was  drained 
to  complete  dryness.  In  this  case,  the  water  layer  thick¬ 
ness  at  the  beginning  of  the  drying  process  was  always 
constant  in  spite  of  the  surface  tension  of  the  water. 
The  time  for  drying  was  controlled  by  the  relative 
humidity  of  the  chamber  which  contains  the  cell  assem¬ 
bly.  In  some  experiments,  the  impedance  over  the  whole 
frequency  range  was  measured. 

3.2.  Effect  of  water  layer  thickness  on  impedance 
characteristics 

When  the  water  layer  thickness  becomes  very  thin, 
the  current  is  distributed  inhomogeneously.  The  current 
is  localized  in  the  region  close  to  the  other  electrode 
because  of  the  very  high  solution  resistance  of  the  thin 
layer.  This  effect  and  the  theoretical  analysis  have  been 
reported  elsewhere  [10].  For  the  experimental  condi¬ 
tions  of  a  small  electrode  thickness  (less  than  1.0  mm) 
and  a  relatively  high  corrosion  resistance  (10  kQ  cm^), 
the  corrosion  resistance  measured  at  10  mHz  will  in¬ 
volve  an  error  of  less  than  0.1%  as  long  as  the  thickness 
is  greater  than  0.1  pm.  Therefore  the  impedances  mea¬ 
sured  at  10  kHz  and  10  mHz  are  considered  as  the 
corrosion  resistance  and  the  solution  resistance  respec¬ 
tively  assuming  a  simple  electrode  equivalent  circuit. 

3.3.  Change  in  impedance  during  drying 

Fig.  10  shows  a  typical  result  when  the  relative 
humidity  was  95%.  The  corrosion  rate  is  plotted  as  a 
reciprocal  of  the  corrosion  resistance  R^or  l^he  solu¬ 
tion  resistance  is  normalized  to  that  at  the  beginning  of 
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Fig.  10.  Change  in  the  reciprocal  corrosion  resistance  {corresponds  to 
the  corrosion  rate)  and  normalized  solution  resistance  during  the 
drying  process  in  95'‘<)  relative  humidity  (copper  electrode;  initial 
concentration.  1.0  mol  m  “  '  Na2S04  solution). 


drying.  The  corrosion  rate  decreases  at  the  initial  stage 
due  to  the  fresh  surface  exposed  to  the  solution:  it  then 
remains  at  a  constant  rate  for  several  hours.  Just  before 
complete  dryness,  the  corrosion  rate  increases  rapidly 
and  then  decreases.  On  the  other  hand,  the  solution 
resistance  decreases  almost  linearly  due  to  an  increase 
in  the  concentration  of  the  solute.  Before  complete 
dryness,  it  also  increases  abruptly.  After  this  rapid 
change  in  resistance,  the  solution  resistance  measure¬ 
ment  becomes  unstable,  since  the  water  film  becomes 
discontinuous  and  the  electrical  connection  between  the 
electrodes  becomes  very  narrow  and  unstable. 

The  change  in  solution  resistance  can  be  calculated 
by  assuming  a  constant  evaporation  rate  of  water. 
Calculated  and  measured  solution  resistances  are  shown 
in  Fig.  1 1  for  95%  relative  humidity.  The  simulation 
coincides  very  well,  and  so  we  can  calculate  the  water 
film  thickness  during  the  course  of  drying.  In  Fig.  12, 
the  corrosion  rate  shown  in  Fig.  10  is  plotted  against 
the  water  layer  thickness  estimated  from  the  solution 
resistance.  From  the  figure,  the  corrosion  rate  is  con¬ 
stant  betW'een  1  mm  and  100  pm;  it  increases  with  a 


Fig.  II.  Calculated  and  measured  normalized  solution  resistances 
during  drying.  Same  conditions  as  in  Fig.  10. 


Fig.  12.  Corrosion  rate  vs.  the  water  film  thickness  calculated  from 
the  solution  resistance.  Same  conditions  as  in  Fag.  10. 


further  decrease  in  thickness,  reaches  a  maximum  and 
then  decreases.  The  maximum  of  the  corrosion  rate 
appears  around  20  pm.  This  value  is  the  same  as  that 
reported  by  Tomashov  [1]. 

The  result  mentioned  above  is  very  similar  to  that 
described  in  Section  2:  how^ever,  it  should  be  noted  that 
Fig.  12  shows  the  corrosion  rate,  wdiereas  in  Section  2 
the  cathodic  reaction  rate  is  described.  In  spite  of  the 
different  kinds  of  rates  plotted,  it  is  very  interesting  that 
a  similar  behaviour  is  observed. 

In  summary,  impedance  analysis  for  corrosion  rate 
measurements  w^as  applied  successfully.  The  corrosion 
rate  depends  strongly  on  the  water  film  thickness  wJien 
it  is  less  than  100  pm.  It  exhibits  a  maximum  at  a 
thickness  of  around  20  pm  and  decreases  with  a  further 
decrease  in  thickness. 


4.  Monitoring  the  corrosion  rate  under  a  thin  water 
film  |11| 

For  atmospheric  corrosion  and  indoor  corrosion,  the 
corrosion  reaction  occurs  under  a  thin  water  film  or 
layer.  The  thickness  of  the  layer  varies  with  the  relative 
humidity,  temperature,  raindrops  or  sunshine.  These 
factors  wdiich  influence  the  corrosion  resistance  are 
usually  evaluated  by  an  exposure  test.  Moreover,  corro¬ 
sion  tests  for  coated  metals  and  surface-finished  steels 
are  conducted  with  w^et  and  dry  cycles  to  accelerate  the 
corrosion  damage.  An  evaluation  of  the  results  is  made 
by  w'eight  loss,  appearance  or  some  other  factor. 

We  have  attempted  to  develop  a  technique  to  moni¬ 
tor  the  corrosion  rate  during  testing  using  the 
impedance  method.  A  monitoring  method  based  on 
impedance  has  been  developed  by  Fiaruyama  and 
Tsuru  [12];  w^e  have  extended  this  method  to  corrosion 
during  w^et  and  dry  cycles  and  under  thin  w^ater  films. 
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4.1.  Experimental  apparatus  and  procedure 

4.1.1.  Electrochemical  cell  and  procedure 

The  cell  is  similar  to  that  shown  in  Fig.  9,  and 
copper,  pure  iron  and  mild  steel  (SS41)  are  used  as 
electrodes.  To  repeat  the  wet  and  dry  cycle,  the  solution 
was  pumped  to  and  drained  from  the  immersion  cham¬ 
ber  and  a  constant  water  layer  thickness  was  main¬ 
tained.  Usually,  for  ambient  temperature  and  humidity, 
it  takes  4-5  h  to  dry  completely,  so  that  the  cycle 
consists  of  1  h  immersion  in  the  solution  and  5  h  for 
drying.  The  impedance  of  the  cell  was  measured  at  10 
kHz  and  10  mHz  and  recorded  on  a  computer. 

4.2.  Change  in  corrosion  rate  during  wetjdry  cycles 

The  monitoring  of  the  corrosion  rate  of  mild  steel  in 
3%  NaCl  solution  is  shown  in  Fig.  13.  The  corrosion 
rate  increases  with  an  increase  in  the  number  of  cycles. 
Fig.  13(b)  shows  some  of  the  cycles,  where  the  wet 
(immersion)  cycle  starts  at  60  and  66  h  and  total 
dryness  is  achieved  at  63.5  and  69.5  h.  It  is  interesting 
that  the  corrosion  rate  shows  two  sharp  peaks  in  one 
wet/dry  cycle.  One  peak,  at  the  point  of  complete 
dryness,  should  be  the  same  as  that  observed  in  Fig.  10 
for  copper,  so  that  the  diffusion  of  oxygen  controls  the 
corrosion  rate.  The  other  peak  is  observed  for  mild 
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Fig.  13.  (a)  Change  in  the  corrosion  rate  during  wet  (1  h  immersion) 
and  dry  {5  h)  cycle  corrosion  test;  (b)  1 1th  and  12th  cycles  of  the  test. 
Mild  steel  (SS41)  and  3%  NaCI  solution. 


0  100  200  300 

Time,  f/h 

Fig.  14.  Change  in  the  corrosion  rate  monitored  by  the  impedance 
method  for  long-term  wet  and  dry  test  of  pure  iron  using  3%  NaCl 
solution. 


steels,  but  not  for  marine  steel  which  contains  a  small 
amount  of  Cu  and  P. 

The  rust  formed  during  polarization  experiments, 
which  has  completely  dried  out,  is  oxidized  to  higher 
oxidation  states  and  activates  the  cathodic  reduction 
reaction,  in  contrast  with  rust  kept  in  the  wet  condition. 
Therefore  we  can  conclude  that  dried  rust  promotes  the 
cathodic  reduction  itself;  it  then  works  as  an  oxidizer 
for  the  steel  beneath  the  rust  to  increase  the  corrosion 
rate  when  the  rusted  steel  becomes  wet  again.  A  similar 
discussion  can  be  applied  to  the  peak  of  the  corrosion 
current  at  the  beginning  of  immersion,  i.e.  the  corrosion 
products  formed  on  the  steel  surface,  when  dried,  act  as 
an  oxidizing  agent  for  steel  corrosion  when  the  surface 
becomes  wet  again.  Further  experiments  and  discussion 
are  required  on  this  topic. 


4.3.  Corrosion  rate  monitoring  for  corrosion  test 

According  to  the  results  described  in  the  preceding 
section,  this  method  is  applicable  to  the  evaluation  of 
the  corrosion  rate  and  for  monitoring  the  corrosion 
rate  during  corrosion  cycle  tests  even  if  a  dry  period  is 
used.  Fig.  14  shows  the  result  of  a  cyclic  corrosion  test 
of  pure  iron  for  340  h  using  3%  NaCl  solution.  In  this 
case,  the  rate  increases  gradually  and  becomes  constant 
after  300  h.  It  should  be  noted  that  the  electrode 
surface  is  covered  by  thick  corrosion  products  for  non¬ 
corrosion-resistant  materials,  so  that  the  time  required 
for  complete  dryness  increases  gradually.  When  seawa¬ 
ter  is  used  as  the  test  solution,  it  takes  a  very  long  time 
to  dry.  Furthermore,  very  thick  corrosion  products 
cover  not  only  the  electrode  surface,  but  also  the  insu¬ 
lating  gap  between  the  two  electrodes.  Even  for  these 
cases,  the  impedance  can  be  measured  and  reflects  the 
corrosion  rate.  Theoretical  and  practical  analysis  is 
required  to  interpret  the  impedance  in  detail. 
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Similar  experiments  have  been  performed  on  some 
plated  steels,  such  as  electroplated/non-electroplated 
zinc  and  zinc-aluminium  alloy  plating,  to  simulate  and 
evaluate  the  resistance  against  atmospheric  corrosion. 
The  compositions  of  the  solution  and  gas  atmosphere 
were  changed  to  simulate  environmental  conditions. 

For  the  indoor  corrosion  of  metals,  the  important 
factors  are  the  water  condensed  from  air,  the  gas 
dissolved  in  the  water  and  the  dust  particles  on  the 
surface.  This  situation  can  be  simulated  using  very  thin 
electrodes  and  an  insulating  gap.  Using  vacuum  evapo¬ 
ration,  an  electrode  assembly  can  be  fabricated. 

The  monitoring  of  the  corrosion  rate  during  the 
evaluation  test  is  very  important  for  the  investigation  of 
the  corrosion  mechanism  and  for  the  evaluation  of  the 
testing  method.  A  combination  of  this  method  with 
conventional  evaluation  and  test  techniques  will 
provide  a  powerful  tool  for  the  interpretation  of  results. 

In  summary,  the  impedance  method,  using  a  cell  with 
wet  and  dry  cycles,  reveals  a  change  in  the  corrosion 
rate  during  cycling.  The  dried  rust  formed  on  the  steel 
promotes  the  cathodic  reduction  itself;  it  then  works  as 
an  oxidizer  for  the  steel  beneath  the  rust  to  increase  the 
corrosion  rate  when  the  rusted  steel  becomes  wet  again. 
It  is  suggested  that  monitoring  the  corrosion  rate  by  the 
impedance  method  will  lead  to  considerable  informa¬ 
tion  when  combined  with  conventional  corrosion  cycle 
tests  and  exposure  tests  in  the  field. 

5.  Conclusions 

Focusing  on  the  corrosion  reaction  under  a  thin 
water  film,  three  sets  of  experiments  and  results  are 
described.  The  mechanism  and  rate-determining  steps 


for  this  type  of  corrosion  can  be  explained  in  a  general 
sense  according  to  Tomashov  [1].  However,  our  results 
reveal  some  conflicting  observations.  In  this  connection, 
we  wish  to  stress  that  electrochemical  approaches 
provide  a  powerful  tool  for  the  investigation  of  the 
corrosion  mechanism.  If  we  use  the  polarization  curves 
and  impedance  analysis  appropriately,  we  can  obtain 
useful  information  from  these  data. 
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Abstract 

The  growth  of  passive  film  on  iron  has  been  traced  during  potential  sweep  at  various  sweep  rates  in  a  neutral  borate  solution 
at  pH  8.4.  The  transient  thickness  increase  from  a  stationary  state  at  0.0  V  (vs.  Ag-AgCl)  was  measured  by  automated 
ellipsometry  by  which  the  ellipsometric  parameters  ^  and  A,  and  the  reflectivity  change  AR/R,  are  simultaneously  obtained.  The 
transient  thickness  change  and  the  complex  refractive  index,  N=n  ~  jk,  of  the  film  were  calculated  by  the  three  parameters.  The 
complex  refractive  index  of  the  film  during  the  transient  growth  is  estimated  to  be  A  =  2.18  -  0.352;  for  light  of  632.8  nm  wave 
length.  The  linear  potential  increase  initially  causes  an  increase  of  the  potential  difference  at  the  film/solution  interface,  where  the 
film  thickness  remains  constant  and  the  observed  current  increases  gradually.  In  the  latter  stage,  where  the  interfacial  potential 
difference  reaches  a  constant  value,  steady  growth  of  the  film  thickness  takes  place  and  the  current  reveals  an  almost  constant 
value.  The  interfacial  potential  difference  is  a  function  of  the  potential  sweep  rate,  and  accordingly  the  current  at  the  steady  film 
growth  stage  is  also  a  function  of  the  sweep  rate.  From  the  transient  change  of  the  film  thickness  and  current  during  the  potential 
sweep  at  various  sweep  rates,  the  interfacial  ionic  transfer  reactions  and  the  mechanism  of  the  film  growth  are  discussed. 

Keywords:  Passive  film;  Iron;  Ellipsometry;  Growth 


1.  Introduction 

The  growth  of  a  passive  film  on  iron  under  the 
non-stationary  condition  has  already  been  investigated 
by  several  authors  [1-3].  Since  the  investigation  by 
Sato  and  Cohen  [1],  two  mechanisms  have  been  pro¬ 
posed  for  the  growth  of  a  film;  the  ion-migration 
mechanism  and  the  place-exchange  mechanism.  In  both 
mechanisms,  the  ionic  flow  is  assisted  by  a  high  electric 
field  or  a  large  potential  difference  in  the  film.  The 
interfacial  reactions  at  the  film-solution  interface  under 
the  non-stationary  condition  were  experimentally  and 
theoretically  investigated  by  Vetter  and  Corn  [3]  and 
Heusler  [4].  They  proposed  two  ionic-transfer  reactions 
of  film  formation  and  film  dissolution,  reaction  rates  of 
which  strongly  depend  on  the  interfacial  potential 
difference.  Furthermore,  Kirchheim  [5]  performed  a 
computer  simulation  of  non-stationary  film  growth  ac¬ 
cording  to  Vetter’s  model  [3].  The  simulation  result 
indicated  that  the  model  combining  field-assisted  ionic 
migration  through  the  passive  film  with  the  transfer 


reactions  at  the  film -solution  interface  can  quantita¬ 
tively  explain  experimental  results  on  current,  potential, 
and  film  thickness  obtained  in  neutral  solution  by  Sato 


Fig.  1.  Schematic  representation  of  reactions  of  the  iron  electrode 
covered  with  passive  oxide  film. 
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and  Cohen  [1]  and  in  acidic  solution  by  Vetter  and 
Corn  [3]. 

Since  the  ellipsometry  technique  is  sensitive  to 
changes  of  thickness  and  optical  properties  of  the  sur¬ 
face  films,  it  has  been  applied  to  passive  film  on  iron  by 
several  authors  [6-14].  On  the  growth  mechanism  of 
passive  films,  most  of  the  authors  discussed  it  from 
ellipsometric  measurements  during  the  potentiostatic 
oxidation  started  from  the  film-free  surface.  Since  initial 
oxidation  of  the  film-free  surface  takes  place  with  a 
relatively  high  reaction  rate  and  a  complicated  behav¬ 
ior,  the  discussion  on  the  film  growth  cannot  be  made 
in  detail  from  these  results.  Sato  and  Noda  [6],  on  the 
other  hand,  measured  thickness  of  the  stationary  films 
that  were  obtained  by  long-time  oxidation  at  various 
potentials  in  acidic  phosphate  solution  at  various  pH 
values.  They  explained  the  potential  and  pH  depen¬ 
dences  of  the  film  thickness  by  field-assisted  ionic  mi¬ 
gration  connected  with  the  ionic  transfer  interfacial 
reactions. 

In  this  paper  we  measure  the  growth  of  passive  film 
on  iron  with  linear  potential  increase  in  a  borate  solu¬ 
tion  at  pH  8.4  by  an  automated  three-parameter  ellip- 
someter  [15].  The  non-stationary  film  growth  starts  with 
a  thin  stationary  oxide  film  which  was  obtained  by 
long-time  oxidation  at  0.0  V.  From  the  transient 
growth  of  the  thickness,  we  discuss  the  potential  distri¬ 
bution  and  the  growth  mechanism. 

2.  Film  growth  model 

The  film  growth  under  the  non-stationary  condition 
was  described  in  the  ionic  transfer  model  by  Vetter  and 
Corn  [3]  and  Sato  and  Noda  [6].  When  we  assume 
Fe203  for  the  passive  film  on  iron,  the  ionic  transfer  in 
the  passive  oxide  film  can  be  illustrated  in  Fig.  1 .  At  the 
iron  metal/film  interface  a  charge  transfer  reaction 

takes  place: 

F^[M]  f^^[ox]  T 

The  Fe^+  ion  then  migrates  to  the  film/solution 
interface  owing  to  a  large  potential  difference  or  a  high 
electric  field  in  the  film. 

f^^{M/ox]  (2) 

The  migration  rate  under  the  large  potential  difference 

is  followed  by  the  high  field-assisted  ionic  migration 
mechanism  [3,6] 

/  zaF  \ 

=  W)  expl  ^  j  (3) 

or  by  the  place-exchange  mechanism  [1] 

iip  =  hpm  exp^  -  dB^  (4) 


In  Eqs.  (3)  and  (4),  is  a  potential  difference  in  the 
film,  d  is  the  film  thickness,  and  /2m{())  hp(0)  are 

exchange  currents.  In  Eq.  (3),  r  and  a,  respectively,  are 
the  ionic  valency  of  migration  and  the  jumping  distance 
for  ion  migration.  In  Eq.  (4),  B  is  an  activation  energy 
at  unit  thickness  and  /i,-  is  a  acceleration  coefficient 
related  to  the  potential  difference  in  the  film. 

At  the  film/solution  interface  the  following  two  reac¬ 
tions  take  place  and  their  rates  depend  on  the  interfa¬ 
cial  potential  difference  according  to  the  Tafel  law.  The 
first  one  is  a  film  formation  reaction,  where  an  anionic 
species  transfers  from  solution  to  oxide  film  at  the 
interface  with  the  thickness  growth  and  vice  versa  with 
the  thickness  decrease; 

H20[soln)^2^[iln]  +  ^fox] 

The  second  is  a  Fe'^^  dissolution  reaction,  where  a 
cationic  species  transfers  from  oxide  film  to  solution; 

(6) 

Under  the  stationary  state,  since  the  thickness  remains 
constant,  reaction  (5)  is  in  equilibrium,  and  the  ob¬ 
served  current  is  thus  in  agreement  with  the  rate  of 
reaction  (6).  Under  the  non-stationary  condition,  the 
ionic  species  flowing  through  the  film  is  consumed  by 
both  reactions,  with  the  reaction  currents  depending  on 
the  potential  difference  at  the  film/solution  interface. 

/  =  +  4liss 

i['  ~  ^r.()[^xp(A£'[^^,,^  exp(  fi .....  3)]  (8) 

/dis.s  =  (9) 

where  and  are,  respectively,  the  currents  of  the 
reactions  (5)  and  (6),  /jo  is  an  exchange  current  of 
reaction  (5)  at  a  potential  difference  under  the  station¬ 
ary  state,  /ji,,  0  is  a  current  of  reaction  (6)  under  the 
stationary  state  where  the  reaction  (6)  is  not  in  equi¬ 
librium,  so  that  the  reverse  reaction  of  the  reaction  (6) 
may  be  ignored,  and  is  an  over-potential  for 

the  interfacial  reaction  (5),  which  corresponds  to  a 
potential  difference  between  the  stationary  and  non-sta¬ 
tionary  states. 

From  mass  balance  of  the  flowing  ions,  the  current 
measured,  /,  is  considered  to  be  related  to  the  rates  of 
the  reactions  (1),  (2),  (5),  (6). 

^  =  h  =  Um  (or  /2p)  =  /r+  /diss  (10) 

Since  the  thickness  growth  of  the  film  takes  place 
according  to  reaction  (5),  the  growth  rate,  dd/dt,  can  be 
related  with  the  current  /V 

d=Kdid)ldt  (11) 

where  d  is  film  thickness  and  K  a  conversion  factor 
from  the  thickness  to  charge  accumulated  in  the  film. 
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Under  the  stationary  condition,  since  the  thickness 
remains  constant,  the  following  equations  are  estab¬ 
lished. 

/r=0  (12) 

and 

'  =  4m  (or  z'zp)  = /di.«  (13) 

Under  the  non-stationary  condition,  the  measurable 

variables  are  d,  i  and  E.  The  Fe"^  +  dissolution  current  is 
calculated  in  the  following  way. 

W)/dr  (14) 

The  distribution  to  and  A£'[ox/soln]  of  the  ap¬ 

plied  potential  can  be  estimated  from  the  transient 
change  of  film  thickness,  as  will  be  discussed  later. 
In  the  later  section,  from  rearrangement  of  the  rela¬ 
tions  among  (or  kp).  h  and 

under  the  linear  potential  sweep  at  various  sweep 

rates,  the  growth  mechanism  of  the  passive  film  will  be 
discussed. 


3.  Experimental  details 

The  electrode  used  was  polycrystalline  iron  of  99.99% 
purity  in  sheet  form  purchased  from  Johnson -Matthey. 
The  electrode  was  cut  in  a  rectangular  form  of 
1  X  1  xO.l  cm'^  with  a  small  tab  for  the  electrical 
connection.  The  specimen  was  mechanically  polished 
with  alumina  abrasive  of  0.05  pm  diameter. 

The  ellipsometer  and  the  cell  for  the  in-situ  measure¬ 
ment  have  been  described  in  previous  work  [15].  It  is  a 
rotating-analyzer  type  of  apparatus  in  which  the  ellip- 
sometric  parameters  ^  and  A  and  the  reflectivity  R  are 
monitored  simultaneously  every  1  s.  From  three 
parameters,  the  three  unknowns  of  the  refractive  index, 
extinction  index  and  thickness  of  the  surface  film  on 
electrodes  are  determined  without  any  assumptions. 
The  measurement  was  made  at  an  incidence  angle  of 
60.15°  with  light  of  632.8  nm  wavelength  from  a  He- 
Ne  laser. 

The  electrolyte  solution  was  a  1:1  mixture  of  0.30 
mol  dm^'"*  boric  acid  and  0.075  mol  dm“‘^  sodium 
borate  at  pH  8.4,  which  was  prepared  from  analytical 
reagents  and  pure  water  obtained  by  deionization  and 
subsequent  distillation  in  a  glass  vessel.  The  electrolyte 
solution  was  purged  by  pure  nitrogen  gas  for  3  h  or 
longer  before  experiments. 

The  experiment  started  with  initial  cathodic  reduc¬ 
tion  at  —0.85  V  vs.  Ag-AgCl  electrode  at  saturated 
KCl  solution  for  1800  s  to  obtain  the  film-free  surface. 
The  anodic  oxidation  was  then  performed  at  0.00  V  for 
1000  s.  After  the  oxidation  the  potential  was  raised 
from  0.00  V  to  0.90  V  by  potential  sweep  at  sweep  rates 
from  0.001  to  0.1  V  s“'.  The  stationary  film  at  0.00  V 


Time.  i:.  /  1  O  ^  s 


Fig.  2.  Change  of  (A)  potential  E  and  current  /,  and  ellipsometric 
parameters  (B)  T  and  A,  and  (C)  AR /R  during  the  potential  sweep  from 
0.00  V  (vs.  Ag~AgCl)  to  0.90  V  at  a  sweep  rate  of  0.002  Vs”'.  The 
passive  film  was  formed  at  0.00  V  for  1000  s  before  the  potential  sweep. 

and  the  non-stationary  film  growth  during  the  potential 
sweep  was  traced  by  the  ellipsometer. 

4.  Results 

4.1.  Ellipsometry 

Fig.  2  shows  an  example  of  the  changes  of  current  i 
and  ellipsometric  parameters  (4^,  A  and  /ARjR)  during 
the  potential  sweep  from  0.00  V  to  0.90  V  at  a  sweep 
rate  of  0.002  V  s“\  where  AR/R  was  the  reflectivity 
change  with  respect  to  the  reflectivity  of  the  film-free 
surface  obtained  by  the  cathodic  reduction  at  —  0.85  V. 
The  current,  as  shown  in  Fig.  2(A),  remains  a  small 
value  at  the  initial  stage  of  the  potential  sweep  and  then 
increases  gradually  with  increase  of  potential.  After 
reaching  a  maximum,  the  current  then  becomes  an 
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almost  constant  value.  The  transient  change  of  current 
is  interpreted  by  a  gradual  change  of  the  potential 
difference  at  the  film/solution  interface,  which  will  be 
discussed  later.  The  change  of  the  ellipsometric  parame¬ 
ters,  as  shown  in  Figs.  2(B)  and  2(C),  corresponds  to 
the  film  growth  during  the  potential  increase.  These 
changes  are  small  in  the  initial  stage  and  increase  in  the 
latter  stage  of  the  high-potential  region. 

From  the  changes  of  the  parameters,  the  complex 
refractive  index,  N=n—jk  (/?,  refractive  index;  /e,  ex¬ 
tinction  index),  of  the  surface  film  was  estimated  from 
the  growing  film  model.  Fig.  3  shows  a  comparison 
between  the  experimental  results  and  the  theoretical 
curves  calculated  from  the  model  in  which  the  flat  and 
homogeneous  layer  is  assumed  to  form  as  an  interfacial 
phase  between  the  substrate  and  the  solution.  In  Fig.  3 
the  experimental  relations  between  ^  and  A,  and  be¬ 
tween  ARjR  and  A,  are  plotted  as  well  as  the  theoreti¬ 
cal  relations  calculated  as  a  parameter  of  thickness  with 
complex  refractive  indices  of  =  2.1 1  —  0.330/’, 
A^  =  2.18  -  0.3527,  and  N=  2.21  -  0.359/  For  the  calcu¬ 
lation,  a  complex  refractive  index  of  the  substrate, 
A^=  3.122  —  3.255/  was  assumed,  which  corresponded 
to  the  value  of  =  30.08''  and  A=  140.30°  measured 
for  the  film-free  iron  surface  from  the  cathodic  reduc¬ 
tion  at  “  0.85  V.  The  calculation  was  made  numeri¬ 
cally  with  a  computer  program  from  Fresnefs  and 


1 3^  1 35  1  30  1  3T  1  33 


(B)  A  /  • 

Fig.  3.  Comparison  between  experimental  loci  and  theoretical  curves 
of  (A)  and  (B)  AR/R-A  relations  for  growing  film  with  complex 
refractive  indices:  curve  (1),  7^  =  2.11—0.330/;  curve  (2), 

yV  =  2.18  -0.3527;  curve  (3),  yV=  2.27  -  0.359/. 


9  10  11  12  13  14 
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Fig.  4.  Change  of  film  thickness  d  and  potential  E  with  time  during  a 
potential  sweep  from  0.00  V  to  0.90  V  at  a  sweep  rate  of  0.002  Vs 

Drude’s  equations  for  light  reflection.  The  agreement 
between  the  experimental  loci  and  the  theoretical  curve 
for  the  T^-A  and  ARIR  -A  relations  indicates  that  the 
value  of  complex  refractive  index  of  the  film  corre¬ 
sponds  to  a  unique  theoretical  solution.  Thereafter 
we  estimate  the  thickness  of  the  film  from  the  aver¬ 
age  value  of  the  complex  refractive  index,  N  = 
2.18  -  0.352/,  of  the  film. 

4.2.  Thickness -potential  relation 

Fig.  4  shows  an  example  for  the  thickness  calculation 
during  potential  sweep.  In  Fig.  4  the  sweep  rate  is  0.002 
V  s“k  In  the  initial  stage,  the  thickness  of  the  film 
remains  constant  at  2.4  nm,  which  is  same  as  the 
stationary  thickness  at  0.00  V.  After  140  s  from  the 
beginning  of  the  potential  sweep,  the  film  starts  to 
grow.  The  time  at  which  the  thickness  starts  to  increase 
corresponds  to  the  time  at  which  the  current  starts  to 
increase  gradually  in  Fig.  2. 


0.(0  0.2  0.4  0.e  0.8 


E/V  vs.  — ASCJL 

Fig.  5.  Change  of  film  thickness  d  with  potential  E  during  potential 
sweep  at  various  sweep  rates;  curve  (1),  0.001;  curve  (2),  0.002;  curve 
(3).  0.01;  curve  (4),  0.05  V  s“  '.  The  circles  indicate  thickness  ob¬ 
tained  by  stepwise  oxidation  from  0.00  V  to  0.90  V. 
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Fig.  6.  Change  of  current  i  with  potential  E  during  potential  sweep  at 
various  sweep  rates:  curve  (1),  0.001;  curve  (2),  0.002;  curve  (3),  0.01; 
curve  (4),  0.05  Vs”'. 

Fig.  5  shows  the  thickness  increase  as  a  function  of 
potential  during  the  potential  sweep  at  various  sweep 
rates.  In  Fig.  5  the  stationary  thickness  is  also  plotted, 
which  was  calculated  from  an  ellipsometric  measure¬ 
ment  by  a  stepwise  oxidation  from  0.00  to  0.90  V.  In 
the  stepwise  oxidation  the  electrode  was  kept  at  each 
potential  for  1000  s.  The  thickness  during  potential 
sweep  strongly  depends  on  the  sweep  rates.  If  being 
compared  at  constant  potential,  the  thickness  decreases 
with  increasing  sweep  rate.  Fig.  6  shows  the  current 
measured  during  the  potential  sweep,  where  the  current 
changes  in  logarithmic  scale  with  the  sweep  rates.  From 
comparison  of  the  thickness  data  in  Fig.  5  with  the 
current  data  in  Fig.  6,  it  is  seen  that  the  thickness  does 
not  increase  in  the  initial  period  where  the  current 
gradually  increases  with  potential;  it  increases  linearly 
with  potential  after  the  current  maximum.  The  poten¬ 
tial  width  of  the  initial  region,  in  which  the  thickness 
remains  constant,  increases  with  increasing  sweep  rate. 


5.  Discussion 

5.1.  Potential  distribution 

The  changes  of  thickness  of  the  passive  film  and 
current  during  the  potential  sweep  starting  from  the 
stationary  film  at  0.00  V  are  schematically  illustrated  as 
Fig.  7.  The  initial  increase  of  potential  does  not  bring 
about  the  thickness  growth.  In  this  potential  region, 
denoted  as  region  (B),  the  thickness  remains  same  as 
the  stationary  thickness  at  0.0  V,  and  the  current 
gradually  increases.  The  thickness  growth  starts  at 
higher  applied  potentials.  In  the  potential  region  de¬ 
noted  as  region  (C),  the  thickness  grows  linearly  with 
potential,  while  the  current  reveals  an  almost  constant 
value. 


The  above  transient  change  can  be  interpreted  from 
the  model  illustrated  in  Fig.  8  for  the  distribution  of 
applied  potential.  In  the  initial  potential  increase,  the 
increasing  applied  potential  appears  at  the  film/solution 
interface.  The  increase  of  the  potential  difference  at  the 
interface  mainly  causes  an  increase  of  the  ionic  transfer 
of  Fe-^  ion  from  the  film  to  the  solution  (reaction  (6)) 
and  consequently  results  in  the  gradual  increase  of 
current.  At  the  latter  stage  the  potential  difference  at 
the  interface  remains  constant,  while  the  increasing 
applied  potential  appears  in  the  film;  the  growing  po¬ 
tential  difference  in  the  film  brings  about  the  thickness 
increase. 

5.2.  Relation  between  the  potential  difference  and  the 
reaction  rate  at  the  interface 

As  illustrated  in  Fig.  8(B),  the  over-potential  of  the 
interfacial  potential  difference  during  the 

steady  growth  of  the  passive  film  can  be  estimated  from 
the  potential  region  (B)  in  Fig.  7  for  various  sweep 
rates;  i.e.  the  applied  potential  is  placed  at  the  interface 
until  the  steady  growth  of  the  film  starts.  This  over-po¬ 
tential  at  the  interface  is  seen  to  increase  with  increase 
of  the  sweep  rate  in  Figs.  5  and  6. 

The  partial  interfacial  currents  for  reactions  (5)  and 
(6)  were  estimated  from  the  comparison  between  the 
thickness  increase  and  the  charge  passed  during  poten¬ 
tial  sweep.  The  rate  of  thickness  increase  is  propor¬ 
tional  to  the  current  of  reaction  (5),  (Eq.  (H)),  and 
the  current  experimentally  obtained  is  equal  to  the  total 


T  i 


Fig.  7.  Scheme  of  change  of  potential  F,  thickness  d  and  current  i 
during  potential  sweep:  region  (A),  stationary  state  at  0.00  V;  region 
(B),  initial  non-stationary  state;  region  (C),  non-stationary  state  in 
which  a  steady  growth  of  the  film  takes  place.  The  data  correspond  to 
those  obtained  at  a  sweep  rate  of  0.005  V  s“ 
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(A)  stationary  State 
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(B)  Initial  Nonstationary  State 


(C)  Nonstationary  State  of  Steady  Film  Growth 


Fig.  8.  Schematic  representation  of  potential  distribution  under  non¬ 
stationary  state  during  potential  sweep:  (A)  stationary  state;  (B) 
initial  non-stationary  state;  (C)  non-stationary  state  of  steady  film 
growth. 


current  /V+^diss  (Eq.  (10)).  Fig.  9  shows  the  relation 
between  the  thickness  increase  and  the  amount  of 
charge  passed  with  the  sweep  rate  as  a  parameter.  The 
lower  value  of  ddjdQ  corresponds  to  the  lower 


Fig.  9.  Comparison  between  charge  passed  and  thickness  increase 
during  potential  sweep  at  various  sweep  rates;  curve  (1),  0.001;  curve 
(2),  0.005;  curve  (3),  0.01;  curve  (4),  0.05  V  s“  '. 


Fig.  10.  Film  formation  current  /(-and  Fe-^"^  dissolution  current  /jj,, 
vs.  non-stationary  potential  difference  £'[ox/soin]>  ^t  the  film/solution 
interface  at  the  steady  film-growth  stage  during  potential  sweep. 


efficiency  of  the  film  growth.  It  means  that  the  ratio  of 
/f/(/r+  ^diss)  becomes  smaller  with  the  higher  sweep  rate. 
Since  at  the  sweep  rate  of  0.001  V  the  is 
considered  to  be  much  smaller  than  the  film  growth 
may  take  place  at  100%  efficiency;  /f/(/V  +  ?diss)  =  1-  The 
ratio  0/(4+ ^dis.s)  for  the  other  sweep  rates  can  be  esti¬ 
mated  from  the  comparison  of  ddjdQ  obtained  at 
various  sweep  rates  with  that  at  the  sweep  rate  of  0.001 
V  s“  *.  The  value  of  4 and  can  thus  be  derived  from 
the  ratio  and  the  total  current. 

In  Fig.  10  the  calculated  partial  currents  4  and  4}^,, 
are  plotted  against  the  interfacial  over-potential  ob¬ 
tained  at  various  sweep  rates.  The  plots  do  not  reveal  a 
good  linear  relation:  a  tendency  is,  however,  observed 
that  both  the  partial  currents  increase  with  increase  of 
the  interfacial  potential  difference.  When  a  linear  rela¬ 
tion  is  assumed  in  Fig.  10  for  both  the  partial  currents, 
the  Tafel  coefficients  are  calculated  to  be  0.20  V  per 
decade  for  reaction  (5)  and  0.11  V  per  decade  for 
reaction  (6).  If  we  assume  that  the  transfer  ion  across 
the  film/solution  interface  is  univalent,  the  charge  trans¬ 
fer  coefficients  are  aj-=0.33  for  reaction  (5)  and 
^^  =  0.54  for  reaction  (6).  The  possible  reaction 
schemes  may  be  described  as  follows  for  the  film  forma¬ 


tion  of  reaction  (5), 

^2^^150111]  +  H[4in]  (5a) 

(5b) 

and  for  the  Fe-^”^  dissolution  of  reaction  (6): 

Fe^^S  +  2H,0  -Fe(OH)2V]  +  (6a) 

Fe(OH)2V^  -  Fe(OH)2V,n]  (6b) 
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5.3.  Electric  field  in  the  passive  film 

In  the  latter  stage  of  the  sweep  measurement,  a  steady 
growth  of  the  film  is  observed  with  the  increase  of 
potential.  In  this  region  the  potential  difference  at  the 
film/solution  interface  is  assumed  to  be  constant,  and  an 
additional  applied  potential  is  placed  on  the  film.  The 
linear  thickness-to-potential  relation  in  Fig.  5,  therefore, 
reflects  an  electric  field  strength  in  the  film  during  the 
steady  growth  in  thickness  under  the  constant  current. 
The  electric  fields  estimated  from  dE/dd  for  various 
sweep  rates  are  given  on  the  abscissa  in  Fig.  11,  where 
the  current  during  the  steady  growth  in  thickness  is 
plotted  against  the  field  strength  in  the  film.  The  current 
i  corresponds  to  the  ionic  migration  current,  /2m  or  /2p, 
through  the  film  according  to  Eq.  (10).  The  plot  indicates 
that  the  logarithm  of  the  migration  current  increases 
with  the  electric  field  in  the  current  region  below  10“"^ 
A  cm“^.  At  currents  above  10“"^  A  cm“^,  the  film 
composition  and  the  growth  mechanism  may  be 
changed,  probably  because  the  growth  rate  is  too  high 
to  form  a  distinct  oxide  film.  The  relation  between  log(/) 
and  dE/dd  can  be  described  by  the  following  equation 
at  currents  below  10^“^  A  cm“^. 

\n(i)  =  \n{i^)  +  DidEld{d))  (15) 

where  /o  =  5.8  x  10~^^  A  cm“^  and  JO  =  88  nm 

The  relation  corresponds  to  Eq.  (3)  for  the  field-as¬ 
sisted  ion  migration  mechanism,  where  Iq  is  an  exchange 
current  under  the  zero  field  and  Z)  is  a  constant  given  by 
D  =  zaF/RT.  The  jumping  distance  calculated  from 
z  =  3  is  a  =  2.2  nm,  which  seems  to  be  too  large  for  the 
lattice  of  Fe203.  Other  mechanisms  like  place  exchange 
may  be  included  partially.  In  the  place-exchange  mecha- 


Fig,  1 1 .  Relationship  between  the  electric  field  strength  and  the  ionic 
current  in  the  passive  film  at  the  steady  film-growth  stage  during 
potential  sweep. 


nism  the  electric  field  in  the  film  is  expected  to  be 
constant,  not  depending  on  the  migration  current. 

6.  Conclusion 

The  non-stationary  growth  of  passive  film  on  iron  was 
investigated  in  a  neutral  borate  solution  by  automated 
ellipsometry.  The  following  conclusions  may  be  drawn. 

(1)  The  complex  refractive  index  of  the  passive  film 
under  non-stationary  condition  is  A  =  2.18  —  0.352y 
at  632.8  nm  wavelength  of  light. 

(2)  The  non-stationary  film  growth  during  a  potential 
sweep  from  the  stationary  state  at  0.0  V  (vs.  Ag- 
AgCl)  to  the  higher  potentials  can  be  divided  into 
two  stages.  In  the  initial  stage  the  current  increases 
gradually  with  increase  of  potential,  while  the  film 
thickness  remains  constant.  In  the  latter  stage  the 
current  remains  almost  constant,  whereas  the  film 
thickness  increases  linearly  with  increase  of  poten¬ 
tial.  This  behavior  can  be  explained  from  the  distri¬ 
bution  of  increasing  applied  potential;  the 
increasing  applied  potential  is  initially  placed  at  the 
film/solution  interface  and  in  the  latter  stage  ap¬ 
pears  in  the  film. 

(3)  The  thickness  increase  and  current  variation  during 
the  potential  sweep  strongly  depend  on  the  poten¬ 
tial  sweep  rate.  From  estimation  of  the  non-station- 
ary  potential  differences  in  the  film  and  at  the 
film/solution  interface,  the  growth  mechanism  of 
the  film  and  the  interfacial  reactions  were  discussed. 
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Abstract 

Localized  corrosion  continues  to  be  a  major  cause  of  degradation  failure  in  a  wide  variety  of  technological  applications.  The 
propagation  stage  of  failure  is  no  longer  a  fundamentally  difficult  job  to  characterize  for  pits  and  stress  corrosion  cracks,  for 
example.  It  is  the  initiation  stage  that  remains  difficult  to  characterize,  arising  in  part  because  of  the  difficulty  in  being  able  to 
predict  where  and  when  localized  attack  will  occur.  Recent  developments  in  scanned  probe  techniques  have  created  renewed 
interest  in  this  problem.  The  present  paper  will  describe  some  of  the  recent  advances  in  optical,  electrochemical  and  photoelectro¬ 
chemical  techniques  that  are  directed  at  providing  local  information  on  precursor  sites  and  vulnerable  areas  on  metal  and 
semiconductor  surfaces. 

Key^vords:  Corrosion;  Degradation  failure;  Pitting  precursor  sites 


1.  Introduction 

Corrosion  processes  have  a  major  financial  impact  on 
many  industries.  Because  of  this,  the  detection  of  corro¬ 
sion  for  preventive  purposes  and  new  methods  for 
studying  the  corrosion  process  are  of  great  practical 
interest.  While  corrosion  can  be  a  problem  for  any 
material,  the  major  focus  here  is  on  the  corrosion  of 
metals.  It  is  the  degradation  in  physical  properties,  such 
as  strength  and  brittleness,  that  makes  corrosion  such  an 
important  problem. 

Here  we  will  discuss  experimental  techniques  that  have 
been  used  in  our  laboratory  (1)  to  measure  the  corrosion 
rate,  (2)  to  locate  breakdown  sites  and  (3)  to  study  the 
fundamental  properties  of  passive  films  and  how  they  are 
related  to  the  stability  of  the  films  in  aggressive  environ¬ 
ments.  The  last  is  of  particular  interest  since  it  will  allow 
us  to  predict  vulnerable  spots  in  passive  films.  It  should 
be  noted  that  this  review  does  not  include  discussion  of 
all  experimental  techniques  that  have  been  used  in  the 
study  of  corrosion  processes,  such  as  thermal  wave 
microscopy  [1,2],  microellipsometry  [3-6],  fluorescence 
microscopy  [7,8],  differential  reflectometry  [9],  photo¬ 
acoustic  spectroscopy  [10]  and  others. 

Corrosion  usually  occurs  locally  and  non-uniformly  as 
illustrated  in  Fig.  1.  Hence  experimental  methods  that 
can  measure  local  corrosion  rates  accurately  are  just 
as  important  as  those  that  can  locate  the  corroding  sites. 
In  locating  corrosion  sites,  an  entire  region  of  the 
corroding  surface  is  imaged  simultaneously  (Fig.  2(a)) 


or  point  by  point  using  a  scanned  probe  or  beam  (Fig. 
2(b)).  Both  classes  of  experimental  techniques  will  be 
discussed  below.  In  particular,  the  following  will  be 
described:  (1)  the  quartz  crystal  microbalance  (QCM), 
(2)  optical  fiber  micromirrors,  (3)  the  phase  detection 
interferometric  microscope  (PDIM),  (4)  the  confocal 
laser-scanning  microscope  (CLSM),  (5)  the  photoelec¬ 
trochemical  microscope  (PEM)  and  surface  PEM  (s- 
PEM),  (6)  the  scanning  electrochemical  microscope 
(SECM)  and  (7)  the  scanning  photoelectrochemical  and 
electrochemical  microscope  (SPECM).  The  QCM  and 
optical  fiber  micromirrors  have  been  used  to  measure 


Corrosion  is  Often  Distributed  NonUniformly 

♦  Rate  is  determined  by 

—  Nature  of  aggressive  environment 
—  Nature  of  metal 
—  Geometry 

—  Concentration  effects  (convection,  diffusion,  and  mass  transfer) 

♦  Location  is  controlled  by 

—  Flaws  in  oxide  films 
—  Electronic  defects  in  oxide  films 
—  Crystallographic  orientation  of  the  substrate  surface 
—  Adsorption  of  solution  species 


CHARACTERIZATION  OF  THE  LOCAL  RATE  AND  SIZE  OF  THE  REGION  OF  ATTACK  IS  DESlREn 

Fig.  1.  Schematic  of  a  corroding  surface  showing  the  localized  nature 
of  corrosion  processes. 
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MICROSCOPY  —  PDIM,  CLSM,  Video  Microscopy 


Scanning  Beam  — 

Laser,  ions,  neutral,  electrons: 
PEM,  AES,  XPS,  EDAX,  SEM 
X-ray,  RBS,  Raman,  IRAS 


Fig.  2.  General  schematics  of  experimental  methods  useful  in  the 
study  of  localized  corrosion:  (a)  conventional  microscopy  where  an 
entire  region  is  imaged  simultaneously;  (b)  point-by-point  imaging 
using  a  scanning  probe  or  beam. 

corrosion  rates,  while  the  PDIM  has  been  used  to 
measure  local  corrosion  rates  as  well  as  to  locate  corro¬ 
sion  sites.  Similarly  to  the  PDIM,  the  CLSM  can  be 
used  to  locate  and  measure  the  corrosion  at  local  sites, 
but  in  addition  the  CLSM  can  be  used  to  obtain 
fundamental  properties  of  the  protective  passive  film. 
The  PEM  and  s-PEM  differ  from  the  CLSM  only  in  the 
data  collection  rate.  Both  the  PEM  and  s-PEM  are 
much  slower  than  the  CLSM  but  are  simpler  to  imple¬ 
ment,  especially  in  systems  where  the  photoresponse  is 
very  low.  The  SECM  has  been  used  to  locate  precursor 
sites  prior  to  actual  breakdown.  The  experimental  set¬ 
up  for  each  of  the  techniques  listed  above  will  be 
described  below  along  with  examples. 


2.  Quartz  crystal  microbalance 

One  of  the  oldest  techniques  used  in  corrosion  studies 
is  that  of  mass  measurement  of  the  corroding  material. 
However,  a  modern  version  features  the  continuous 
measurement  of  very  small  changes  in  mass  in  situ 
using  the  QCM.  Quartz  and  other  piezoelectric  materi¬ 
als  may  be  used  as  mass  sensors.  Several  different 
devices  have  been  developed  for  the  studies,  including 
the  quartz  crystal  microbalance  (QCM),  surface  acous¬ 
tic  wave  (SAW)  devices,  plate  mode  sensors  and  Lamb 
wave  oscillators.  In  each  case  an  increase  in  mass 
loading  on  the  crystal  leads  to  a  decrease  in  the  charac¬ 
teristic  frequency  of  vibration  of  the  crystal  oscillator 
or  a  change  in  propagation  velocity  of  surface  elastic 


Metal  Electrode 


Fig.  3.  Schematic  of  the  QCM.  Metal  films  deposited  on  both  sides 
of  the  quartz  crystal  make  it  ready  for  use  as  an  oscillator  and  mass 
sensor.  The  piezoelectric  area  is  in  the  center  where  the  two  metal 
films  overlap  and  face  each  other  across  the  thin  quartz  membrane. 
Exposure  of  one  (or  both)  of  the  metal  films  to  an  aggressive 
environment  leads  to  chemical  interactions  and  mass  changes,  which 
change  the  resonant  frequency  of  the  quartz. 

waves  on  the  piezoelectric  substrate  material.  The  rela¬ 
tionship  between  the  change  in  mass  and  the  associated 
change  in  frequency  (or  velocity  of  propagation)  is 
linear  over  a  fairly  wide  range  of  operation.  This, 
coupled  with  the  low  cost  and  high  mass  sensitivity, 
makes  the  gravimetric  sensors  quite  attractive  for  a 
wide  range  of  applications  in  corrosion  sensing.  The 
operational  simplicity  of  the  QCM  is  illustrated  in  Fig. 
3.  The  sensitivity  of  a  QCM  operating  at  6  MHz,  for 
example,  is  1.221  x  10  g  cm“- Hz“ ‘.  The  frequency 
can  be  determined  to  at  least  0.1  Hz  and  thus  the 
sensitivity  corresponds  to  changes  of  less  than  one 
atomic  layer  on  the  surface.  In  addition  to  the  advan¬ 
tages  offered  by  the  sensitivity,  one  may  make  direct 
and  continuous  mass  change  measurements  in  stagnant 
or  flowing  gas  and  liquid  streams.  The  latter  measure¬ 
ments  demonstrate  that  the  monitors  are  potentially 
useful  for  practical  applications  as  well  as  for  basic 
studies.  Even  though  the  QCM  was  first  proposed  for 
corrosion  studies  in  1966,  the  application  was  not 
widely  used  for  that  purpose  until  recently.  QCM, 
SAW  and  plate  mode  devices  have  all  been  used  in 
these  studies  and  the  first  has  been  used  for  liquid  phase 
corrosion  studies  especially  [11].  Experimental  results 
obtained  using  the  QCM  will  be  discussed  below  in 
conjunction  with  data  taken  using  the  phase  detection 
interferometric  microscope. 

3.  Optical  fiber  micromirror  sensors 

Optical  fibers  offer  a  number  of  advantages  for  chem¬ 
ical  sensing:  long-distance  telemetry,  freedom  from  elec- 
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tromagnetic  interference  and  small  size  (approximately 
that  of  a  human  hair).  Furthermore,  the  basic  compo¬ 
nents  necessary  for  sensor  applications  are  being  devel¬ 
oped  by  the  optical  communications  industry.  Optical 
communications  systems  and  optical  sensors  have  the 
same  functional  design.  Both  need  a  light  source,  a 
detector  and  a  method  of  transmitting  the  light  from  the 
source  to  the  detector  (the  optical  fiber).  For  optical 
communications  a  modulator  is  used  to  impose  the 
information  to  be  transmitted  on  the  light  beam.  For 
optical  sensing  the  sensing  element  replaces  the  modula¬ 
tor  and  again  imposes  information  on  the  light  beam. 
The  similarity  between  these  two  functions  means  that 
the  components  developed  at  great  cost  for  optical 
communications  can  be  used  for  optical  sensing  applica¬ 
tions.  One  of  these  applications  is  in  localized  corrosion. 

A  requirement  for  the  study  of  localized  corrosion  is 
a  sensor  small  enough  to  access  the  microenvironment  in 
which  the  corrosion  process  occurs.  Optical  fibers  with 
small  diameter  (typically  50  pm  core  and  125  pm  clad¬ 
ding  diameters)  offer  the  opportunity  to  study  sample 
volumes  as  small  as  1000  pm^.  Thus  they  offer  access  to 
crevices  and  cracks  that  cannot  be  examined  using 
conventional  sensors.  One  simple  method  of  optical  fiber 
sensing  is  the  ‘‘micromirror”  sensor,  which  measures 
changes  in  the  reflectivity  of  chemically  sensitive  coatings 
at  the  end  of  the  optical  fiber  [12-14].  Interactions 
between  various  chemical  species  and  optically  thin 
metal  films  produce  reflectivity  changes  large  enough 
that  detection  of  a  submonolayer  change  in  the  thickness 
of  a  metal  film  is  possible.  In  this  case  there  is  a  small 
perturbation  in  the  metal  film  thickness  as  a  corrosion 
product  is  formed  on  the  other  surface.  Alternatively, 
one  may  follow  the  total  removal  of  the  metal  film  in 
(liquid)  environments  where  the  corrosion  products  are 
soluble.  Both  kinds  of  studies  have  been  discussed  in  the 
literature  [12-15]. 

4.  Phase  detection  interferometric  microscope 

The  phase  detection  interferometric  microscope 
(ZYGO  MAXIM  3D  Laser  Interferometric  Microscope) 
measures  vertical  heights  over  a  moderately  large  surface 
area  using  the  technique  of  optical  measurement  inter¬ 
ferometry.  This  technique  is  similar  to  but  considerably 
more  accurate,  rapid  and  powerful  than  traditional 
visual  detection  of  the  curvature  of  interference  fringes 
resulting  from  light  reflected  from  a  textured  surface. 
The  vertical  resolution  of  the  microscope  is  limited 
primarily  by  stray  vibrations  and  specified  by  the  man¬ 
ufacturer  to  be  0.6  nm.  In  our  laboratory  we  routinely 
measure  calibrated  vertical  steps  on  metal  films  as  small 
as  4  nm.  A  major  drawback  of  the  PDIM  is  its  inability 
to  image  features  with  height  differences  exceeding  2/4, 
or  approximately  150  nm  if  the  632.8  nm  line  of  an 
He-Ne  laser  is  used. 


A  schematic  diagram  of  the  key  components  of  the 
instrument  is  shown  in  Fig.  4  [73].  Essentially,  the  PDIM 
consists  of  a  Fizeau  interferometer  attached  beneath  the 
objective  of  an  optical  microscope.  Light  emitted  by  a 
1  mW  He-Ne  laser  passes  through  a  rotating  disk 
diffuser,  reflects  off  a  polarizing  beam  splitter  and  is 
recollimated  by  the  microscope  objective.  The  light 
passes  through  a  quarter-wavelength  retardation  plate 
and  illuminates  the  test  surface.  The  bottom  of  the 
retardation  plate  is  coated  with  a  partially  reflecting  film 
that  acts  as  the  reference  surface  and  the  beam  splitter 
for  the  interferometric  analysis.  Reflected  light  from  the 
electrode  and  reference  surface  interferes  and  the  result¬ 
ing  spatially  resolved  intensities  are  recorded  on  a 
244  X  388  pixel  charge  injection  device  (CID)  array 
camera.  The  digitized  output  from  the  CID  camera  is 
analyzed  to  produce  a  phase  map  representing  the 
relative  differences  in  height  between  the  reference  and 
test  surfaces.  A  video  monitor  connected  to  the  array 
camera  provides  a  direct  optical  image  of  the  sample. 

Several  types  of  data  can  be  extracted  from  the  images 
provided  by  the  PDIM  software.  Figs.  5(a)  and  5(b) 
show  typical  images  taken  by  the  PDIM  of  a  copper 
polycrystalline  sample.  Fig.  5(a)  gives  a  three-dimen¬ 
sional  image  of  the  surface  profile  of  the  sample  in  the 
area  of  view.  The  image  is  shown  as  a  grey  scale  map  that 
represents  the  relative  heights  of  the  surface.  Fig.  5(b) 
shows  a  single  line  of  the  surface  profile  between  two 
points  on  the  surface  (for  the  same  area  viewed  in  Fig. 
5(a)).  The  latter  optical  profilometer  mode  provides  a 
local  map  of  the  topography  between  the  two  points. 
The  images  were  analyzed  to  provide  the  RMS  surface 
roughness,  which  is  the  RMS  deviation  from  the  average 
or  mean  plane  of  the  actual  surface.  The  difference 
between  the  maximum  peak  and  the  minimum  valley  in 
the  image  is  identified  as  P-V.  Because  of  the  short  time 
required  to  obtain  an  image  (on  the  order  of  1  -2  s  per 
image),  it  is  possible  to  study  surface  evolution  by  taking 
“snapshots”  at  consecutive  time  intervals. 


Fig.  4.  Simplified  description  of  the  PDIM. 
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Fig.  5.  PDIM  images  of  a  polycryslallinc  Cu  surface:  (a)  3D  rendered  image;  (b)  prolilc  of  a  line  within  the  same  area  shown  in  (a). 


The  PDIM  has  been  used  in  situ  simultaneously  with 
electrochemical  measurements  to  reveal  surface  rough¬ 
ness  changes  upon  dissolution  of  a  copper  film  de¬ 
posited  on  quartz.  The  experiments  were  carried  out 
using  a  custom-built  flow  cell  (see  Fig.  6)  that  allowed 
various  solutions  to  be  used  without  moving  the  sam¬ 
ple.  Faceting  during  the  dissolution  of  polycrystalline 
Cu  substrates  has  been  studied.  Copper  samples  with 
grain  sizes  of  about  50  pm  were  used.  The  samples  were 
etched  by  two  different  solutions:  (1)  5  mM  and 

0.1  N  HCl  (solution  A)  and  (2)  10  mM  H.O,  and  0.1  N 
H2SO4  (solution  B).  Solution  A  was  circulated  first 
through  the  cell  then  followed  by  solution  B  to  separate 
the  effects  of  the  different  kinds  of  acids  and  HoO^  on 
the  corrosion  rates  of  different  grains.  Fig.  7(a)  shows 
the  Cu  surface  prior  to  the  introduction  of  any  etching 
solution.  The  surface  is  relatively  smooth,  with  a  4.1  nm 
RMS  and  a  43.3  nm  P-V.  The  surface  profile  of  the 


same  area  after  316  s  of  etching  solution  A  is  shown  in 
Fig.  7{b).  It  can  be  seen  that  certain  grains  were  at¬ 
tacked  faster  than  others.  Solution  A  was  then  flushed 
out  and  replaced  by  solution  B.  After  250  s  in  solution 
B  another  image  was  taken  and  the  result  is  shown  in 
Fig.  7(c).  Comparison  of  Figs.  7(b)  and  7(c)  shows  that 
solutions  A  and  B  attack  the  Cu  in  the  same  way,  i.e. 
the  grains  that  corroded  faster  in  solution  A  also 
corroded  faster  in  solution  B.  Since  the  only  difference 
between  solutions  A  and  B  was  the  type  of  acid  used, 
one  may  conclude  that  it  was  H2O2  that  was  responsi¬ 
ble  for  the  preferential  etching  of  Cu.  The  profile  at  the 
middle  of  the  three  grains  shown  in  Fig.  7(c)  is  shown 
in  Fig.  7(d).  The  profile  indicates  the  relative  heights  of 
the  diflerent  grain  orientations:  that  is,  it  represents  the 
difference  in  the  corrosion  rates  of  the  different  grain 
orientations.  In  order  to  determine  the  absolute  differ¬ 
ence  in  heights  of  the  different  grains,  the  Cu  surface 
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was  half  masked  and  immersed  in  solution  B  for  20  min. 
The  result  is  shown  in  Fig.  8.  It  can  be  seen  that  the 
difference  in  the  height  of  the  masked  (i.e.  unexposed) 
and  the  exposed  (but  non-corroded)  grain  is  small,  at 
least  during  the  time  scale  of  the  experiment.  It  should 
be  noted  that  the  same  result  was  found  when  solution 
A  was  used.  Hence  the  P- V  (and  RMS)  data  can  be  used 
as  a  qualitative  indication  of  the  corrosion  rate  of  the 
attacked  grains.  In  Fig.  9  the  RMS  and  P-V  changes 
with  time  are  shown  over  the  whole  area  as  viewed  by 
the  PDIM.  The  Cu  was  etched  in  solution  A  for  400  s, 
followed  by  solution  B.  The  slopes  of  the  two  lines  in 
Fig.  9  indicate  the  rates  of  corrosion.  It  can  be  seen  that 
the  corrosion  rate  of  Cu  is  more  rapid  in  the  HCl 
solution  than  in  the  H2SO4  solution.  The  corrosion  rates 
can  be  calculated  from  Fig.  9  by  noting  that  the  P-V 
values  represent  the  decrease  in  thickness  of  the  faster- 
corroding  grain.  In  solution  B  the  corrosion  rate  is 
0.13  nm  s~^  and  in  solution  A  it  is  0,213  nm  s“';  these 
data  agree  well  with  previously  reported  results  [16,17]. 

In  order  to  monitor  both  the  instantaneous  mass 
decrease  and  morphological  changes  of  Cu  due  to 
corrosion,  the  QCM  was  used  in  conjunction  with  the 
PDIM.  A  relatively  thick  copper  him  (1000  nm)  was 
deposited  on  a  Valpey  Fisher  quartz  crystal,  which  was 
then  corroded  in  solution  B.  The  increase  in  the  crystal 
frequency  due  to  dissolution  of  the  Cu  him  is  shown  in 
Fig.  10.  The  corrosion  rate  can  be  calculated  from  the 
slope  of  the  line  in  Fig.  10.  An  image  of  the  corroding 
Cu  surface  was  taken  every  3  min  by  the  PDIM  and 
some  of  the  results  are  shown  in  Figs.  11(a)  and  11(b). 
An  image  of  the  Cu  surface  prior  to  exposure  to  the 
corroding  solution  is  given  in  Fig.  11(a),  which  shows  a 
1.7  nm  RMS  roughness  and  a  52.5  nm  P-Y.  After  824  s 


the  Cu  became  rougher  as  shown  in  Fig.  11(b).  The 
RMS  roughness  and  P-V  data  were  collected  with  each 
image  taken.  The  RMS  and  P-V  values  as  a  function 
of  time  are  shown  in  Fig.  12.  As  discussed  above,  the 
corrosion  rate  can  be  obtained  from  either  the  slope  of 
the  line  in  Fig.  10  or  from  the  slope  of  the  lines  in  Fig. 
12.  From  Fig.  10  the  corrosion  rate  is  found  to  be 
0.13  nms“*,  while  from  Fig.  12  it  is  found  to  be 
0.096  nms“'.  The  corrosion  rates  determined  by  the 
two  independent  methods  agree  well. 


5.  Confocal  laser-scanning  microscope 

The  application  of  the  CLSM  in  corrosion  studies 
spans  all  three  topics  mentioned  in  Section  1.  It  can  be 
used  (1)  to  measure  the  rate  of  corrosion,  (2)  to  locate 
the  breakdown  sites  and  (3)  to  study  the  fundamental 
properties  of  passive  films  (such  as  the  optical  and 
electronic  properties)  and  their  relationship  to  the  stabil¬ 
ity  of  the  films.  A  schematic  diagram  of  a  CLSM  is  shown 
in  Fig.  13  [74].  In  contrast  with  a  conventional  micro¬ 
scope  where  all  parts  of  an  object  within  the  field  of  view 
are  imaged  simultaneously,  the  same  image  is  obtained 
sequentially  using  a  CLSM.  In  a  CLSM  an  image  is 
obtained  point  by  point,  whereby  only  a  small  part  of  the 
object  is  illuminated.  There  are  a  number  of  significant 
advantages  in  using  a  CLSM,  e.g.  the  image  is  stored 
digitally  and  thus  can  be  readily  subjected  to  image 
processing  and  image  enhancement.  More  importantly, 
the  use  of  a  focused  light  source  in  conjunction  with  a 
pinhole  aperture  in  front  of  the  detector  (see  Fig.  13) 
allows  for  a  higher  lateral  and  depth  resolution  than  with 
a  conventional  optical  microscope.  The  improved  lateral 
resolution  results  from  elimination  of  the  interference  of 
light  originating  from  different  points  on  the  object.  The 
main  advantage  of  a  CLSM,  however,  is  not  in  the 
increased  lateral  resolution,  but  rather  in  its  ability  to 
perform  ‘'optical  slicing”.  Fig.  14  shows  that  light 
originating  from  planes  other  than  the  focal  plane  is 
blocked  by  the  pinhole  aperture  placed  in  front  of  the 
detector.  Typical  lateral  and  depth  resolutions  for  a 
60  X  objective  lens  with  a  numerical  aperture  of  1 .4  are 
0.17  and  0.54  pm  respectively  [18,19].  The  requirement  of 
the  CLSM  that  one  must  scan  either  the  sample  or  light 
source  can  be  a  serious  disadvantage.  For  instance,  the 
time  required  to  obtain  an  image  using  a  CLSM  is  longer 
than  that  required  when  using  a  conventional  micro¬ 
scope.  Scanning  the  stage,  where  the  sample  is  placed,  has 
the  advantage  of  simplifying  the  optical  system;  however, 
this  method  is  inherently  slow.  The  other  option  of 
scanning  the  beam  over  a  stationary  sample  is  much 
faster,  but  it  also  complicates  the  required  optical  system. 
There  are  a  number  of  scanning  beam  set-ups:  (1) 
vibrating  galvanometer-type  mirrors,  (2)  rotating  mirror 
wheels  and  (3)  acousto-optic  beam  deflectors  [18].  We 
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will  discuss  data  collected  using  a  CLSM  equipped  with 
galvanometer-type  mirrors. 

To  demonstrate  the  optical  slicing  capability  of  a 
CLSM,  we  have  imaged  a  polycrystalline  Cu  substrate 
which  has  been  etched  preferentially  with  a  solution  of 
a  deaerated  0.1  M  H2SO4  and  0.1  M  H2O2  for  30  min. 
A  series  of  optical  slices  was  obtained  where  an  individual 
slice  (section  scan)  represents  a  plane  of  focus  and  the 
series  of  section  scans  was  combined  to  form  a  3D  image. 
A  section  scan  of  an  etched  polycrystalline  Cu  sample  is 
shown  in  Fig.  15.  The  514.5  nm  line  of  an  Ar+  ion  laser 
was  used  with  a  60  x  /oil  objective  lens.  The  brighter 
regions  represent  reflective  areas  within  the  plane  of 
focus,  i.e.  surfaces.  It  should  be  noted  that  in  imaging 
some  samples  within  a  volume,  it  is  possible  for  apparent 


“surfaces”  to  be  seen  owing  to  changes  in  the  optical 
properties  within  the  volume.  This  is  not  true  for  Cu, 
since  the  penetration  depth  of  514.5  nm  light  is  15.7  nm, 
which  is  much  smaller  than  the  depth  resolution  of  the 
CLSM.  The  combined  section  scan,  from  which  a  3D 
image  was  obtained,  is  shown  in  Fig.  16  as  a  fish-net  plot 
of  the  etched  Cu  surface.  This  figure  was  obtained  by 
depth  coding  the  section  series;  that  is,  the  maximum 
intensity  along  the  Z  axis  for  each  point  in  the  X-  Y  plane 
was  determined  and  the  Z  position  was  then  converted 
to  intensity.  Another  way  to  view  the  data  is  shown  in 
Fig.  17,  where  a  section  scan  is  shown  along  with  an 
X-Z  slice  and  a  Y-Z  slice  which  show  the  surface 
profile  viewed  from  two  perpendicular  directions.  In  the 
latter  mode  the  CLSM  becomes  a  non-contact  optical 


Fig.  7(a-b). 
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Fig.  7(c-d). 


Fig.  7.  (a)  Phase  map  of  the  initial  Cu  surface,  (b)  Same  surface  as  in  (a)  after  316  s  under  4  mM  H2O2  and  0.1  N  HCl.  (c)  Same  as  (a)  and  (b) 
after  an  additional  250  s  in  10  mM  H2O2  and  0.1  N  H2SO4.  (d)  Line  profile  (cross-section  of  (c)). 


profilometer.  In  addition  to  the  images  shown  above,  the 
CLSM  software  can  also  provide  3D  projections  of  the 
series  of  sections.  This  allows  visualization  of  the  inside 
of  objects,  e.g.  the  pores  of  porous  materials.  Since  the 
reflected  light  intensity  is  dependent  on  the  optical 
properties  of  the  medium(s)  traversed  by  the  incident 
beam,  it  also  contains  information  regarding  the  compo¬ 
sition  of  the  medium(s)  which  directly  affects  the  optical 
properties.  This  can  be  used  to  image  reactant -product 
layers  on  corroding  surfaces,  which  is  similar  to  the  use 
of  the  PDIM  for  refractive  index  mapping  of  concentra¬ 
tion  profiles  [20].  There  are,  however,  some  differences. 
As  mentioned  earlier,  the  height -depth  resolution  of  the 


PDIM  is  better  than  for  the  CLSM.  An  advantage  of  the 
CLSM  is  that  the  measured  intensity  can  be  correlated 
directly  with  the  vertical  position.  It  is  still  necessary, 
however,  to  deconvolute  the  data  to  account  for  non¬ 
uniformity  in  the  composition  of  the  corrosion  layers. 
Finally,  there  are  a  host  of  3D  data-filtering  routines  that 
are  usually  included  in  the  CLSM  software  or  that  can 
be  obtained  from  other  vendors. 

The  optical  technique  described  above  examines  and/ 
or  monitors  the  corrosion  rate  by  measuring  topograph¬ 
ical  changes  of  the  top  surface,  i.e.  the  surface  in  contact 
with  the  environment;  in  particular,  topographical 
changes  are  determined  from  changes  in  the  light 
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Fig.  8.  Phase  map  of  a  half-masked  (the  right  side)  Cu  surface 
showing  the  absolute  difference  between  grains. 


Fig.  9.  RMS  and  P-V  changes  during  the  corrosion  of  a  polycrys¬ 
talline  Cu  substrate  in  5  mM  H2O2  and  0.1  N  HCI.  A  solution  of 
10  mM  H2O2  and  0.1  N  H2SO4  was  introduced  after  400  s. 


Tim©  (s) 

Fig.  10.  Resonant  frequency  changes  (A/)  of  the  QCM  plated  with 
Cu  during  the  corrosion  of  the  Cu  electrode  in  a  solution  of  10  mM 
H2O2  and  0.1  N  H2SO4. 


reflected  from  an  incident  light  coming  from  the  top. 
Relative  etching  or  corrosion  rates  are  obtained  di¬ 
rectly;  these  can  be  converted  to  absolute  rates  if  one 
part  of  the  surface  is  masked  off. 


6.  Photoelectrochemical  microscopy  (PEM)  and 
surface  PEM 

Thus  far,  with  the  exception  of  the  CLSM,  we  have 
only  discussed  techniques  that  are  used  (1)  to  monitor 
and/or  measure  the  corrosion  rate  and  (2)  to  locate  the 
corroding  sites.  Of  greater  or  equal  importance  are 
techniques  that  can  be  used  to  locate  sites  that  are 
susceptible  to  localized  corrosion  prior  to  breakdown. 
The  susceptibility  of  metals  to  localized  corrosion  in¬ 
variably  depends  on  the  local  properties  of  the  protec¬ 
tive  passive  films  in  addition  to  the  local  environment. 
Of  particular  interest  are  the  structural,  electronic  and 
optical  properties.  Structural  defects  such  as  disloca¬ 
tions  or  surface  steps  are  important  since  they  are  very 
susceptible  breakdown  sites,  but  a  full  discussion  of 
their  importance  is  outside  the  scope  of  the  present 
paper.  Here  discussion  will  be  limited  to  the  optical  and 
electronic  properties  of  passive  films.  From  the  various 
experimental  techniques  available  for  the  study  of  the 
electronic  and  optical  properties  of  passive  films,  e.g. 
ellipsometry  [3-6,21],  dilTerential  reflectometry  [9]  and 
electroreflectance  [22],  we  will  focus  on  photoelectro¬ 
chemical  techniques. 

Photoelectrochemical  techniques  were  used  to  study 
the  bulk  optical  and  electronic  properties  of  semicon¬ 
ductor  materials,  including  oxides  [23-29],  as  well  as  to 
investigate  processes  at  interfaces  with  electrolytes  and 
metals.  Such  studies  have  led  to  the  development  of 
several  general  principles  for  predicting  the  stability  of 
metal  oxides  against  corrosion  and  photocorrosion, 
which  involve  correlations  with  the  location  of  the  band 
edges  with  respect  to  the  redox  levels  for  decomposition 
and  levels  of  competing  redox  reaction,  especially  the 
solvent  [30-32].  For  example,  if  the  position  of  the 
conduction  band  edge  lies  above  the  energy  of  the 
redox  level  for  reductive  decomposition,  the  metal  ox¬ 
ide  is  unstable  with  respect  to  reduction.  Said  another 
way,  the  reductive  decomposition  and  dissolution  (in 
the  dark)  of  metal  oxides  are  highest  in  electrolytes 
whose  redox  energy  level  is  near  and  below  the  energy 
of  the  condution  band  (cf.  the  decomposition  of  man¬ 
ganese  oxide  materials  [33]).  Likewise,  the  stability  of 
the  metal  oxide  with  respect  to  oxidative  degradation  is 
determined  by  the  relative  positions  of  the  valence  band 
edge  and  oxidative  decomposition  reactions.  One  can 
cite  in  the  latter  case  the  corrosion  of  etching  of  low 
band  gap  materials  such  as  Si  and  GaAs  in  aqueous 
solution.  For  a  wide  band  gap  metal  oxide  such  as 
TiOo,  single  crystals  of  the  material  are  stable  in 
aqueous  solutions  both  in  the  dark  and  under  illumina¬ 
tion,  except  under  extreme  pH  conditions  and  in  halide 
solution.  Nevertheless,  even  for  such  stable  metal  ox¬ 
ides,  photoelectrochemical  methods  are  useful  for  deter¬ 
mining  barrier  heights,  flat-band  potentials  and  band 
gaps,  as  well  as  properties  that  are  influenced  by  surface 
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(a) 


(b) 


Fig.  11.  (a)  Phase  map  of  the  evaporated  Cu  film  on  the  quartz  crystal  of  the  QCM  prior  to  any  corrosion,  (b)  Phase  map  of  the  same  area  as 
in  (a)  after  corrosion  in  a  solution  of  10  mM  H2O2  and  0.1  N  H2SO4  for  824  s. 


orientation,  crystal  imperfections  and  surface  states  on 
heterogeneous  surfaces.  In  addition  to  the  space  charge 
effect  at  the  surface  of  Ti02  films  (n  type)  which  gives 
rise  to  anodic  photocurrent  when  light  above  the  band 
gap  is  absorbed,  we  are  interested  in  surface  recombina¬ 
tion  effects  that  may  map  crystal  imperfections  and 
structural  defects  at  the  surface. 

Point  defects  in  the  bulk  crystal  lattice  of  metal 
oxides,  specifically  oxygen  vacancies,  have  been  found 
to  serve  as  donor  species  and  to  provide  sites  for 
chemisorption  and  surface  states  at  the  interface  with 
aqueous  solutions  or  humid  environments  [26].  Bulk 
impurities  or  defects  in  semiconductors  may  give  rise  to 
electronic  states  in  the  band  gap  which  will  interact 
with  light  in  several  ways.  For  large  band  gap  metal 


oxides  such  as  Ti02,  recombination  of  electron-hole 
pairs  in  the  bulk  occurs  predominantly  through  energy 
levels  within  the  band  gap.  The  extent  or  rate  of 
recombination  increases  as  (i)  the  depletion  layer  elec¬ 
tric  field  decreases,  (ii)  the  density  of  recombination 
states  increases  and  (iii)  the  energy  levels  of  the  states 
approach  the  center  of  the  band  gap.  When  recombina¬ 
tion  effects  are  small,  the  photocurrent  increases  with 
decreasing  donor  density. 

Defects  in  the  bulk  may  also  act  as  traps  for  charge 
carriers.  This  will  alter  the  charge  distribution  in  the 
depletion  layer  and  will  affect  the  electric  field  strength 
and  the  depletion  layer  width.  Mechanically  formed 
defects  in  ZnO,  for  example,  have  been  shown  to  act  as 
hole  traps  and  recombination  centers  [34].  In  some 
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Fig.  12.  RMS  and  P-V  changes  during  the  corrosion  of  a  Cu  film 
deposited  on  a  quartz  crystal  for  the  QCM  exposed  to  a  solution  of 
10  mM  H3O3  and  0.1  N  H2SO4. 


SAMPLE  MOUNTED  ON 
A  COMPUTER  CONTROLLED 
XYZ STAGE 


Fig.  13.  Simplified  description  of  the  CLSM  showing  the  essential 
parts. 


Fig.  14.  Schematic  showing  the  depth  discrimination  capability  of  the 
CLSM.  Light  not  originating  from  the  focal  plane,  e.g.  point  A 
within  the  sample,  will  come  to  a  focus  away  from  the  aperture,  e.g. 
point  B,  and  thus  will  be  blocked  by  the  aperture. 


Fig.  15.  Section  scan  of  an  etched  polycrystallinc  substrate.  The 
brighter  regions  are  regions  that  arc  relatively  closer  to  the  focal 
plane. 

cases  the  presence  of  defect  states  in  the  band  gap  can 
be  detected  by  measuring  the  photocurrent  produced  by 
subband  gap  illumination.  For  Ti02  and  SrTiO^,  for 
example,  Butler  et  al.  [35]  observed  a  subband  gap 
response  which  was  related  to  bulk  defect  states. 

The  qualitative  description  of  the  photocurrent  gen¬ 
erated  on  polycrystalline  and  single-crystal  samples  is 
similar.  For  example,  high  fields  may  be  applied  across 


Fig.  16.  A  fish-net  plot  showing  the  topography  of  an  etched  polycrys¬ 
talline  Cu  substrate  generated  from  a  3D  data  set.  Color  representation 
significantly  enhances  the  fish-net  image,  shown  here  in  grey  scale  only. 
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Fig.  17.  Section  scan  of  an  etched  polycrystalline  Cu  substrate  along 
with  two  profile  slices. 

a  relatively  narrow  region  just  inside  the  surface  of  an 
n-type  semiconductor  at  the  semiconductor-electrolyte 
junction,  producing  a  depletion  layer  devoid  of  carriers 
of  either  sign.  Optical  excitation  with  light  of  energy 
larger  than  the  band  gap  leads  to  the  formation  of 
electrons  and  holes  that  are  separated  by  the  high  field, 
with  holes  migrating  to  the  surface  where  they  may  react 
with  solution  species  to  give  a  photocurrent.  Additional 
contributions  to  the  photocurrent  may  come  from  diffu¬ 
sive  transport  of  holes  from  the  quasi-neutral  region 
beyond  the  depletion  layer  and  back  diffusion  of  elec¬ 
trons  generated  within  the  depletion  layer.  Optical  exci¬ 
tation  of  a  sample  by  a  rastered,  focused  laser  beam 
across  the  surface  will  cause  the  resulting  photocurrent 
to  be  a  function  only  of  the  properties  that  are  local  to 
the  irradiating  light.  Hence  variation  in  the  local  photore¬ 
sponse  strongly  suggests  heterogeneity  in  the  sample 
under  study.  Hereafter  this  technique  will  be  referred  to 
as  photoelectrochemical  microscopy  (PEM). 

In  the  study  of  thin  metal  oxide  films,  in  situ  photoelec¬ 
trochemical  techniques  are  particularly  convenient,  be¬ 
cause  the  films  may  be  studied  in  the  presence  of  an 
aggressive  environment.  In  the  general  case  the  interface 
between  a  metal  oxide  film  and  an  electrolyte  will  behave 
as  a  Schottky  junction.  The  photoresponse  of  semicon¬ 
ducting  and  insulating  thin  metal  oxide  films  is  very 
similar  to  that  of  bulk  materials.  However,  surface  effects 
such  as  surface  recombination  processes  are  more  pro¬ 
nounced  in  thin  films  than  in  bulk  materials,  because  the 
former  are  more  defective.  Effects  of  multiple  internal 
reflections  also  become  more  significant  in  thin  films  and 


the  resulting  interference  will  cause  the  photoresponse  to 
depend  on  the  film  thickness  [36-38]. 

In  the  present  section,  discussion  will  be  restricted  to 
thin  n-type  metal  oxide  films  where  surface  effects  at  the 
metal  oxide -electrolyte  interface  dominate  the  photocur¬ 
rent  and  this  will  be  illustrated  by  the  behavior  of  thin 
Ti02  films  grown  on  Ti.  The  importance  of  the  metal 
oxide-electrolyte  interface  is  revealed  by  separating  the 
photoresponse  of  the  surface  from  that  of  the  bulk.  This 
is  accomplished  by  a  technique  complementary  to  PEM 
which  sensitizes  the  surface  to  subband  gap  illumination 
so  that  the  surface  characteristics  of  the  oxide  may  be 
probed  laterally;  this  technique  is  termed  surface  PEM 
(s-PEM)  [39,40].  Polycrystalline  Ti  has  been  used  as  the 
substrate  for  this  technique  to  afford  a  range  of  film  pro¬ 
perties  on  each  substrate,  since  the  grain  orientation  (of 
Ti)  has  been  found  to  influence  the  photoresponse.  We 
seek  to  reveal  the  influence  of  the  substrate  metal  on  the 
oxide  surface  for  thin  films  which  are  formed  in  a  slow 
growth  mode  (SGM)  to  emphasize  epitaxial  effects.  These 
SGM  films,  when  grown  on  polycrystalline  Ti  substrates, 
have  a  non-uniform  photoresponse  which  is  caused  by 
heterogeneity  at  the  metal  oxide-electrolyte  interface. 

In  previous  studies  of  SGM  anodic  Ti02  films  we  have 
found  the  photocurrent  to  be  uniform  for  films  on 
single-crystal  Ti  substrates  and  uniform  over  single 
grains  of  polycrystalline  substrate.  However,  in  the  latter 
case  the  photocurrent  varies  in  the  film  from  Ti  grain  to 
Ti  grain,  which  are  much  larger  than  the  grain  size  of  the 
oxide  film.  The  mapping  of  the  substrate  implies  an 
influence  of  substrate  factors  (e.g.  grain  orientation, 
disorder,  defect  density  and  pretreatment)  on  the  growth 
of  the  metal  oxide  film.  Furthermore,  the  metal  oxide  is 
crystalline  and  partially  ordered  over  some  orientations 
of  Ti  [41,42].  The  metal  oxide  grown  in  the  transition 
zone  over  substrate  metal  grain  boundaries  is  highly 
disordered  and  does  not  change  properties  smoothly 
from  one  grain  to  another. 

The  onset  of  anodic  photocurrent  on  such  film  occurs 
nearly  at  the  same  potential,  but  the  onset  of  the 
photocurrent  on  grains  showing  higher  photocurrent  is 
more  negative  than  the  onset  on  grains  showing  lower 
photocurrent.  The  latter  opposes  the  argument  that  the 
photocurrent  differrence  can  be  ascribed  to  changes  in 
depletion  layer  thickness  brought  about  by  changes  in  the 
doping  density.  Furthermore,  the  onset  potentials  are 
nearly  the  same  on  different  titanium  grains,  which 
suggests  that  the  flat-band  potential  is  nearly  the  same 
[38].  A  constant  flat-band  potential  will  cause  the  band 
bending  at  a  given  applied  potential  to  be  the  same  on 
those  grains.  This  is  especially  true  far  away  from  flat 
band.  Taken  together,  these  arguments  suggest  that 
surface  effects  are  responsible  for  the  grain-to-grain 
photoresponse  of  the  films. 

Wilson  [23]  has  argued  that  surface  electronic  states  are 
needed  in  Ti02  in  order  to  account  for  the  highly  efficient 
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PhotoElectrochemical  Experimental  System 


Fig.  18.  General  photoeleclrochemical  experimental  sel-up  showing 
(i)  light  sources,  (ii)  a  light  modulator,  (iii)  an  electrochemical  cell  and 
(iv)  electrochemical  components. 

charge  transfer  in  O2  solution,  in  spite  of  the  lack  of 
overlap  between  electronic  states  in  the  electrolyte  and 
the  valence  band.  It  was  also  found  that  these  surface 
electronic  states  in  Ti02  can  function  as  charge  transfer 
and/or  recombination  sites  [43]  and  that  the  recombina¬ 
tion  rates  are  increased  for  mechanically  polished  sam¬ 
ples  [44].  Frank  and  Bard  [45]  also  explored  the 
distribution  of  surface  states  on  TiO^  (single-crystal  and 
polycrystalline  films),  while  Tomkiewicz  [46]  and  Siri- 
pala  and  Tomkiewicz  [47]  have  assigned  populations 
and  energy  levels  of  surface  states  on  treated  surfaces. 

Below  we  will  describe  experimental  results  where  the 
photocurrent  is  dominated  by  surface  effects  when  the 
surface  is  sensitized.  However,  we  will  first  describe  a 
general  photoelectrochemical  experimental  set-up  (see 
Fig.  18).  The  light  probe  illuminating  the  sample  first 
passes  through  a  modulator.  For  example,  if  the  pho¬ 
toelectrochemical  signal  is  large  relative  to  the  dark 
current,  then  the  modulator  can  simply  be  a  focusing 
lens.  However,  if  the  dark  current  is  the  larger  of  the 
two,  an  optical  modulator  (e.g.  a  mechanical  chopper 
or  a  variable-intensity  modulator)  is  used  in  addition  to 
the  focusing  lens.  The  reference  frequency  from  the 
modulation  is  then  used  in  either  a  frequency  analyzer 
or  a  lock-in  amplifier  to  isolate  the  small  photoelectro¬ 
chemical  signal. 

The  apparatus  for  PEM  and  photoelectrochemical 
spectroscopy  have  been  described  in  detail  elsewhere 
[39,41,42].  Illumination  is  provided  by  either  an  Ar^ 
ion  laser  or  a  xenon  lamp  and  monochromator.  The 
photoelectrochemical  cell  is  mounted  on  a  computer- 
controlled  XYZ  stage  and  is  controlled  by  a  poten- 
tiostat.  A  lock-in  amplifier  is  used  to  discriminate 
between  photocurrent  and  background  currents.  PEM 
images  were  obtained  using  a  video  printer  and  an 
IBM-compatible  computer  fitted  with  a  video  card. 


Ti02  films,  nominally  180  A  thick,  were  prepared 
anodically  by  ramping  the  applied  potential  of  the  Ti 
working  electrode  at  O.l  mV  s“'  from  the  open-circuit 
voltage  (about  —0.25  V  vs.  saturated  calomel  electrode 
(SCE))  to  a  final  growth  potential  of  6  V(SCE).  The 
electrolyte  for  metal  oxide  growth  and  photoelectro¬ 
chemical  studies  was  0.05  M  H2SO4.  The  electrolyte  for 
s-PEM  imaging  and  spectroscopic  studies  was  0.05  M 
H2SO4  and  0.1  M  K4Fe(CN)(;,.  Buffered  pH  solutions  of 
the  electrolyte  for  sensitization  studies  were  prepared 
using  0.1  M  K4Fe(CN)f,  and  phosphate  buffer  solutions. 

PEM  studies  of  SGM  Ti02  have  been  reported  previ¬ 
ously  [41,42].  A  typical  PEM  image  is  shown  in  Fig. 
19(a),  where  the  higher  photocurrents  are  represented 
by  brighter  regions.  The  variation  of  photoresponse  of 
the  metal  oxide  film  over  different  substrate  grains  was 
attributed  to  changes  in  the  density  of  electronically 
active  defects  in  the  oxide  films.  The  substrate  influence 
on  the  outer  surface  (metal  oxide-media)  and  the  rela¬ 
tive  impact  of  surface  effects  on  the  photoelectrochemi¬ 
cal  behavior  were  the  focal  point  of  our  study.  The 
surface  effects  include  electronic  states  that  can  infiu- 
ence  the  corrosion  resistance  of  the  oxide,  as  well  as  the 
optical  response. 


(b) 

Fig.  19.  (a)  PEM  image  obtained  from  an  SGM  anodic  Ti02  film 
under  illumination  at  351  nm  (above  band  gap  energy)  at  an  applied 
potential  of  1  V(SCE).  (b)  s-PEM  image  obtained  from  the  same  film 
as  in  (a)  under  illumination  at  528  nm  (subband  gap  energy)  at  an 
applied  potential  of  0.5  V(SCE). 
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Photospectra  of  Ti02  Films  with  and 
without  Ferrocyanide 


400  450  500  550 


Wavelength  (nm) 

Fig.  20.  Long  wavelength  photocurrent  response  of  an  SGM  anodic 
Ti02  film  in  the  presence  and  absence  of  0.1  M  K4Fe(CN)6. 

To  examine  the  photoresponse  further,  the  surface 
was  modified  so  that  a  photocurrent  image  under  sub¬ 
band  gap  illumination  (Fig.  19(b))  could  be  obtained, 
i.e.  an  s-PEM  image.  Subband  gap  illumination  was  not 
substantially  absorbed  by  the  bulk  oxide  film  and  so 
provided  a  means  to  isolate  the  surface  response  from 
that  of  the  oxide  film  as  a  whole.  The  metal  oxide 
surface  was  made  sensitive  to  subband  gap  illumination 
by  ferrocyanide,  whose  use  in  dye  sensitization  for  solar 
energy  conversion  has  been  discussed  in  the  literature 
[48].  The  effect  of  subband  gap  illumination  on  the 
oxide  film  in  the  presence  of  ferrocyanide  in  aqueous 
solution  was  a  photoresponse  whose  spectrum  is  shown 
in  Fig.  20  in  comparison  with  the  response  of  the  oxide 
film  in  the  absence  of  any  sensitizer.  The  extension  of 
the  response  to  longer  wavelengths  (lower  energy)  was 
sufficient  to  allow  an  Ar"^  ion  laser  tuned  to  528  nm  to 
produce  a  photocurrent.  At  this  wavelength  no  pho- 
tocurrent  was  produced  in  the  absence  of  a  dye  sensitizer . 
The  photocurrent  map  or  image  produced  in  the  pres¬ 
ence  of  ferrocyanide  ions  using  528  nm  illumination  is 
referred  to  as  an  s-PEM  image.  The  surfaee  origin  of 


Applied  potential,  V(SCE) 

Fig.  21.  Response  of  an  SGM  anodic  Ti02  film  as  a  function  of 
applied  potential  under  illumination  at  350  and  500  nm. 


Fig.  22.  Scheme  of  recombination  paths  mediated  by  surface  elec¬ 
tronic  states:  la,  direct  band  gap  generation  of  electron-hole  pairs; 
lb,  motion  of  electrons  generated  by  process  la;  Ic,  motion  of  holes 
generated  by  process  la;  2a,  electrons  generated  at  the  surface  by 
subband  gap  illumination;  2b,  motion  of  electrons  generated  at  the 
surface;  2c,  electron  replenishment  of  surface  states. 

the  subband  gap  photocurrent  from  the  ferrocyanide- 
exposed  Ti02  is  indicated  by  the  flat  photocurrent -bias 
voltage  response  as  compared  with  the  typical  square 
root  potential  dependence  of  the  photocurrent  under 
above-band  gap  illumination  (Fig.  21).  Very  little  band 
bending  is  required  to  separate  the  surface-generated 
electron -hole  pairs  as  compared  with  pairs  generated 
deeper  in  the  oxide  bulk. 

The  similarity  of  the  PEM  and  s-PEM  images  implies 
a  common  influence  on  the  photocurrent.  Since  the 
photocurrent  generation  mechanisms  are  different,  the 
common  loss  mechanisms  bear  examination.  Electronic 
surface  states  located  within  the  energy  range  between 
the  conduction  band  and  the  level  of  the  oxidized 
surface  complex  are  able  to  mediate  surface  recombina¬ 
tion  between  conduction  band  electrons  and  valence 
band  holes  or  between  conduction  band  electrons  and 
the  oxidized  form  of  the  adsorbed  surface -dye  complex 
(Fig.  22).  Surface  recombination  at  surface  states  will 
cause  lower  charge  transfer  efficiency  when  these  states 
are  present  in  high  concentrations.  The  fact  that  the 
PEM  and  s-PEM  images  both  reflect  the  substrate  grain 
arrangement  suggests  that  the  substrate  metal  grains 
influence  the  density  of  defects  within  the  oxide  film 
and  at  the  surface.  More  detailed  discussion  of  these 
results  can  be  found  in  Ref.  [40]. 

We  should  also  note  that  photoelectrochemical  spec¬ 
troscopy,  where  the  photocurrent  is  measured  at  vari¬ 
ous  incident  light  wavelength,  has  been  used  to 
determine  the  absorption  coefficient  of  passive  films, 
from  which  the  phase  of  the  passive  film  under  study 
was  determined  [49,50].  The  photoelectrochemical  tech¬ 
nique  used  in  conjunction  with  a  lock-in  amplifier  is 
very  sensitive  and  thus  can  be  used  to  study  very  thin 
films.  However,  use  of  photoelectrochemical  techniques 
to  infer  structural  information  should  be  discouraged 
and,  whenever  possible,  structure  should  be  determined 
more  directly,  e.g.  using  X-ray  diffraction  [51]  or  elec¬ 
tron  diffraction  [41,52,53]  methods. 
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Fig.  23.  Schematic  of  experimental  set-up  for  the  SECM  showing  the  major  components. 


A  disadvantage  of  PEM  (or  s~PEM)  as  described 
above  is  in  its  data  acquisition  rate.  For  example,  a 
2x2  mm^  image  taken  at  a  scan  rate  of  40  pm  s“*  and 
10  pm  resolution  required  approximately  3.5  h.  We 
would  like  to  emphasize,  however,  that  if  PEM  (or 
s-PEM)  is  used  to  locate  precursor  sites  to  localized 
corrosion,  then  the  data  acquisition  rate  is  not  very 
critical  provided  that  the  samples  do  not  change  signifi¬ 
cantly  during  the  experiments  (see  e.g.  Ref  [54]).  The 
long  time  required  to  obtain  a  PEM  image  is  caused  by 
the  slow  scan  rate  of  the  XYZ  stage.  A  faster  way  to 
scan  with  the  laser  beam  uses  galvanometer-type  mir¬ 
rors  such  as  found  in  a  CLSM.  Photoelectrochemical 
imaging  of  passive  films  (and  corrosion)  using  a  confo- 
cal  microscope  has  been  reported  in  the  literature  (see 
e.g.  Refs.  [55-57]).  Of  particular  interest  is  Ref.  [55], 
where  sulfide  inclusions  in  stainless  steel  were  studied. 


7.  Scanning  electrochemical  microscopy 

Recently  the  breakdown  of  50  A  oxide  films  on  Ti 
electrodes  immersed  in  aqueous  solutions  containing 
Br“  was  shown  to  occur  at  randomly  positioned,  micro¬ 


scopic  surface  sites  that  were  identified  by  scanning 
electrochemical  microscopy  (SECM)  prior  to  pitting 
corrosion  [58,59].  A  key  finding  to  this  investigation  was 
that  the  site  of  oxide  breakdown  coincided  with  a  highly 
localized  surface  activity  for  Br"~  oxidation.  The  studies 
suggested  that  the  electrical  conductivity  of  the  Ti02 
film  is  highly  non-uniform  and  that  this  spatial  hetero¬ 
geneity  is  associated  with  the  mechanism  of  oxide  film 
breakdown.  Electron-tunneling  spectroscopy  of  the  elec¬ 
trodes,  employing  a  scanning  tunneling  microscope, 
more  directly  demonstrated  local  variations  in  the  con¬ 
ductivity  of  the  oxide,  albeit  for  reasons  that  are  not 
understood  but  which  are  probably  related  to  variations 
in  the  structure  (e.g.  defect  density)  or  stoichiometry  of 
the  film  [60]. 

Fig.  23  shows  a  schematic  diagram  of  the  scanning 
electrochemical  miroscope.  The  potentials  of  the  Ti 
electrode  and  SECM  scanning  tip  are  controlled  inde¬ 
pendently  using  two  potentiostats,  both  operating  in  a 
conventional  three-electrode  configuration.  A  typical 
image  is  obtained  by  scanning  the  tip  at  a  rate  of 
40|ums”*  with  the  tip  placed  approximately  30  pm 
above  the  Ti  sample.  The  Ti  electrode  and  the  scanning 
tip  are  monitored  during  imaging  using  a  video  camera 
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ELECTROCHEMICAL  ACTIVITY  OF  PPS’s  ON  Ti 


Titanium  Bias  Potential,  (V)  vs  SCE 

Fig.  24.  Voltammetric  response  of  a  Ti-Ti02  electrode  in  1  M  KBr  and  0.05  M  H2SO4  at  1  mV  s~*.  Inset:  SECM  image  of  a  400  x  400  pm^ 
region  of  the  Ti~Ti02  surface  at  1.3  V(SCE).  The  SECM  tip  was  held  at  0.6  V(SCE). 


equipped  with  a  50  x  magnification  zoom  lens;  video 
images  were  recorded  using  a  VHS  video  recorder 
[61-66]. 

Fig.  24  shows  the  voltammetric  response  of  a  Ti- 
Ti02  (50  A  oxide)  electrode  immersed  in  a  1  M  KBr  and 
0.05  M  H2  SO4  solution  open  to  the  ambient  atmo¬ 
sphere.  The  i-  V  response  of  this  sytems  is  characterized 
by  a  broad  oxidation  wave  centered  at  about 
1.6  V(SCE).  The  sudden  and  large  increase  in  current  at 
3.0  V(SCE)  is  due  to  the  onset  of  pitting  corrosion,  as 
readily  verified  by  visual  inspection  of  the  electrode 
surface.  The  broad  wave  between  1.1  and  2.0  V(SCE) 
corresponds  to  Br“  oxidation. 

When  the  Ti-Ti02  surface  was  poised  at  potentials 
below  about  l.OV(SCE),  images  of  the  surface  were 
essentially  featureless  and  the  tip  current  was  approxi¬ 
mately  0.1  nA.  At  potentials  between  1.0  and  2.0  V 
(SCE)  images  revealed  a  few  microscopic  sites,  such  as 
the  one  shown  in  the  inset  of  Fig.  24,  where  intense  Br2 
generation  occurred.  The  maximum  current  measured  at 
the  tip  above  an  electroactive  site  was  typically  between 
0.2  and  2  nA,  well  above  the  background  current.  At 
slightly  more  positive  potentials  the  current  at  the  tip 
decayed  to  background  levels  over  a  period  of  a  few 
minutes  as  a  result  of  the  passivation  of  the  active  sites. 

After  determining  the  position  of  the  active  sites  on 
the  Ti-Ti02  surface  at  potentials  between  1.0  and  1.5  V 


(SCE),  Casillas  et  al.  [58,59]  increased  the  potential  of 
the  Ti-Ti02  electrode  to  a  value  sufficiently  positive 
to  initiate  pitting.  Pits  rapidly  grew  to  microscopic 
dimensions  (about  1  mm)  within  a  few  minutes,  so  that 
their  positions  were  easily  determined  by  visual  in¬ 
spection.  Comparison  of  images  and  video  images  re¬ 
vealed  a  close  correspondence  between  the  locations  of 
the  surface- active  sites  for  Br2  generation  and  the  loca¬ 
tion  of  pit  formation,  i.e.  pits  nucleated  at  the  same 
position  where  the  electron  transfer  rate  for  Br“  oxida¬ 
tion  was  largest.  A  more  complete  analysis  of  the 
results  presented  here  has  been  published  elsewhere 
[58,59]. 

It  is  clear  that  SECM  is  very  useful  for  identifying 
precursor  sites.  However,  any  information  regarding 
the  passive  film  can  only  be  obtained  indirectly,  since 
the  data  measured  reflect  only  product  species  pro¬ 
duced  at  the  working  electrode.  For  example,  the 
higher  electrochemical  activity  at  the  precursor  sites  is 
consistent  with  a  number  of  possible  passive  film  prop¬ 
erties,  such  as  (1)  the  passive  film  at  the  precursor  sites 
is  thinner  and/or  (2)  the  passive  film  at  the  precursor 
sites  is  highly  defective  and  more  metallic.  On  the  other 
hand,  PEM  (and/or  s-PEM)  probes  the  passive  film 
bulk  and  film -electrolyte  interface  directly.  Thus  the 
combination  of  PEM  and  SECM  may  prove  very  ad¬ 
vantageous  [67]. 
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8.  Scanning  photoelectrochemical  and  electrochemical 
microscopy 

In  this  section  we  will  describe  a  technique  that 
combines  the  characteristics  of  the  SECM  and  the  PEM 
[67-69].  Elereafter  this  technique  will  be  referred  to  as 
scanning  photoelectrochemical  and  electrochemical  mi¬ 
croscopy  (SPECM).  To  combine  the  SECM  and  the 
PEM,  one  needs  a  probe  capable  of  serving  both  as  an 
electrochemical  sensor  and  a  local  illuminator.  It  was 
found  that  an  optical  fiber  coated  with  a  gold  film  and 
encased  in  an  outer  polymer  film  would  serve  this 
purpose.  Cleaving  the  coated  fiber  exposed  a  gold  ring 
electrode  a  few  microns  thick  concentric  with  the  opti¬ 
cal  fiber  core  (see  Fig.  25).  The  gold  ring  served  as  the 
microelectrode  for  SECM,  while  the  core  of  the  optical 
fiber  was  used  as  the  illuminator  for  PEM. 

The  advantages  of  SPECM  are  best  described  in 
terms  of  the  possible  modes  of  operation,  which  in  turn 
are  determined  by  the  specific  system  under  study  and 
the  type  of  information  sought.  First  is  the  coupled 
mode,  where  SECM  and  PEM  are  carried  out  simulta¬ 
neously.  This  is  particularly  useful  for  studying  systems 
where  there  is  virtually  no  electrochemical  activity  in 
the  dark.  With  negligible  dark  probe  currents  (current 
measured  at  the  gold  probe  without  sample  illumina¬ 
tion),  all  probe  currents  measured  while  the  sample  is 
illuminated  are  due  to  photoelectrochemically  gener¬ 
ated  products.  Hence  measurements  of  probe  current  at 
various  probe  potentials  can  assist  in  determining  the 
products  produced  at  the  sample.  In  this  respect 
SPECM  is  similar  to  the  rotating  ring-disk  electrode 
(RRDE),  where  species  generated  at  the  central  disk 


(a) 


(b) 

Fig.  26.  (a)  Electrochemical  map  of  electroreduction  current  Bis 
molecules  produced  by  electro-oxidation  and  photo-assisted  oxidation 
of  Br“  ions  over  the  surface  of  a  Ti  disk  500  pm  in  diameter  with  a 
Ti02  film  5.0  nm  thick,  (b)  Photoelectrochemical  current  map  obtained 
concurrently  over  the  same  area  of  a  Ti  500  pm  disk.  The  solution  was 
1  M  KBr  and  0.05  M  H2SO4.  Illumination  was  provided  by  an  Ar'^ 
laser  beam,  wavelength  351  nm.  The  potentials  for  the  gold  ring 
electrode  and  the  Ti  sample  were  0.3  V  and  1.3  V(SCE)  respectively. 


DIAGRAM  OF  SPECM  PROBE 


1.0  M  KBr 
0.05  M  H2SO4 


mi 


Optical  fiber,  50  pm  <{) 
Cladding,  125  pm  (b 
Gold,  155  pm  (b 


Ej.  =  +  0.5  V 

Fig.  25.  Schematic  representation  of  the  optical  tip  used  in  the 
SPECM  over  the  surface  of  a  TiO^  -Ti  disk  500  pm  in  diameter. 


electrode  are  swept  by  convection  to  the  outer  ring 
electrode  which  detects  these  species  electrochemically. 
There  is,  however,  one  very  important  difference.  In 
SPECM  the  product  species  are  detected  locally, 
whereas  the  RRDE  yields  only  averaged  informiation. 
To  distinguish  systems  where  there  are  considerable 
probe  currents  when  the  sample  is  not  illuminated,  the 
term  partially  coupled  mode  has  been  used  [67].  Clearly 
the  analysis  of  data  in  the  latter  is  more  complicated. 
Finally  there  is  the  decoupled  mode,  where  SECM  and 
PEM  are  used  sequentially.  In  this  mode  the  advantage 
of  the  SPECM  set-up  in  comparison  with  an  SECM 
set-up  or  a  PEM  set-up  alone  is  only  logistical. 

Below  we  will  only  discuss  SPECM  results  obtained 
in  the  coupled  mode.  For  the  initial  test  a  model  sample 
was  used.  The  sample  investigated  was  Ti  disk  500  pm 
in  diameter  (Johnson-Matthey  Electronics)  with  an 
anodically  grown  Ti02  film  50  A  thick.  The  Ti  surface 
was  prepared  by  successive  mechanical  polishing  with 
alumina  (Buehler)  slurries  down  to  0.05  pm  grit,  fol¬ 
lowed  by  a  short  chemical  etch  with  a  2:4:94  volume 
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Electrochemical  Current,  (nA)  Electrochemical  Current  (nA)  Photocurrent  (nA) 


Electrochemical  Current  (nA)  Photocurrent  (nA) 

Fig.  27.  Images  generated  by  scanning  over  a  pitting  precursor  site  in  1  M  KBr  and  0.05  M  H2SO4.  Probe-to-substrate  over  a  pitting  percursor 
site  in  1  M  KBr  and  0.05  M  H2SO4.  Probe-to-substrate  separation  was  about  30  pm.  (A)  SECM  image  with  substrate  biased  at  1.0  V(SCE),  using 
a  carbon  fiber  probe  (8  pm).  (B)  SECM  image  at  the  same  bias,  using  an  Au-coated  optical  fiber  probe  as  shown  in  Fig.  25.  Note  that  the  location 
was  shifted  slightly  when  the  carbon  fiber  probe  was  switched  to  the  Au  probe.  (C)  PEM  image  with  substrate  biased  at  0.5  V(SCE),  /  =  351  nm, 
using  an  Au-coated  optical  fiber.  (D),  (E)  SPECM  images  with  substrate  biased  at  l.OV(SCE),  /  =  351  nm,  using  an  Au-coated  optical  fiber. 
Probe-to-substrate  separation  was  roughly  250  pm.  (D)  SECM  image.  (E)  Concurrent  PEM  image. 


per  cent  solution  of  HF:HN03:H20.  Following  an 
anodic  oxidation  in  0.05  M  H2SO4,  the  sample  and  the 
probe  were  immersed  in  a  solution  of  1  M  KBr  and 
0.05  M  H2SO4.  The  probe  was  held  at  a  potential  of 
0.3  V(SCE)  and  the  applied  potential  at  the  Ti  disk  was 
fixed  at  either  0.5  or  1.3  V(SCE)  as  noted.  Illumination 
at  351  and  364  nm  was  provided  by  an  Ar"^  laser  and 
the  light  was  modulated  at  17  Hz  using  a  mechanical 
chopper.  The  photocurrent  at  the  reference  modulation 
frequency  was  measured  using  a  lock-in  amplifier  as 
described  previously.  The  experimental  set-up  for 
SPECM  is  similar  to  the  one  depicted  in  Fig.  23  with 
the  addition  of  a  lock-in  amplifier. 

Fig.  26  show  SPECM  results  obtained  with  the  probe 
placed  about  40  pm  above  the  sample  and  rastered  at 
40pms“^  Fig.  26(a)  shows  the  positional  dependence 
of  the  electrochemical  current  on  the  gold  ring  of  the 
probe  with  the  Ti02-Ti  sample  illuminated  and  held  at 
a  potential  of  0.5  V(SCE),  while  Fig.  26(b)  shows  the 


corresponding  photocurrent  measured  concurrently. 
The  measured  photocurrent  was  due  mainly  to  the 
oxidation  of  Br“  to  Br2,  which  is  more  efficient  than  the 
oxidation  of  water  to  O2  [70].  Correspondingly,  the 
probe  current  was  due  mainly  to  the  electroreduction  of 
Br2 .  The  onset  of  the  probe  current  is  seen  to  coincide 
with  the  rise  in  photocurrent,  which  emphasizes  the 
coupled  nature  of  the  reactions.  Such  coupling  was 
found  when  the  Ti-Ti02  substrate  was  biased  either  at 
0.5  V(SEC)  (which  is  below  the  redox  potential  of  the 
Br“/Br2  couple)  or  at  1.3  V(SCE).  In  the  former  case  no 
Br2  could  be  electrochemically  produced  at  the  substrate. 
More  detailed  discussion  can  be  found  in  Ref.  [67]. 

Preliminary  SPECM  studies  to  identify  precursor 
sites  for  pitting  on  samples  similar  to  those  discussed  in 
the  previous  section  have  been  carried  out.  Fig.  27 
shows  the  SPECM  images  of  a  sample  similar  to  the 
one  shown  in  Fig.  24.  As  can  be  seen,  the  precursor  site 
which  has  a  high  electrochemical  activity  also  has  a  low 
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photocurrent  relative  to  the  surrounding  area.  Tests 
performed  by  spiking  the  electrolyte  with  high  concen¬ 
trations  of  Bis  (maximum  absorbance  268  nm)  indicate 
that  the  effect  is  much  larger  than  could  be  accounted 
for  by  absorption  of  incident  light.  While  SECM  alone 
cannot  distinguish  whether  the  electrochemically  active 
area  is  (1)  thinner  or  (2)  more  highly  doped  (defective) 
than  its  surroundings,  the  SPECM  results  suggest  that 
the  electrochemically  active  area  is  thinner.  A  thinner 
film  is  consistent  with  a  lower  photocurrent  [37,38], 
whereas  a  more  highly  doped  region  should  have  a 
higher  photocurrent  [71,72].  Surface  analysis  (scanning 
electron  microscopy -energy-dispersive  X-ray  analysis 
and  Auger)  of  the  scanned  region  shown  in  Fig.  27  did 
not  reveal  any  inclusions  or  other  impurities  which 
might  indicate  a  chemical  cause  of  the  reduction  in 
photocurrent.  The  results  are  preliminary  and  a  more 
complete  study  is  under  way.  Our  results  indicate  that 
one  may  be  able  to  use  purely  optical  techniques  to 
locate  precursor  sites,  an  approach  that  would  be  ex¬ 
tremely  valuable  for  corrosion  prevention  and  surface 
treatment  methods. 


9.  Summary 

We  have  described  a  number  of  experimental  tech¬ 
niques  that  have  been  used  in  our  laboratory  for  funda¬ 
mental  studies  of  corrosion.  The  methods  described 
included  those  that  are  used  to  measure  corrosion  rates 
(QCM,  optical  fiber  microsensors,  PDIM  and  CLSM), 
to  locate  corrosion  sites  (PDIM,  CLSM,  PEM  and 
SECM)  and  to  locate  precursor  sites  that  are  suscepti¬ 
ble  to  localized  corrosion  (CLSM,  PEM,  s-PEM, 
SECM  and  SPECM).  We  have  shown  that  the  above- 
mentioned  methods  have  been  successful  in  all  three 
tasks  of  (1)  measuring  corrosion  rates,  (2)  locating 
corroding  sites  and  (3)  locating  precursor  sites.  How¬ 
ever,  much  work  still  needs  to  be  done  to  understand 
the  fundamental  causes  of  local  oxide  breakdown,  and 
the  experimental  methods  described  in  this  paper 
should  provide  the  means  to  verify  the  theoretical 
work. 
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Abstract 

The  quartz  crystal  microbalance  (QCM)  technique  is  capable  of  detecting  small  mass  changes  in  the  region  of  nanograms  per 
square  centimetre  from  resonant  frequency  changes  of  the  quartz  crystal.  In  this  study,  the  QCM  technique,  combined  with 
electrochemical  measurements,  was  applied  to  the  minute  corrosion  of  iron  thin  films  in  deaerated  neutral  solutions. 

An  iron  thin  film  with  a  thickness  of  200  nm  was  electroplated  on  the  gold  electrode  of  a  quartz  crystal.  The  mass  changes  of 
the  iron  thin  film  during  natural  immersion  or  galvanostatic  polarization  in  deaerated  pH  6.48  borate  solution,  pH  6.42  borate 
solution  with  10  ~  -  M  chloride  ions,  pH  6.0  borate  solution  with  0.5  M  chloride  ions  and  pH  6.48  phosphate  solution  were  measured 
as  a  function  of  time  or  potential  to  evaluate  the  iron  dissolution  rate  or  iron  dissolution  current.  The  corrosion  rate  of  the  iron 
thin  film  on  natural  immersion  increased  in  the  order  pH  6.48  phosphate  >  pH  6.0  borate  with  0.5  M  chloride  ions  >  pH  6.42  borate 
with  10“-  M  chloride  ions  >  pH  6.48  borate  solution. 

The  net  current  flowing  through  the  external  circuit  during  galvanostatic  polarization  near  the  corrosion  potential  was  successfully 
separated  into  the  iron  dissolution  current  and  hydrogen  evolution  current.  Tafel  plots  of  the  iron  dissolution  current  and  hydrogen 
evolution  current  were  made  to  evaluate  the  corrosion  mechanism  of  the  iron  thin  film.  The  Tafel  slopes  of  iron  dissolution  and 
hydrogen  evolution  thus  obtained  depend  on  the  electrolyte  solutions,  from  which  conclusions  can  be  drawn  on  the  corrosion 
mechanism. 

Keywords:  Quartz  crystal  microbalance;  Iron  thin  film;  Corrosion  rate;  Corrosion  mechanism;  Neutral  aqueous  solution 


1.  Introduction 

The  quartz  crystal  microbalance  (QCM)  technique  [1] 
is  capable  of  detecting  small  mass  changes  in  the  region 
of  nanograms  per  square  centimetre  from  resonant 
frequency  changes  of  the  quartz  crystal.  Recent  applica¬ 
tion  of  the  QCM  technique  to  aqueous  systems  [2-8] 
has  enabled  in  situ  gravimetry  under  controlled  electro¬ 
chemical  conditions  to  be  performed.  The  simultaneous 
measurement  of  the  mass  change  and  electric  charge 
would  provide  a  better  understanding  of  corrosion  pro¬ 
cesses  of  metals  in  aqueous  systems. 

There  have  been  many  studies  on  the  dissolution 
kinetics  of  iron  in  acidic  solutions  [9,10].  The  mecha¬ 
nism  of  iron  dissolution  has  been  deduced  from  the 
Tafel  slopes  of  the  anodic  current  measured  during 
polarization  in  various  acidic  solutions.  Heusler  [11] 
explained  the  Tafel  slope  of  30  mV  per  decade  in  terms 
of  a  catalytic  mechanism  in  which  an  adsorbed  interme¬ 
diate  species,  FeOH^d,  acts  as  a  catalyst  for  iron  disso¬ 
lution.  Bockris  et  al.  [12]  proposed  that  iron  dissolution 
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proceeds  stepwise,  with  two  consecutive  one-electron 
exchange  reactions,  to  explain  the  Tafel  slope  of  40  mV 
per  decade.  The  addition  of  halogen  ions,  such  as 
chloride  ions,  to  acidic  solutions  probably  retards  iron 
dissolution  and  provides  a  Tafel  slope  of  60  mV  per 
decade  or  higher  [13-17].  The  influence  of  chloride  ions 
on  the  Tafel  slope  was  explained  by  taking  into  consid¬ 
eration  the  participation  of  chloride  ions  in  the  dissolu¬ 
tion  mechanism  as  an  adsorbed  intermediate  [13-17]. 

The  knowledge  of  iron  dissolution  in  deaerated  neu¬ 
tral  solutions  (as  compared  with  acidic  solutions)  is 
insufificient  to  determine  the  corrosion  kinetics  and 
mechanism,  because  of  difficulties  in  measuring  the  low 
corrosion  rate  and  the  limitations  of  anodic  polariza¬ 
tion  in  the  narrow  potential  region.  The  precipitation  of 
corrosion  products,  such  as  Fe(OH)2,  on  the  iron  sur¬ 
face  due  to  the  low  solubility  will  take  place  during 
anodic  polarization  in  neutral  solutions  and  will  influ¬ 
ence  the  dissolution  kinetics.  In  some  cases,  the  Tafel 
slopes  near  the  potential  of  the  active  dissolution  cur¬ 
rent  peak  have  unexpectedly  high  values  above  120  mV 
per  decade  [18].  Anodic  polarization  near  the  corrosion 
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potential  avoids  the  influence  of  corrosion  products  on 
the  dissolution  kinetics,  but  the  separation  of  the  net 
current  into  the  iron  dissolution  current  and  hydrogen 
evolution  current,  which  are  partially  coupled  near  the 
corrosion  potential,  is  necessary  to  evaluate  the  Tafel 
slope. 

Recently,  it  has  been  recognized  that  the  measure¬ 
ment  of  the  low  corrosion  rate  is  important  to  predict 
the  lifetime  of  overpack  materials  for  the  long-term 
storage  (more  than  1000  years)  of  nuclear  waste  under 
reducing  environments  [19].  Carbon  steel  [20]  is  one  of 
the  candidates  for  overpack  materials;  due  to  its  uni¬ 
form  corrosion  rate,  it  is  easy  to  predict  the  lifetime  in 
spite  of  the  corrosion  allowance  material  in  a  deaerated 
environment. 

Moreover,  the  utilization  of  metal  thin  films  in  elec¬ 
tronic  materials  and  devices  has  increased  with  the 
increasing  demand  for  data  processing  of  high  density 
and  high  speed.  The  corrosion  of  thin  films,  even  if 
minute,  will  produce  severe  damage  of  the  equipment 
because  of  the  very  small  and  limited  size.  A  study  of 
the  minute  corrosion  of  metal  thin  films  [21-23]  is  also 
necessary  to  protect  these  materials  from  the  environ¬ 
ment. 

In  this  study,  the  corrosion  behaviour  of  iron  thin 
films  in  deaerated  neutral  solutions  was  investigated 
using  the  QCM  technique  combined  with  electrochemi¬ 
cal  measurements.  A  special  attempt  was  made  to  sepa¬ 
rate  the  net  current  into  the  iron  dissolution  current 
and  hydrogen  evolution  current  in  order  to  evaluate  the 
Tafel  slopes  for  the  iron  thin  films  polarized  near  the 
corrosion  potential. 


2.  Experimental  details 

A  QCM  sensor  head  (5  MHz,  AT-cut  quartz  crystal) 
with  an  oscillator  circuit  (TPS  500,  Maxtek,  Inc.)  was 
used  in  this  experiment.  Gold  electrodes  were  evapo¬ 
rated  onto  both  sides  of  the  quartz  crystal  in  the  sensor 
head.  The  geometrical  surface  area  of  the  electrode  was 
0.50  cm“.  The  iron  thin  films,  with  a  thickness  of  about 
200  nm,  were  electroplated  onto  one  side  of  the  gold 
electrodes  on  the  quartz  crystal.  The  electroplating  was 
performed  in  0.9  M  FeS04(NH4)2S04-6H20  at  pH  2,0 
at  20  °C  under  a  constant  cathodic  current  density  of 
4x  10“"  A  cm““  for  90  s. 

The  following  relation  between  the  mass  change  Am 
and  the  change  in  the  resonant  frequency  of  the  quartz 
crystal  A/ holds  [24] 

a/)7/a/= (1) 

where  /o  is  the  resonant  frequency,  is  the  density  and 
//q  is  the  shear  modulus  of  the  quartz  crystal.  For  5 
MHz,  AT-cut  quartz  crystal,  the  value  of  Am/ 
Af=  —  1.77  X  10“  ^  g  cm“-  Hz“’  is  obtained  as  the 


mass  sensitivity  by  substituting  y;)  =  5xl0^'  Hz, 
Pq  =  2.648  g  cm^-"^  and  =  2.947  x  10'*  g  cm“  *  Sh¬ 
into  Eq.  (1). 

In  liquid  application  of  the  QCM  technique,  the 
resonant  frequency  depends  on  the  viscosity  and  den¬ 
sity  of  the  liquid  in  contact  with  the  quartz  crystal 
[25,26]  according  to  Eq.  (2) 

A/  =  q/Al)'  "  (2) 

where  //i  and  are  the  viscosity  and  density  of  the 
liquid  in  contact  with  the  quartz  crystal.  However,  it 
was  confirmed  [4,27]  that  Eq.  (1)  is  still  valid  if  the 
viscosity  and  density  of  the  liquid  do  not  change  during 
the  QCM  experiment  in  the  liquid. 

Fig.  1  shows  a  block  diagram  of  the  electrochemical 
QCM  system.  The  sensor  head  was  mounted  in  an 
electrochemical  cell,  using  an  acryl  resin  holder.  The 
gold  electrode  covered  with  the  iron  thin  film  on  one 
side  of  the  crystal  was  ground  and  used  as  the  working 
electrode.  The  electrolyte  solution  of  about  100  cm"^ 
introduced  into  the  cell  was  circulated  at  a  rate  of  150 
cm'^  min  “  ‘  with  a  pump  to  avoid  apparent  mass 
changes  which  may  result  from  changes  in  the  viscosity 
and  density  of  the  solution  due  to  the  enrichment  of 
dissolved  species  near  the  surface  [8].  The  electrolyte 
solutions  employed  for  this  study  were  as  follows:  (a) 
pH  6.48  borate  solution  (0.292  M  H.BO,  +  2  x  10“^  M 
Na2B407);  (b)  pH  6.48  phosphate  solution  (0.192  M 
NaH2P04-h  0.108  M  Na2HP04);  (c)  pH  6.42  borate 
solution  with  10““  M  chloride  ions  (0.292  M 
H3BO3  +  2XIO  ^  M  Na2B4O7+10  “  M  NaCl);  (d) 
pH  6.0  borate  solution  with  0.5  M  chloride  ions  (0.292 
M  H3B03-f-2  X  10“^  M  Na2B4O7  +  0.5  M  NaCl). 


N  2 


Fig.  1.  Block  diagram  of  electrochemical  QCM  system. 
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Fig.  2.  Mass  change  Am  vs.  time  t  and  electrode  potential  E  vs.  time 
t  curves  for  iron  thin  films  on  natural  immersion  in  pH  6.48  borate 
solution,  pH  6.42  borate  solution  with  10““  M  chloride  ions  and  pH 
6.0  borate  solution  with  0.5  M  chloride  ions. 


These  solutions  were  deaerated  with  ultrapure  nitro¬ 
gen  gas  before  and  during  the  experiments.  The  temper¬ 
ature  of  the  solution  introduced  into  the  cell  was  kept 
at  25+0.1  during  the  experiments.  The  iron  thin 
film  immersed  in  pH  6.48  borate  or  phosphate  solution 
without  chloride  ions  was  cathodically  reduced  at  a 
constant  current  density  of  4  =  5  x  10“^  A  cm“^  for 
10^  s  to  remove  the  air-formed  oxide  film  [8].  After 
cathodic  reduction,  the  solution  was  renewed  or 
changed  and  the  iron  thin  film  was  galvanostatically 
polarized  in  the  anodic  or  cathodic  direction  near  the 
corrosion  potential.  The  changes  in  the  resonant  fre¬ 
quency  of  the  quartz  crystal  due  to  the  mass  changes 
during  polarization  were  monitored  with  a  frequency 
counter  and  recorded  on  a  personal  computer.  An 
Ag/AgCl  electrode  was  used  as  the  reference  electrode 
and  the  electrode  potential  was  referred  to  a  standard 
hydrogen  electrode  (SHE). 


linear  relation  increases  with  increasing  concentration 
of  chloride  ions.  The  difference  in  corrosion  behaviour 
between  pH  6.48  borate  and  phosphate  solutions  is 
shown  in  Fig.  3.  It  can  be  seen  that  the  corrosion  rate 
in  phosphate  solution  is  2.6  times  that  in  borate  solu¬ 
tion  in  spite  of  the  same  pH  value.  The  corrosion  rates 
of  iron  thin  films  on  natural  immersion  in  various 
solutions  are  listed  in  Table  1.  The  values  of  4orr  were 
converted  from  the  values  of  d(Am)/d/  by  assuming 
that  the  iron  dissolves  as  ferrous  ions  with  a  current 
efficiency  of  100%. 

3.2.  Galvanostatic  polarization  of  iron  thin  films  near 
the  corrosion  potential  in  various  solutions 

Fig.  4  shows  the  Aw  vs.  t  and  E  vs.  t  curves  for  iron 
thin  films  galvanostatically  polarized  near  the  corrosion 
potential  in  pH  6.48  borate  solution.  The  linear  relation 
between  Aw  and  t  holds  in  both  anodic  and  cathodic 
polarization.  The  linear  slope  increases  with  increasing 
anodic  current  density,  whereas  it  decreases  with  in¬ 
creasing  cathodic  current  density.  Figs.  5  and  6  show 
the  Aw  vs.  t  and  E  vs.  t  curves  for  iron  thin  films 
galvanostatically  polarized  near  the  corrosion  potential 
in  circulated  pH  6.0  borate  solution  with  0.5  M  chlo¬ 
ride  ions  and  pH  6.48  phosphate  solution  respectively. 
The  same  tendency  is  observed  in  Figs.  5  and  6  as  in 
Fig.  4. 

3.3.  Separation  of  net  galvanostatic  current  density  into 
iron  dissolution  current  density  and  hydrogen  evolution 
current  density 

At  the  corrosion  potential  of  iron  thin  films,  the  iron 
dissolution  reaction  (Fe  Fe^  "^  +  2e  “ )  is  coupled  with 
the  hydrogen  evolution  reaction  (2H2O  +  2e  “ 

H2  +  20H“),  i.e.  the  iron  dissolution  current  density  4 
is  equal  to  the  hydrogen  evolution  current  density  4 


3.  Results  and  discussion 

3.1.  Corrosion  rates  of  iron  thin  films  on  natural 
immersion  in  various  solutions 

Fig.  2  shows  the  mass  change  Aw  vs.  time  t  and  the 
electrode  potential  E  vs.  time  t  curves  for  iron  thin  films 
on  natural  immersion  in  pH  6.48  borate  solution,  pH 
6.42  borate  solution  with  10“^  M  chloride  ions  and  pH 
6.0  borate  solution  with  0.5  M  chloride  ions  which  were 
circulated  at  a  rate  of  150  cm^  min“  ^  in  the  cell.  The 
mass  decreases  linearly  with  time,  whereas  the  electrode 
potential  remains  almost  constant.  The  linear  relation 
between  Aw  and  t  holds  irrespective  of  the  concentra¬ 
tion  of  chloride  ions.  The  corrosion  rate  on  natural 
immersion  can  be  obtained  from  the  slope  of  the 
straight  line.  The  corrosion  rate  obtained  from  the 


Fig.  3.  Mass  change  Am  vs.  time  t  and  electrode  potential  E  vs.  time 
t  curves  for  iron  thin  films  on  natural  immersion  in  pH  6.48  borate 
and  phosphate  solutions. 
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Table  1 

Corrosion  rates  of  iron  thin  films  on  natural  immersion  in  deaerated  solutions 


Solution 

E,,,,,(V  vs.  SHE) 

d(A/;?)/d/(g  cm  -s  ') 

'corrlAcm”-) 

pH  6.48  borate 

-0.55 

6.2  X  10  ’ 

2.1  X  10-'" 

pH  6.42  borate  with  10”“  M  Cl“ 

-0.53 

8.4  X  10 

CO 

X 

0 

1 

pH  6.0  borate  with  0.5  M  Cl 

-0.54 

9.4  X  IO-‘' 

3.2  X  lO--"^ 

pH  6.48  phosphate 

-0.58 

1.6  X  10 

5.4  X  10-" 

and  hence  no  net  current  flows  through  the  external 
circuit.  If  the  iron  thin  films  are  polarized  in  the  anodic 
and  cathodic  directions  slightly  away  from  the  corro¬ 
sion  potential,  the  net  current  which  balances  the  differ¬ 
ence  between  the  iron  dissolution  current  and  the 
hydrogen  evolution  current  flows  through  the  external 
circuit.  The  following  relation  holds 

/g  =  4  +  4  (3) 

where  4  is  the  net  current  density.  The  signs  of  4  and  4 
in  Eq.  (3)  are  defined  as  plus  and  minus  respectively. 
The  iron  dissolution  current  density  4  can  be  obtained 
from  the  mass  loss  rate  d(Am)ldt  using  Eq.  (4) 

X  d{Am)ldt  (4) 

where  M  is  the  atomic  weight  of  iron  and  F  is  the 
Faraday  constant.  The  hydrogen  evolution  current  den¬ 
sity  4  can  be  obtained  by  subtracting  4  from  4. 

The  values  of  4  and  4  thus  separated  for  the  iron 
thin  films  in  various  solutions  are  shown  as  a  function 
of  the  electrode  potential  in  Figs.  7  and  8.  The  correc¬ 
tion  for  zR  drop  by  a  current  interruption  method  was 
made  for  pH  6.48  borate  solution  because  of  the  low 


conductivity  (2.52  x  10“^^  S  cm  4  of  the  solution.  It 
appears  from  Fig.  7  that  the  addition  of  chloride  ions 
to  the  borate  solution  promotes  both  the  iron  dissolu¬ 
tion  and  hydrogen  evolution.  However,  the  promotion 
of  hydrogen  evolution  may  result  from  the  decrease  in 
the  pH  of  the  solution  due  to  the  addition  of  chloride 
ions. 

As  shown  in  Fig.  8,  phosphate  ions  also  promote 
both  iron  dissolution  and  hydrogen  evolution  relative 
to  borate  ions.  The  concentration  of  phosphate  ions  is 
significantly  higher  than  that  of  borate  ions  at  pH  6.48. 
The  promotion  of  iron  dissolution  may  be  attributed  to 
the  high  concentration  of  phosphate  ions  compared 
with  borate  ions.  However,  it  seems  difficult  to  explain 
the  promotion  of  hydrogen  evolution  in  terms  of  the 
difference  in  the  concentration  of  electrolyte  anions. 

3  A.  Taj  el  plots  of  and  j'or  iron  thin  films 
polarized  near  the  corrosion  potential 

Figs.  9  and  10  show  the  Tafel  plots  of  /.^  and  for  the 
iron  thin  films  polarized  near  the  corrosion  potential  in 
various  solutions.  The  Tafel  plots  of  and  i^  are  almost 


Fig.  4.  Am  vs.  t  and  E  vs.  t  curves  for  iron  thin  films  galvanostatically 
polarized  near  the  corrosion  potential  in  pH  6.48  borate  solution. 
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Fig.  5.  Am  vs.  1  and  E  vs.  t  curves  for  iron  thin  films  galvanostatically 
polarized  near  the  corrosion  potential  in  pH  6.0  borate  solution  with 
0.5  M  chloride  ions. 
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Fig.  6.  Am  vs.  t  and  E  vs.  t  curves  for  iron  thin  films  galvanostatically 
polarized  near  the  corrosion  potential  in  pH  6.48  phosphate  solution. 

linear  in  pH  6.48  phosphate  solution.  On  the  other 
hand,  the  Tafel  plots  in  pH  6.48  borate  solution  consist 
of  two  linear  parts.  In  pH  6.0  borate  solution  with  0.5 
M  chloride  ions,  the  Tafel  plot  of  4  deviates  abruptly 


Fig.  8.  4  and  4  separated  as  a  function  of  the  electrode  potential  for 
iron  thin  films  in  pH  6.48  borate  and  phosphate  solutions. 


Fig.  7.  4  and  4  separated  as  a  function  of  the  electrode  potential  for 
iron  thin  films  in  pH  6.48  borate  solution  and  pH  6.0  borate  solution 
with  0.5  M  chloride  ions. 


from  linearity  at  potentials  higher  than  -0.5  V,  al¬ 
though  the  Tafel  plot  of  4  is  linear.  The  Tafel  slopes, 
and  b^,  obtained  from  the  linear  parts  of  these  plots  for 
4  and  4  are  summarized  in  Table  2. 

A  Tafel  slope  of  b^  =  40  mV  per  decade  is  theoreti¬ 
cally  derived  if  the  following  mechanism,  proposed  by 
Bockris  et  al.  [12],  is  operative  in  iron  dissolution 

Fe-|-H20  =  FeOH,d  +  H+ +e-  (5) 

FeOH,d^FeOH+ +e-  (6) 

FeOH+ =Fe2+ -KHjO  (7) 

where  FeOH^d  is  the  adsorbed  intermediate  and  the 
reaction  of  Eq.  (6)  is  the  rate-determining  step.  The 
Tafel  slope  of  ^3  =  44  mV  per  decade  obtained  in  pH 
6.48  phosphate  solution  is  close  to  40  mV  per  decade, 
suggesting  that  iron  dissolution  obeys  the  Bockris 
mechanism.  Two  Tafel  slopes  of  b.^  =  64  mV  per  decade 
and  Z)3  =  154  mV  per  decade  are  obtained  in  pH  6.48 
borate  solution.  The  lower  value  at  log  4  (A 

cm  ^)  <  —  4.5  is  almost  equal  to  the  Tafel  slope 
(^3  =  60  mV  per  decade)  obtained  in  pH  6.0  borate 
solution  with  0.5  M  chloride  ions.  A  Tafel  slope  of 
^3  =  60  mV  per  decade  may  be  derived  if  an  adsorbed 
intermediate,  such  as  an  iron  borate  complex,  partici¬ 
pates  in  the  iron  dissolution  as  follows 
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Fe  +  H3BO3  +  H,0  =  FeB(OH)4,,d  "  +  H  (8) 

FeB(OH)4,,.d- +H20->Fe0H  B  (OH)4  +  H+  +2e^  (9) 

FeOH  B(OH)4  =  Fe-+ +B(0H)4- +OH  “  (10) 

where  FeB(OH)4,ad"  is  the  adsorbed  intermediate  and 
the  reaction  of  Eq.  (9)  is  the  rate-determining  step.  The 
presence  of  boron  on  the  iron  surface  subjected  to 
active  dissolution  in  pH  8.42  borate  solution  was  confi¬ 
rmed  by  Auger  electron  spectroscopy  [28].  The  chloride 
ions  may  also  participate  in  the  iron  dissolution 

FeB(OH)4.^d-  -bCl--^FeCl-B(OH)4-t-2e-  (11) 

FeCl  B(OH)4  =  Fe-+ -I- B(0H)4- -bCl  "  (12) 

where  the  reaction  of  Eq.  (11)  is  the  rate-determining 
step.  The  high  Tafel  slope  of  154  mV  per  decade  at 
log  4  (A  cm“-)>  -4.5  in  pH  6.48  borate  solution  is 
associated  with  the  insufficient  correction  for  the  ;R 
drop  in  the  solution  or  the  enrichment  of  ferrous  borate 
complex  ions  near  the  surface  [8]. 

Many  studies  of  hydrogen  evolution  on  various 
metals  have  been  performed  [29].  The  Tafel  slope  of 
b^=l20  mV  per  decade  obtained  in  pH  6.48  phosphate 
solution  means  that  the  following  mechansim  is  opera¬ 
tive 

HjO-f  e^H,,d-t-OH-  (13) 


solution  with  0.5  M  chloride  ions. 


Fig.  10.  Tafel  plots  of  4  and  4  for  iron  thin  films  polarized  near  the 
corrosion  potential  in  pH  6.48  borate  and  phosphate  solutions. 


Had  +  —  H, 

where  the  reaction  of  Eq.  (13)  is  the  rate-determining 
step.  It  is  known  that  the  hydrogen  evolution  reaction 
on  iron  during  cathodic  polarization  in  acidic  solutions 
has  a  Tafel  slope  of  120  mV  per  decade.  At  present,  it 
seems  difficult  to  explain  the  high  Tafel  slopes  of 
190  mV  per  decade  and  180  mV  per  decade  ob¬ 
tained  in  pH  6.48  borate  solution  and  pH  6.0  borate 
solution  containing  0.5  M  chloride  ions.  The  symmetry 
factor  P  for  the  charge  transfer  reaction  is  usually 
regarded  as  0.5.  An  adsorbed  intermediate,  such  as 
FeB(OH)4„d  A  may  influence  the  potential  energy-dis¬ 
tance  curve  for  the  charge  transfer  reaction  of  Eq.  (13) 
to  give  a  symmetry  factor  P  of  0.32,  i.e.  less  than  0.5. 

It  seems  that  the  measurement  of  4  is  not  as  accurate 
as  that  of  4.  The  accuracy  of  the  measurement  of  4 
becomes  poor  as  4  approaches  4.  The  abrupt  deviation 
of  the  Tafel  plot  of  4  from  linearity  at  potentials  higher 
than  —0.5  V  in  pH  6.0  borate  solution  with  0.5  M 
chloride  ions  may  result  from  errors  in  the  measure¬ 
ment  of  4  because  4  is  comparable  with  4  at  —0.5  V. 

Further  conclusions  on  the  mechanisms  of  iron  disso¬ 
lution  and  hydrogen  evolution  from  the  Tafel  slopes 
will  require  improvements  in  the  accuracy  and  repro¬ 
ducibility  of  electrochemical  QCM  measurements. 
Moreover,  a  wide  range  of  electrochemical  QCM  exper- 
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Table  2 

Tafel  slopes  of  iron  dissolution  b.^  and  hydrogen  evolution  for  the 
iron  thin  films  during  galvanostatic  polarization  near  the  corrosion 
potential 


Solution 

K 

(mV  per  decade) 

bo 

(mV  per  decade) 

ph  6.48  borate 

64/153 

190/117 

pH  6.0  borate 

with  0.5  MCI - 

60 

180 

pH  6.48  phosphate 

44 

120 

iments  in  deaerated  neutral  solutions  containing  differ¬ 
ent  concentrations  of  electrolyte  anions  (not  only  bo¬ 
rate,  phosphate  and  chloride,  but  also  sulphate, 
perchlorate  and  carbonate)  must  be  conducted  to  ob¬ 
tain  a  comprehensive  understanding  of  the  corrosion 
mechanism  of  iron  thin  films. 

4.  Conclusions 

The  following  conclusions  can  be  drawn  from  the 
electrochemical  QCM  results  of  the  minute  corrosion  of 
iron  thin  films  in  deaerated  neutral  solutions  containing 
various  electrolyte  anions. 

(1)  The  corrosion  rates  of  iron  thin  films  on  natural 
immersion  were  obtained  from  the  mass  change  vs. 
time  curves,  and  depend  on  the  electrolyte  solutions 
in  the  order  pH  6.48  phosphate  solution  >  pH  6.0 
borate  solution  with  0.5  M  chloride  ions  >  pH  6.42 
borate  solution  with  10“^  M  chloride  ions  >  pH 
6.48  borate  solution. 

(2)  The  measurement  of  the  mass  change  during  the 
galvanostatic  polarization  of  iron  thin  films  near  the 
corrosion  potential  has  succeeded  in  separating  the 
net  current  density  ig  into  the  iron  dissolution  cur¬ 
rent  density  4  and  the  hydrogen  evolution  current 
density  4  as  a  function  of  the  electrode  potential. 

(3)  A  Tafel  slope  of  b.^  =  44  mV  per  decade  was  obtained 
for  iron  dissolution  in  pH  6.48  phosphate  solution, 
indicating  that  the  Bockris  mechanism  is  operative 
here.  On  the  other  hand,  Tafel  slopes  of  b,^  =  64  mV 
per  decade  and  60  mV  per  decade  were  obtained  in 
pH  6  .48  borate  solution  and  in  pH  6.0  borate 
solution  with  0.5  M  chloride  ions,  suggesting  that  an 
adsorbed  intermediate,  such  as  FeB(OH)4  “ ,  par¬ 
ticipates  in  the  rate-determining  step  of  iron  dissolu¬ 
tion  with  the  charge  transfer  of  two  electrons. 

(4)  A  Tafel  slope  of  b^=\20  mV  per  decade  was 
obtained  for  hydrogen  evolution  in  pH  6.48  phos¬ 
phate  solution,  which  is  consistent  with  that  usually 
observed  for  hydrogen  evolution  on  iron  in  acidic 


solutions,  and  indicates  that  the  formation  of  ad¬ 
sorbed  hydrogen  atoms  with  the  charge  transfer  of 
one  electron  from  water  molecules  is  the  rate-  deter¬ 
mining  step.  The  Tafel  slopes  of  b^  in  pH  6.48  borate 
solution  and  pH  6.0  borate  solution  with  0.5  M 
chloride  ions  were  higher  than  120  mV  per  decade, 
which  may  be  attributed  to  the  symmetry  factor  for 
the  charge  transfer  reaction  (y?  <0.5). 
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Abstract 

Intermetallic  compounds  and  composites  based  on  them  are  candidate  materials  for  high  temperature  structural  applications. 
However,  both  elevated  temperature  and  ambient  temperature  resistance  to  the  environment  pose  potential  problems.  For 
example,  minor  alloying  elements  have  been  shown  to  have  a  significant  influence  on  the  static  and  cyclic  oxidation  resistance.  In 
addition,  at  ambient  temperatures,  virtually  all  of  the  alloys  that  have  been  examined  show  considerable  susceptibility  to  hydrogen 
embrittlement.  A  brief  overview  of  these  phenomena  is  presented. 

Keywords:  Intermetallic  compounds;  Composites;  Oxidation;  Hydrogen  embrittlement;  Alloying 


1.  Introduction 

Intermetallic  compounds,  alloys  based  on  them  and 
composite  materials  using  intermetallic  compounds  or 
alloys  as  matrix  materials  have  been  identified  as  poten¬ 
tial  high  technology  materials  for  structural  applica¬ 
tions.  However,  most  intermetallics  lack  inherent 
ductility,  often  exhibit  poor  creep  resistance  and,  since 
many  are  line  or  near  line  compounds,  do  not  lend 
themselves  to  alloying  without  the  precipitation  of  sec¬ 
ond  phases  which  are  usually  deleterious.  Nevertheless, 
several  promising  intermetallics  are  currently  being  de¬ 
veloped  either  for  use  as  monolithic  materials  or  as 
components  of  composite  materials.  In  the  latter  case, 
the  inherent  lack  of  ductility  and  the  associated  lack  of 
significant  toughness  are  overcome  by  controlled  inter¬ 
facial  bonding  between  the  matrix  and  the  reinforcing 
phases.  From  an  environmental  point  of  view,  those 
intermetallics  which  are  line  or  near  line  compounds,  in 
some  instances,  exhibit  phase  transformations  when  one 
of  the  elements  in  the  compound  is  selectively  oxidized 
at  elevated  temperatures.  In  addition,  they  are  often 
sensitive  to  hydrogen  embrittlement  and/or  oxygen-in¬ 
duced  embrittlement,  and  many  oxidize  catastrophically 
at  intermediate  temperatures.  While  these  disadvan¬ 
tages  are  certainly  substantial,  the  development  of  a 
number  of  interesting  systems  is  currently  underway, 
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with  potential  applications  for  both  ambient  and  ele¬ 
vated  temperatures. 

2.  Alloy  systems 

Although  a  large  number  of  interesting  alloy  systems 
have  been  explored,  only  those  systems  which  appear  to 
be  close  to  commercial  application  will  be  discussed 
here.  These  alloys  include  the  nickel  aluminides  (Ni3Al 
and  NiAl),  the  iron  aluminides  (Fe3Al  and  FeAl),  the 
titanium  aluminides  (Ti3Al,  TiAl  and  TiAl3),  niobium 
aluminide  (NbAl3)  and  molybdenum  disilicide  (MoS^. 
Some  of  the  known  properties  of  these  materials  are 
shown  in  Table  1. 

The  discovery  that  small  amounts  of  boron  (approxi¬ 
mately  0.1%)  added  to  Ni3Al  resulted  in  a  significant 
increase  in  the  room  temperature  ductility  has  initiated 
a  significant  amount  of  research  into  other  alloying 
elements  [1]  which  might  enhance  the  ductility  in  other 
alloy  systems.  However,  with  the  exception  of  a  very 
few  specific  alloying  additions,  it  is  generally  conceded 
that  the  boron  effect  is  rather  selective.  Boron  has  been 
shown  to  enhance  the  ductility  of  other  LI2  compounds 
including  Ni3Si  [2]  and  Ni3Ga  [2],  although  neither  of 
these  alloys  is  currently  being  extensively  developed. 
Ni3Al  also  shows  some  enhanced  ductility  when  alloyed 
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Table  1 

Properties  of  selected  intermetallic  compounds 


Compound 

Crystal 

structure 

Melting 
point  CC) 

Density 
(g  cm“  -b 

Modulus 

(GPa) 

Specific  modulus 
(GPA  g  cm“^) 

Ni,Al 

LN 

1390 

7.50 

178 

23.7 

NiAl 

B2 

1640 

5.86 

200 

34.1 

TiAl 

Ll() 

1460 

3.91 

175 

44.8 

NbAl, 

DO.. 

1600 

4.54 

— 

— 

MoSb 

Cll 

2030 

6.3 

359 

57.0 

Al.Ti" 

DO.. 

1325 

3.40 

— 

— 

Fe3Al 

DO3 

6.72 

141 

21.1 

^Disorders  at  approximately  550  °C. 


with  manganese,  chromium,  iron,  beryllium  or  palla¬ 
dium  [3-6].  However,  except  for  the  palladium  and 
beryllium  effects,  ductility  is  achieved  with  the  other 
alloying  additions  due  to  the  formation  of  ductile  sec¬ 
ond  phases.  Fe3Al  and  FeAl  show  a  significant  amount 
of  ductility  in  dry  air,  but  moisture  is  sufficient  to 
induce  embrittlement.  This  phenomenon  will  be  ad¬ 
dressed  in  a  later  section  of  this  paper.  No  significant 
room  temperature  ductility  has  been  achieved  for  other 
intermetallic  alloys  of  interest  for  advanced  technologi¬ 
cal  applications,  except  for  TiAl,  which  has  been  al¬ 
loyed  with  chromium  and  vanadium  to  yield  room 
temperature  ductilities  of  approximately  3%  [7].  These 
alloys  are  two-phase  materials  (y  +  a-2)  [8],  and  the 
alloying  additions  generally  decrease  the  melting  tem¬ 
peratures  of  the  alloys  as  well  as  increase  their  density; 
both  effects  reduce  the  advantages  of  the  intermetallic 
alloys  when  compared  with  conventional  high  technol¬ 
ogy  alloys.  It  should  be  noted  that  the  alloys  of  most 
interest  to  technological  applications  contain  significant 
amounts  of  aluminum  or,  in  the  case  of  MoSi2,  silicon. 
Since  these  alloys  are  generally  intended  for  elevated 
temperature  use,  it  is  imperative  that  they  form  protec¬ 
tive  oxide  scales.  An  exception  to  the  use  of  these  alloys 
for  intermediate  to  high  temperature  applications  is  the 
development  of  the  iron  aluminides  which  are  currently 
being  studied  as  potential  replacements  for  stainless 
steels. 


3.  Elevated  temperature  resistance 

The  intermetallic  compound  NiAl  has  already  been 
widely  utilized  as  a  coating  material  for  conventional 
nickel-based  alloys  in  aerospace  applications.  In  con¬ 
ventional  oxidizing  atmospheres,  it  forms  a  continuous 
aluminum  oxide  film  which  resists  further  oxidation  by 
inhibiting  cationic  diffusion  through  the  film.  It  is 
somewhat  susceptible  to  spalling  due  to  cyclic  oxida¬ 
tion.  This  drawback  has  been  addressed  by  the  addition 
of  rare  earth  elements  to  the  aluminide,  which  has  been 


shown  to  improve  the  adherence  of  the  oxide  film.  As  a 
monolithic  material  it  undergoes  a  ductile  to  brittle 
transition  at  approximately  400  °C  [9].  This  transition 
results  in  inferior  creep  properties,  and  it  is  unlikely 
that  the  compound  can  be  used  at  elevated  tempera¬ 
tures  without  composite  reinforcing.  Single  crystals  of 
the  compound  have  been  developed  [10],  and  in  order 
to  improve  the  low  temperature  toughness  of  the  alloy, 
iron  or  cobalt  has  been  added  to  provide  crack-blunting 
second  phases  [11].  Other  alloying  additions  have  re¬ 
sulted  in  an  improvement  in  the  elevated  temperature 
strength  of  the  compounds  to  a  level  where  they  com¬ 
pete  successfully  with  conventional  nickel-based  super¬ 
alloys,  with  a  density  reduction  of  some  40%  [12]. 

Even  Ni3Al  shows  a  significant  amount  of  oxidation 
resistance  through  the  formation  of  alumina;  the  oxida¬ 
tion  resistance  is  even  better  than  that  of  pure  silicon 
and  considerably  better  than  that  of  nickel  or  of  the 
nickel -chromium  alloys  (Fig.  1)  [13].  Unfortunately, 
the  relatively  low  melting  temperature  of  the  com¬ 
pound,  combined  with  its  relatively  high  density,  will 
probably  inhibit  its  use  for  aerospace  applications.  On 
the  other  hand,  it  is  currently  being  developed  as  a 
possible  candidate  for  land-based  turbines,  for  internal 
combustion  engine  applications  and  for  incinerator 
components,  etc. 


10VT(°K-1) 

Fig.  1 .  Parabolic  oxidation  rate  constants  for  aluminides  and  conven¬ 
tional  alloys  [13]. 
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Nb:  5%  5%  5% 

Hf:  1% 


Fig.  2.  Effect  of  niobium  on  the  parabolic  rate  constant  of  TiAl  [14]. 


The  titanium  aluminides  show  increasing  oxidation 
resistance  with  increasing  aluminum  content.  TiAl3 
shows  the  best  oxidation  resistance,  but  has  the  lowest 
melting  temperature  of  the  Ti-Al  alloys,  which  may 
limit  its  elevated  temperature  use.  However,  its  high 
ductility  and  outstanding  oxidation  resistance  may 
make  it  a  suitable  coating  material  for  titanium  and  its 
alloys  for  intermediate  temperature  applications.  TiAl 
is  considerably  less  oxidation  resistant  than  TiAl3,  even 
with  50%  aluminum  in  the  compound.  The  inferior 
oxidation  resistance  arises  because  rutile  (Ti02)  is  a 
significant  component  of  the  oxidation  products  pro¬ 
duced  at  temperatures  in  the  vicinity  of  1000  °C  [14]. 
The  cationic  diflfusivity  is  considerably  higher  in  rutile 
than  in  alumina.  Recent  results  indicate  that  the  addi¬ 
tion  of  niobium  to  TiAl  can  result  in  significantly 
improved  oxidation  resistance.  The  oxidation  rate  con¬ 
stant  is  reduced  by  at  least  two  orders  of  magnitude 
with  the  addition  of  5  wt.%  niobium  to  a  40  wt.% 
aluminum  alloy.  Further  addition  of  a  small  amount  of 
hafnium  results  in  a  further  decrease  in  the  static  oxida¬ 
tion  rates  of  TiAl-based  alloys  (Fig.  2)  [14].  Ti3Al  has 
undergone  a  considerable  amount  of  development,  with 
significant  additions  of  niobium  reported  to  improve 
the  ductility  and  small  amounts  of  vanadium  and 
molybdenum  imparting  strength  without  sacrificing 
ductility  [15].  However,  the  relatively  low  melting  tem¬ 
perature  limits  the  useful  operating  temperature  to  ap¬ 
proximately  800  and  the  alloy  shows  a  marked 
tendency  towards  hydrogen  embrittlement  (see  follow¬ 
ing  section).  In  any  event,  the  alloy  is  not  resistant  to 
oxidation,  due  to  the  formation  of  rutile  as  its  primary 
reaction  product,  and  would  probably  only  be  success¬ 
fully  utilized  in  a  coated  condition. 


The  niobium  aluminide  of  perhaps  the  most  techno¬ 
logical  interest,  NbAl3,  exhibits  an  interesting  high  tem¬ 
perature  oxidation  phenomenon  [16].  Although  this 
alloy  contains  a  considerable  amount  of  aluminum,  an 
abnormally  high  rate  of  oxidation  is  observed.  This 
behavior  can  be  ascribed  to  the  fact  that  this  material  is 
a  line  compound,  allowing  virtually  no  variation  in 
either  the  niobium  or  aluminum  content.  Depletion  of 
aluminum  from  the  original  aluminide  due  to  oxidation 
results  in  a  phase  transformation  from  NbAl3  to  Nb2Al. 
This  compound  exhibits  significantly  lower  oxidation 
resistance  and  indeed  oxidizes  so  rapidly  that  it  is 
virtually  consumed  by  the  oxidative  process.  This,  in 
turn,  results  in  exposure  of  the  original  compound  to 
oxidation,  to  form  alumina,  which  is  depleted  in  alu¬ 
minum  and  undergoes  a  subsequent  phase  transforma¬ 
tion.  The  final  result  is  a  banded  reaction  product  zone 
consisting  of  alternate  layers  of  alumina  and  niobium 
aluminate  and,  in  some  instances,  niobia. 

MoSi2  is  one  of  the  most  oxidation  resistant  com¬ 
pounds  being  considered  for  elevated  temperature  appli¬ 
cations.  The  reaction  product  on  this  compound  is  silica 
(Si02),  and  the  “pest”  phenomenon  described  below 
does  not  occur  in  fully  dense,  crack-free  material  [17]. 

In  addition  to  static  oxidation  considerations,  thermal 
cycling  also  affects  the  elevated  temperature  environ¬ 
mental  resistance  of  intermetallic  compounds  and  al¬ 
loys.  The  differences  between  the  coefficients  of  thermal 
expansion  of  the  oxides  and  the  base  materials  can 
result  in  significant  tensile  or  compressive  stresses  in  the 
oxides  with  the  result  that  the  oxide  film  will  fail  in 
tension  or  by  buckling.  For  superalloys  and  superalloy 
coatings  this  phenomenon  can  be  alleviated  by  alloying 
with  trace  amounts  of  zirconium,  hafnium  or,  more 
commonly,  yttrium.  A  similar  alloying  scheme  has  also 
been  successful  for  niobium  aluminides  as  well  as  nickel 
aluminides.  Fig.  3  shows  the  cyclic  oxidation  results  for 
these  alloys  containing  either  yttrium  or  zirconium  and, 

HU-  Nb-40AI-8Cr-  1Y 

Nb-40AI-8Cr-  1Si-  1Y 
-O-  Nb  -  30AI 
-O-  Nb-30A!-0.1  Zr 


1  CYCLE  =  1  HOUR  HOLD  AT  1200°C  +  20  min  COOL  IN  AIR 


Fig.  3.  Cyclic  oxidation  behavior  of  intermetallics  alloyed  with  minor 
element  additions  [18]. 


208 


DJ.  Duquette  .  Materials  Seieuee  and  Engineering^  A  198  (!995)  205  -21} 


Fig.  4.  Intermediate  temperature  embrittlement  of  Ni.Al  alloys  in  air 
showing  the  beneficial  effect  of  Cr  additions  [20]. 

in  one  case,  silicon  [18].  Similar  results  have  been 
reported  for  TiAl  and  for  monolithic  NiAl  where  such 
additions  have  been  traditionally  applied  to  coating 
materials  [14,19]. 

At  intermediate  temperatures  intermetallics  suffer 
from  two  rather  distinct  phenomena  which  are  not 
usually  observed  in  conventional  alloys.  These  are  the 
so-called  “pest”  phenomenon  and  oxygen-induced  em¬ 
brittlement.  The  “pest”  phenomenon  results  from  rapid 
internal  oxidation  of  the  intermetallics,  generally  along 
grain  boundaries.  These  internal  oxidative  processes 
generally  generate  large  internal  volumetric  expansions, 
virtually  always  resulting  in  the  serious  degradation  of 
mechanical  properties  and,  in  some  cases,  total  destruc¬ 
tion  of  the  material  in  an  almost  explosive  manner. 
While  the  specific  mechanisms  of  this  phenomenon 
have  not  been  quantitatively  established,  it  appears  that 
surface  oxide  films,  which  are  formed  at  intermediate 
temperatures,  are  not  sufficient  diffusion  barriers  to 
oxygen  ingress.  Grain  boundaries,  with  their  inherent 
defect  structures,  act  as  short  circuit  diffusion  paths  in 
preference  to  the  usually  ordered  matrix.  This  phe¬ 
nomenon  has  been  reported  for  virtually  all  of  the 
aluminides  with  the  possible  exception  of  TiAl. 

Oxygen-induced  embrittlement,  which  has  been  re¬ 
ported  in  cases  where  internal  oxidation  has  not  had 
sufficient  time  to  occur,  is  another  recently  observed 
phenomenon  in  some  intermetallic  compounds  at  inter¬ 
mediate  temperatures.  It  has  been  observed  in  polycrys¬ 
tals  and  single  crystals  of  Ni3Al  and  in  polycrystals  of 
Ni3Si  [20,21].  The  phenomenon  is  generally  not  ob¬ 
served  in  vacuum  and,  while  it  has  generally  been 
associated  with  oxygen,  some  recent  results  suggest  that 
it  may  also  be  related  to  water  vapor,  and  accordingly 
to  hydrogen  embrittlement.  For  Ni3Al,  this  intermedi¬ 
ate  temperature  embrittlement  may  be  somewhat  allevi¬ 
ated  by  alloying  with  chromium,  as  shown  in  Fig.  4 
[20]. 


The  efiect  of  compositing  on  any  of  the  phenomena 
described  above  has  not  been  extensively  studied.  How¬ 
ever,  in  a  series  of  experiments  conducted  on  TiAl  as 
well  as  on  NiAl,  it  has  been  shown  that  the  chemistry 
of  the  reinforcing  phase  appears  to  play  a  significant 
role  in  the  static  and  cyclic  oxidation  behavior.  For 
example,  the  introduction  of  a  zirconia-stabilized  alu¬ 
mina  reinforcing  phase  in  TiAl  results  in  a  significant 
increase  in  the  static  oxidation  rate  and  in^  otherwise 
unobserved  internal  oxidation  processes.  S^ubstitution 
of  the  zirconium-stabilized  reinforcing  phase  with  pure 
alumina  results  in  only  slightly  increased  oxidation 
rates,  the  increase  being  associated  with  a  rapid  diffu¬ 
sion  path  along  the  interface  between  the  reinforcing 
phase  and  the  matrix  material.  The  presence  of  rein¬ 
forcing  phase  in  TiAl  virtually  always  results  in  en¬ 
hanced  oxide  adherence  on  this  compound  during  cyclic 
oxidation,  although  the  exact  cause  of  the  enhanced 
adherence  is  still  not  well  understood  [14].  For  NiAl, 
reinforcing  phases  of  either  HfB2  or  TiB2  result  in 
abnormally  high  static  oxidation  rates  [16].  In  this  case, 
the  enhanced  oxidation  is  associated  with  the  inclusion 
of  boron  oxide  in  the  alumina  film,  which  results  in  a 
non-protective  barrier  film,  and  may  even  result  in  the 
fluxing  of  the  otherwise  protective  alumina.  The  inclu¬ 
sion  of  alumina  reinforcing  phases  in  NiAl  has  no  effect 
on  the  intrinsic  oxidation  resistance  of  the  compound. 

Thus  although  research  into  the  oxidation  of  com¬ 
posites  based  on  intermetallic  compounds  is  still  in  its 
infancy,  it  is  apparent  that  the  nature  of  the  reinforcing 
phase  can  exert  a  profound  effect  on  the  oxidation 
resistance. 


4.  Ambient  temperature  resistance 

In  addition  to  elevated  temperature  considerations, 
many  intermetallic  compounds  suffer  from  room  tem¬ 
perature  degradation,  particularly  by  solid  state  dis¬ 
solved  hydrogen.  Table  2  gives  a  brief  summation  of 
some  of  the  intermetallic  compounds  and  alloys  which 
have  been  shown  to  be  affected  by  this  phenomenon. 

The  LI 2  compounds  appear  to  be  exceptionally  sus¬ 
ceptible,  although  perhaps  only  because  they  generally 
exhibit  more  inherent  ductility  than  other  crystal  struc- 


Table  2 

Alloys  embrittled  by  hydrogen 


B2 

DO,, 

LL 

Orthorhombic 

DO3 

FeCo  V 

FeAl 

TiAl 

Ti3Al 

Ni^Al  +  B 
Ni'^Fe 
(Fe.Nil.V 
C03Ti 

Ni3Alo.4Mno,6 

NiXr 

Fe.Al 
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Fig.  5.  Effect  of  environment  on  the  ductility  of  Ni3Al  [27]. 


tures  [22-26].  For  example,  Fig.  5  shows  the  results  of 
slow  strain  rate  tests  for  annealed  and  cold-worked 
Ni3Al  in  several  environments  [27]. 

These  data  show  that  only  acidic  environments  have 
any  appreciable  effect  on  the  ductility  of  this  com¬ 
pound,  and  that  annealed  samples  show  a  larger  reduc¬ 
tion  in  ductility  than  cold-  worked  samples.  The 
implications  of  these  experiments  are  that  hydrogen, 
produced  by  electrochemical  reaction  with  the  com¬ 
pound,  is  responsible  for  the  marked  reduction  in  duc¬ 
tility.  Furthermore,  sulfuric  acid  has  a  more  damaging 
elfect  than  nitric  acid.  This  result  is  reasonable  if  it  is 
assumed  that  sulfuric  acid,  being  a  reducing  acid,  can 
be  expected  to  generate  more  hydrogen  under  freely 
corroding  conditions  than  nitric  acid,  which  is  an  oxi¬ 
dizing  acid.  The  beneficial  role  of  cold  working  is 
presumably  to  provide  trapping  sites  for  electrochemi- 
cally  generated  hydrogen. 

Fig.  6  shows  the  effects  of  the  application  of  electro¬ 
chemical  potentials  on  the  ultimate  tensile  strength 
ratios  for  an  Ni3Al  alloy  containing  boron  [27].  It  is 
clear  that  only  when  hydrogen  is  actively  generated 


Fig.  6.  Effect  of  potential  on  the  ductility  of  Ni^Al  [27]. 


Table  3 

Effects  of  environment  on  the  room  temperature  tensile  properties  of 
Fe3Al  [25] 


Test 

environment 

Elongation 

(%) 

Yield 

strength 

(MPa) 

Tensile 

strength 

(MPa) 

B2 

Air 

4.1 

387 

559 

Vacuum 

12.8 

387 

851 

Ar  +  4%  H. 

8.4 

385 

731 

Oxygen 

12.0 

392 

867 

H2O  vapor 

2.1 

387 

475 

DO3 

Air 

3.7 

279 

514 

Vacuum 

12.4 

316 

813 

Oxygen 

11.7 

298 

888 

H2O  vapor 

2.1 

322 

439 

does  embrittlement  occur.  It  has  also  been  shown  that 
cathodic  precharging  of  a  similar  alloy  results  in  large 
losses  of  ductility,  while  simultaneous  charging  of  the 
alloy  with  cathodic  hydrogen  results  in  virtually  no 
ductility,  indicating  that  dynamic  hydrogen  effects  are 
more  damaging  than  simply  introducing  hydrogen  into 
the  alloy  matrix  [23].  Similar  effects  have  been  observed 
for  Ni3Fe  compounds  except  that,  for  this  compound, 
which  can  be  ordered  or  disordered  at  room  tempera¬ 
ture,  the  ordered  compound  shows  considerably  more 
embrittlement  when  tensile  testing  and  cathodic  charg¬ 
ing  are  applied  simultaneously  [23].  In  both  Ni3Al  and 
Ni3Fe,  the  presence  of  hydrogen  results  in  grain 
boundary  separation. 

Iron  aluminides  are  also  susceptible  to  hydrogen 
embrittlement.  In  fact,  for  these  alloys  it  appears  that 
laboratory  air  is  a  sufficient  embrittlement  medium  for 
either  Fe3Al  or  FeAl  [28,29].  For  example.  Table  3 
shows  the  results  of  exposure  of  Fe3Al  to  a  variety  of 
environments  including  air,  vacuum,  dry  oxygen,  dry 
hydrogen  and  water  vapor.  These  data  indicate  that  air 
and  water  vapor  are  extremely  damaging  to  the  ductil¬ 
ity  and  strength  of  this  material,  but  that  hydrogen  per 
se  is  only  slightly  damaging.  Vacuum  and  dry  oxygen 
have  virtually  no  effect  on  the  mechanical  properties  of 
the  compound.  These  data  also  show  that  the  embrit¬ 
tling  effect  is  not  a  function  of  the  crystal  structure  of 
the  compound,  the  B2  and  DO3  structures  (controlled 
by  heat  treatment)  yielding  essentially  the  same  depen¬ 
dence  on  the  environment.  Similar  results  have  been 
observed  for  FeAl,  except  that  a  vacuum  of  less  than 
10“"^  Pa  and  argon  +  4%  hydrogen  were  apparently  not 
sufficiently  inert  to  inhibit  at  least  some  degree  of 
embrittlement.  The  role  of  dry  oxygen  in  virtually 
completely  inhibiting  hydrogen  embrittlement  is  not 
totally  understood,  but  it  has  been  suggested  that,  since 
it  appears  to  be  more  effective  in  the  case  of  the  higher 
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aluminum  alloy,  the  formation  of  alumina  may  prevent 
the  ingress  of  hydrogen. 

It  is  perhaps  interesting  to  note  that,  in  the  case  of 
the  iron  aluminides,  Fe3Al  exhibits  cleavage  cracking 
when  it  is  hydrogen  embrittled,  while  FeAI  exhibits 
intergranular  separation.  This  observation  suggests  that 
there  is  nothing  intrinsic  about  hydrogen-induced  inter¬ 
granular  failure,  but  that  hydrogen  embrittlement  sim¬ 
ply  follows  the  line  of  least  resistance  with  respect  to 
the  fracture  path.  Some  recent  results  regarding  the 
Fe3Ai  alloy  indicate  that  the  hydrogen  embrittlement 
phenomenon  is  similar  to  that  for  more  conventional 
alloy  systems.  For  example,  decreasing  strain  rates  re¬ 
sult  in  decreased  ductilities  in  environments  containing 
air  or  water  vapor,  but  have  no  effect  on  the  ductility  in 
dry  oxygen  [30].  The  addition  of  5%  chromium  to  the 
Fe3Al  compound  has  been  reported  to  inhibit  cracking 
under  conditions  of  cathodic  charging  when  samples 
are  statically  loaded  (U-bend  tests)  [31].  However,  when 
dynamically  tensile  tested  in  air  or  after  precharging 
with  hydrogen,  severe  embrittlement  is  observed,  the 
ductility  being  reduced  to  less  than  2%  compared  with 
a  value  of  13%  in  vacuum  [32].  Compositing  of 
chromium-alloyed  Fe3Al  with  AI2O3  fibers  has  no  sig¬ 
nificant  effect  on  the  susceptibility  to  hydrogen  embrit¬ 
tlement  of  the  alloy  [30]. 

Hydrogen  embrittlement  has  also  been  reported  for 
titanium  aluminides,  including  some  relatively  highly 
alloyed  materials.  In  contrast  with  most  of  the  inter- 
metallics  studied,  these  materials  have  been  shown  to 
precipitate  hydrides  when  they  contain  more  than  50 
at.%  titanium  [33].  Embrittlement  due  to  hydrogen  gas 
has  been  reported  for  Ti-24Al-llNb  [34]  and  for 
Ti-25Al-10Nb-3V-lMo  [35].  For  the  former  alloy, 
the  ductility  was  reduced  from  3%  to  0%  when  it  was 
annealed  in  hydrogen.  For  the  latter  alloy,  the  ductility 
was  1.7%  for  a  test  performed  in  hydrogen  compared  to 
a  ductility  of  2.8%  for  a  test  performed  in  helium. 
Interestingly,  a  loss  of  ductility  was  also  observed  for 
this  alloy  when  the  tests  were  performed  at  204  °C,  in 
contrast  with  many  other  hydrogen-embrittled  alloys 
which  show  susceptibility  only  near  room  temperature. 
This  can  be  interpreted  as  evidence  that  hydrides  are 
associated  with  embrittlement  in  these  alloys  since  the 
hydrides  have  been  shown  to  be  stable  to  relatively  high 
temperatures  (depending  on  the  hydrogen  content  of 
the  alloys).  TiAl  also  appears  to  be  susceptible  to 
hydrogen  embrittlement.  A  reduction  in  tensile  strength 
has  been  reported  for  a  Ti-48Al-2.5Nb-0.3Ta  alloy 
after  pre-exposure  to  hydrogen  gas  at  815  °C  for  30  min 
[36,37]. 

With  the  exception  of  the  titanium  compounds  and 
alloys,  where  the  distinct  possibility  of  hydride  forma¬ 
tion  may  provide  an  explanation  for  the  observed  duc¬ 
tility  losses,  the  mechanisms  for  the  hydrogen 
embrittlement  of  the  intermetallic  compounds  and  al¬ 


loys  appear  to  be  similar  to  those  suggested  for  other 
alloy  systems.  These  include  hydrogen-enhanced  plas¬ 
ticity  and/or  decohesion  of  either  cleavage  planes  or 
grain  boundaries.  Direct  experimental  evidence  for 
either  of  these  mechanisms  (with  the  possible  exception 
of  a  few  experiments  performed  in  situ  in  an  electron 
microscope)  has  yet  to  be  obtained. 

5.  Conclusions 

Although  considerable  effort  is  being  devoted  to  the 
development  of  intermetallic  compounds  and  their  al¬ 
loys  for  structural  applications,  it  is  probable  that  most 
of  these  materials  will  be  used  for  elevated  temperature 
applications  under  conditions  where  conventional  struc¬ 
tural  materials  cannot  be  employed.  In  addition,  it  is 
probable  that,  given  the  intrinsic  lack  of  ductility  exhib¬ 
ited  by  most  of  the  intermetallics,  they  will  have  to  be 
composited  in  order  to  provide  sufficient  toughness  for 
structural  applications.  However,  independent  of  the 
attractive  elevated  temperature  capabilities  shown  by 
these  materials,  considerations  of  static  and  cyclic  oxi¬ 
dation  will  have  to  be  addressed,  particularly  since  it 
has  been  shown  that  reinforcements  may  have  signifi¬ 
cant  effects  on  elevated  temperature  environmental  re¬ 
sistance.  Finally,  it  has  been  shown  that  virtually  every 
intermetallic  compound  or  alloy  examined  is  embrittled 
by  hydrogen.  Although  it  is  unlikely  that  this  phe¬ 
nomenon  will  be  of  direct  importance  for  elevated 
temperature  applications  (with  the  possible  exception  of 
titanium  compounds),  each  of  the  systems  considered 
must  resist  hydrogen  embrittlement  at  ambient  temper¬ 
atures.  As  a  minimum,  if  resistance  to  hydrogen  embrit¬ 
tlement  cannot  be  realized,  sufficient  engineering  data, 
related  to  the  properties  of  the  alloys  in  the  presence  of 
hydrogen,  must  be  generated  to  ensure  the  successful 
utilization  of  these  materials. 
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Abstract 

The  role  of  potential  distribution  inside  cavities  or  recesses  in  a  metal  surface  is  discussed  in  the  context  of  non-uniform 
corrosion  rates  where  planar  surfaces  give  way  to  pitted,  cracked  or  porous  surfaces  or  where  planar  surfaces  contain  crevices.  The 
analysis  uses  the  following  concepts:  (a)  the  aspect  ratio  (ratio  of  the  depth  to  opening  dimensions)  of  a  cavity  is  an  important 
factor  in  determining  the  electrode  potential  distribution  into  the  cavity,  and  (b)  since  the  aspect  ratio  is  independent  of  the  size 
of  the  cavity,  large  aspect  ratios  and  hence  large  voltage  differences  {IR  drops)  can  exist  within  the  smallest  of  cavities.  The 
consequences  of  a  wide  distribution  of  electrode  potential  on  the  internal  cavity  surface  are  discussed  in  the  context  of  (i)  crevice 
corrosion,  (ii)  hydrogen  charging  from  inside  cavities  during  anodic  polarization  of  their  external  surface,  (iii)  the  role  of  surface 
diffusion  in  dealloying  corrosion  and  (iv)  the  transition  from  metastable  to  stable  pitting  corrosion. 

Keywords:  Potential  distribution;  Corrosion;  Cavities;  Pitting 


1.  Introduction 

The  non-uniform  distribution  of  electrode  potential 
within  cavities  or  surface  recesses  is  an  important  con¬ 
sideration  in  understanding  the  mechanisms  of  various 
forms  of  localized  corrosion.  The  electrode  potential 
varies  significantly  on  planar  surfaces  and  is  considered 
a  critical  factor  in  various  electrochemical  processes, 
including  those  involved  in  corrosion  prevention,  spe¬ 
cifically  in  the  design  of  cathodic  and  anodic  protection 
systems.  The  presence  of  cavities  or  recesses  in  the 
surface  strongly  accentuates  the  spatial  non-uniformity 
of  the  potential  distribution  on  the  metal  surface  and 
within  the  depth  of  the  cavity.  Voltage  drops  of  10^- 
10'^  mV  and  corresponding  shifts  of  the  local  electrode 
potential  from  the  cavity  opening  towards  its  bottom 
have  been  measured  and/or  calculated  [1-8].  The 
voltage  difference  from  the  cavity  opening  to  its  bottom 
increases  to  a  limiting  value  with  increasing  aspect  ratio 
a  of  the  cavity,  where  a  is  defined  as  the  ratio  of  the 
depth  to  opening  dimensions  of  the  cavity  [7-10].  Since 
the  aspect  ratio  is  independent  of  the  actual  size  of  the 
cavity,  these  large  voltage  differences  can  exist  within 
the  smallest  of  cavities  [11].  The  aspect  ratio  is  a  useful 
concept  for  discussing  the  potential  distribution  and 
can  be  described  quantitatively  so  that  one  can  define  a 


critical  aspect  ratio  needed  for  the  initiation  of  localized 
corrosion  for  simple  geometries  (e.g.  rectangular 
crevices  or  cylindrical  pits)  completely  filled  with  the 
electrolyte*,  i.e.  for  a  cavity  of  a  given  opening  dimen¬ 
sion  the  required  depth  for  active  dissolution  at  its 
bottom  can  be  predicted;  the  results  of  some  model 
calculations  are  described  below. 

These  electrode  potential  differences  exist  on  the 
internal  cavity  surface  as  a  result  of  current  flow  within 
the  cavity  electrolyte,  i.e.  between  the  anodic  reaction 
sites  on  the  internal  cavity  surface  and  the  cathodic 
reaction  sites  outside  the  cavity.  Consequently,  the 
difference  E{x)  —  E{x  =  0)  must  be  matched  by  a  simi¬ 
lar  difference  of  potential  in  the  electrolyte  phase, 
^(jc)  —  0(x  =  0).  It  follows  that 


A" 

I{x)R{x)  dx 
Jo 


(1) 


where  £(x)  is  the  electrode  potential  at  a  distance  x 
into  the  cavity,  E{0)  is  the  potential  at  the  cavity 


’  The  effective  aspect  ratio  can  be  much  larger  than  the  geometrical 
value  as  a  result  of  the  formation  of  gaseous  and/or  solid  corrosion 
products  inside  the  cavity  [6,12,13].  Though  often  a  factor  in  localized 
corrosion,  this  complexity  is  not  considered  in  detail  in  this  paper. 
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opening,  shown  as  E(x  =  0)  in  Fig.  1,  and  fix)  and  R{x) 
are  the  magnitudes  respectively  of  the  current  flowing  at 
a  distance  v  through  the  cavity  electroylte  and  of  the 
resistance  of  the  electrolytic  path  within  the  cavity, 
which  might  be  constricted  by  (hydrogen)  gas  bubbles  or 
solid  corrosion  products.  Upon  using  Eq.  (1),  /  is 
considered  as  positive  for  an  anodic  current  and  negative 
for  a  cathodic  current.  This  IR  is  a  complex  function  of 
the  properties  of  the  system  and  of  the  distance  x  [7-10]. 

Since  the  electrode  potential  varies  with  distance  x 
into  the  cavity,  the  rate  of  metal  dissolution  also  varies 
over  the  internal  cavity  surface  in  accord  with  the 
polarization  behavior  of  the  metal  under  the  local 
electrochemical  conditions.  In  fact,  the  current  density 
may  vary  by  orders  of  magnitude.  In  addition,  other 
half-cell  electrochemical  reactions  may  occur  at  differ¬ 
ent  depths  on  the  cavity  surface.  Hence  the  internal 
cavity  surface  will  be  supporting  one  or  more  electro¬ 
chemical  reactions  at  various  depths  within  the  cavity. 
Furthermore,  the  rates  of  these  reactions  will  also  be 
dependent  on  the  distance  within  the  cavity. 

The  objective  of  this  paper  is  to  review  the  character¬ 
istics  of  potential  distribution  inside  surface  cavities  for 
cases  of  cathodic  and  anodic  polarizations.  Treatments 
will  be  given  of  its  role  in  localized  and  other  forms  of 
corrosion. 

l.L  Cathodic  polarization 

Let  us  first  consider  a  case  of  cathodic  polarization  of 
a  metal  surface  with  a  recess  or  surface  crack,  as  often 
happens  under  conditions  of  cathodic  protection  [7,14]. 
For  such  a  system,  the  i^-Ec  coordinates  are  located  on 
the  polarization  curve  of  hydrogen  evolution  in  Fig.  1, 
with  the  outer  surface  of  the  metal  being  at  ^^.(x^O) 
and  i^{x  =  0).  From  Eq.  (1),  £(x)  inside  the  cavity  in 
Fig.  1  becomes  more  noble  with  increasing  distance  x 
into  the  cavity.  Consequently,  the  current  density  4  of 
the  hydrogen  evolution  reaction  (HER)  decreases  on 
the  cavity  surface  with  increasing  distance  x  into  the 
cavity.  The  exact  current  and  potential  distributions  on 
the  internal  cavity  surface  and  the  ionic  distributions 
within  the  cavity  electrolyte  will  depend  on  the  dimen¬ 
sions  of  the  cavity  and  the  electrochemical  conditions 
prevailing  at  the  external  cavity  surface.  Solutions  to 
the  steady  state  diffusion -migration  flux  equations 
have  been  reported  for  the  case  of  hydrogen  charging  of 
a  metal  surface  containing  a  rectangular  crack,  along 
with  measurements  of  potential  and  some  ionic  concen¬ 
trations  within  artificial  cracks  in  active  (Fe  and  Ni) 
and  noble  (Cu)  metals  [7].  However,  the  actual  distribu¬ 
tions  can  be  much  more  non-uniform  than  the  calcu¬ 
lated  distributions  as  a  result  of  hydrogen  gas 
accumulation  inside  the  cavity  [7,12];  it  was  shown  that 
owing  to  gas  constriction  the  measured  potential  drop 
was  much  greater  than  that  calculated  [7]. 


For  cavities  of  sufficiently  large  aspect  ratio  E(x) 
increases  with  increasing  x  to  the  £ij„,  value  at  the 
X  =  Xii„i  location  on  the  internal  cavity  surface  and  E(x) 
is  also  at  the  value  at  greater  distances  into  the 
cavity,  x^Xn,,,,  i.e.  the  internal  cavity  surface  at 
X  ^  Xiij„  is  not  under  the  influence  of  the  polarization 
condition  at  the  outer  surface  [8,14].  In  the  simplest 
case  of  cathodic  polarization  is  the  equilibrium 
potential  of  the  HER,  such  as  would  be  the  case  if  the 
electrode  were  a  noble  or  inert  metal,  e.g.  Cu  in  Ref. 
[7].  For  an  active  metal,  e.g.  Fe,  Ey^^^  is  the  mixed 
potential  established  (deep)  inside  the  cavity  by  both 
the  HER  and  the  metal  dissolution  reaction  occurring 
at  the  same  rate  and  potential  [7,14,15]  as  shown  in  Fig. 
1.  Consequently,  at  x  ^  X|jj,,  the  anodic  and  cathodic 
reactions  occur  together  at  the  same  location  rather 
than  being  separated  as  is  the  case  at  x  <  x,i„,  where  the 
anodic  reaction  occurs  in  part  or  totally  outside  the 
cavity  on  the  counterelectrode. 

From  the  perspective  typically  encountered  in  both 
laboratory  experiments  and  service  experience,  where 
electrochemical  conditions  can  be  monitored  only  at 
X  ^  0,  one  wishes  to  know  the  distribution  of  potential 
and  current  within  the  cavity.  Knowing  only  the  sign  of 
the  potential  distribution  is  usually  not  enough,  e.g.  in 


(a)  E  — ►  (+) 


Metal 


Fig.  1.  Schematics  that  show  (a)  the  directions  of  the  shifts  in  the 
electrode  potential  on  the  cathodic  and  anodic  polarization  curves 
with  increasing  distance  .v  into  a  cavity  for  cathodic,  £^.(.v  =  0),  and 
anodic  £.,(.v  =  0),  polarizations  respectively  and  (b)  a  cavity  with 
aspect  ratio  a  =  wjL. 
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designing  cathodic  protection  systems  or  in  analyzing 
the  relative  contributions  of  the  HER  and  the  metal 
dissolution  reaction  at  the  crack  tip  of  a  brittle-type 
crack  propagation  failure. 

L2.  Anodic  polarization  in  the  active  region 

For  anodic  polarization  of  the  external  surface  of  a 
metal  in  the  active  region,  i.e.  E,^{x  =  0)  <  in  Fig. 
1,  E{x)  becomes  less  noble  with  increasing  distance  into 
a  surface  cavity.  In  accord  with  the  decrease  in  over¬ 
potential,  the  rate  of  the  metal  dissolution  reaction 
decreases  with  increasing  distance  x  into  the  cavity. 
This  current  distribution  follows  the  polarization  curve 
in  Fig.  1  from  the  higher  current  in  the  active  region  at 
X  =  0  to  lower  currents  at  x  >  0  and  has  the  conse¬ 
quence  that  the  aspect  ratio  of  the  cavity  decreases  with 
time.  The  presence  of  the  cavity  has  the  same  effect  on 
the  overpotential  and  current  distributions  as  in  the 
case  of  cathodic  polarization  of  the  electrode:  both  the 
overpotential  and  the  current  density  decrease  with 
increasing  distance  into  the  cavity.  Furthermore,  as  for 
cathodic  polarization,  a  limiting  electrode  potential 
exists  whose  value  is  determined  by  the  equilibrium 
potential  of  the  metal  dissolution  reaction  (for  metals 
more  noble  than  hydrogen)  or  by  a  mixed  potential  (as 
illustrated  in  Fig.  1)  when  both  metal  dissolution  and 
hydrogen  evolution  occur  beyond  some  distance  into 
the  cavity,  as  in  the  case  of  base  metals. 

1.2.1.  Hydrogen  embrittlement  and  stress  corrosion 
cracking 

In  the  context  of  crack  propagation,  beyond  some 
stages  of  crack  development,  i.e.  at  greater  than  some 
aspect  ratio,  it  follows  that  the  condition  also  exists 
at  the  crack  tip.  Consequently,  the  crack  propagation 
rate,  to  the  extent  that  it  depends  on  potential,  re¬ 
sponds  to  this  value  rather  than  to  the  potential  at 
the  metal’s  outer  surface.  With  both  metal  dissolution 
and  the  HER  occurring  for  the  E^^^  condition  during 
either  anodic  or  cathodic  polarization,  the  conditions 
for  hydrogen  embrittlement  and  anodic  stress  corrosion 
cracking  exist  at  the  crack  tip  for  either  direction  of 
polarization  of  the  outer  surface.  For  example,  during 
free  corrosion  or  anodic  polarization  of  the  sample  the 
HER  and  its  companion  reaction,  hydrogen  absorption 
into  the  metal,  can  also  occur  at  the  crack  tip  (in 
addition  to  anodic  dissolution)  and  can  in  principle  lead 
to  hydrogen  embrittlement  and  subsequent  failure  of 
the  structure. 

1.3.  Anodic  polarization  in  the  passive  region 

One  often  encounters  a  situation  in  which  the  external 
surface  of  the  metal  is  under  anodic  polarization  in  the 
passive  region,  i.e.  E^{x  =  0)  >  in  Fig.  1  or  E.^^^  in 


the  polarization  curve  of  Fig.  2.  This  is  a  complicated 
situation  which  prevails  in  pitting  and  crevice  corrosion. 
Consequently,  its  analysis  is  necessary  for  understand¬ 
ing  the  mechanism  of  these  forms  of  localized  corrosion. 
With  the  outer  surface  polarized  into  the  passive  region 
as  shown  in  Figs.  1  and  2,  /(x  =  0)  is  the  low  current 
characteristic  of  the  passive  state.  E{x)  decreases  with 
increasing  x  and  may  decrease  below  .  It  is  reported 
below  that  for  active  pits  or  crevices  in  iron  E{x)  is 
below  the  passivation  potential  E^^^^  at  some  distance 
Xp^ss  into  the  cavity.  The  situation  E{x)  <  occurs 

when  the  IR  term  in  Eq.  (1)  exceeds  the  value 
defined  in  Fig.  2,  i.e.  /R>A^*.  Hence,  at  x>Xpass, 
E{x)  is  in  the  active  region  of  the  polarization  curve 
where  much  higher  metal  dissolution  rates  can  be  sup¬ 
ported.  At  greater  distances  the  current  decreases  from 
the  peak  value  in  accord  with  the  prevailing  potential  in 
the  active  region  (Figs.  1  and  2).  The  local  current 
flowing  out  of  the  cavity  from  these  x  >  Xp^^^  locations 
decreases  with  increasing  x  (to  zero  at  x  ^  x^^ )  and 
there  is  a  region  of  the  internal  cavity  surface  (between 
Xh/h+  and  x^^^  corresponding  to  £'h/h+  and  .F^^)  where 
hydrogen  gas  evolution  occurs. 

These  potential  variations  have  been  measured  and 
the  different  potential  regions  at  their  specific  distances 
into  a  cavity  surface  have  been  seen  by  in  situ  mi¬ 
croscopy  and  photographically  recorded  [11,16,17],  as 
shown  in  the  photograph  in  Fig.  2.  The  region  on  the 
photograph  between  Xp^^^  and  x^^^  labeled  “active 
crevicing”  develops  the  shape  shown  schematically  in 
cross-section  in  the  upper  left  diagram  of  Fig.  2.  This 
shape  reflects  the  kinetics  in  the  active  region  of  the 
polarization  curve  shown  schematically  at  the  top  right 
of  Fig.  2.  The  small  round  spots  in  the  lower  half  of  the 
photograph  are  hydrogen  gas  bubbles  resulting  from 
the  HER  in  its  potential  region  on  the  internal  cavity 
surface.  The  bubbles  grow  while  in  place  on  the  cavity 
surface. 

For  the  case  of  iron  in  acidic  solutions,  e.g.  the 
pH  4.6  buffered  solution  in  Fig.  2,  the  measured  poten¬ 
tial  inside  cavities  whose  aspect  ratios  exceed  the  critical 
value  for  crevice  corrosion  decreases  in  a  matter  of 
seconds  or  minutes  to  the  active  loop  region  of  the 
polarization  curve.  This  decrease  in  E{x)  is  matched  by 
a  steep  increase  in  current  to  the  1~10  mA  range.  Since 
these  synchronous  E{x)  and  I  values  have  been  found 
to  be  in  accord  with  the  polarization  curve  for  the 
(bulk)  electrolyte,  the  IR  >  *  condition  is  met 

virtually  immediately  and  crevice  corrosion  begins 
simultaneously.  Consequently,  crevice  corrQsion  begins 
without  a  need  for  prior  changes  in  ionic  concentration 
of  the  cavity  electrolyte.  This  is  in  agreement  with  the 
constant  measured  pH  in  cavities  formed  in  buffered 
acidic  solutions  (Fig.  2)  [18,19]. 

On  the  other  hand,  this  is  not  the  situation  in  alka¬ 
line  solutions,  in  the  sense  that  considerable  time  (of  the 


216 


H.W.  Pickering  I  Materials  Science  and  Engineering  A  198  (1995)  213-223 


Fig.  2.  Schematic  illustrating  metal  dissolution  and  the  HER  on  the  internal  cavity  surface,  with  their  locations  corresponding  to  their  respective 
polarization  curves  shown  on  the  right,  and  in  situ  photograph  of  the  corroding  internal  cavity  surface  taken  through  the  Plexiglas  (rebar  steel 
in  pH  4.7  acetic  acid  buffer  solution  [16]). 


order  of  hours)  is  required  before  the  measured 
potentials  inside  the  cavity  decrease  significantly  and 
crevice  corrosion  begins  [19].  Thereafter  the  qualitative 
behavior  is  the  same  as  for  acid  solutions.  The  E{x  ) 
and  /  values  change  synchronously:  during  the  induc¬ 
tion  period  E{x)  decreases  slightly  from  the  £'(x  =  0) 
value  and  the  low  (passive)  current  increases  slightly. 
Then  much  sharper  and  bigger  changes  in  E(x)  and 
/  occur  synchronously  during  the  transition  to 
stable  crevice  corrosion  [19].  Also,  the  same  spatial 
regions  are  seen  on  the  crevice  surface  as  in  the 
photograph  of  Fig.  2.  One  explanation  for  the  induc¬ 


tion  period  is  that  the  IR  >  criterion  is  met  only 
after  acidification  of  the  cavity  electrolyte  occurs  dur¬ 
ing  the  induction  period  (12-15  h  in  Ref.  [19])  as  the 
original  buffering  capacity  decreases  because  of  the 
restricted  cavity  opening.  In  this  case,  since  a  lower 
pH  increases  the  IR  term  and  decreases  the  A(/>* 
term  [6,7,15],  crevice  corrosion  begins  when  the  pH 
has  decreased  to  the  value  for  which  the  condition 
/R  >  A0*  is  met  (for  a  given  set  of  values  for  the  other 
key  parameters,  i.e.  aspect  ratio,  electrolyte  conductiv¬ 
ity  and  £'(x  =  0),  as  follows  from  the  modeling  results 
reported  below). 
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L4.  Modeling  of  the  potential  and  current  distributions 

The  current  distribution  as  a  function  of  distance 
into  a  crevice  can  be  calculated  from  the  measured 
potential  distribution  [16].  The  potential  distribution 
can  be  readily  measured  for  metal -electrolyte  systems 
for  which  the  required  aspect  ratio  for  susceptibility  to 
crevice  corrosion  is  relatively  small.  Then  the  cavity  can 
be  designed  with  a  relatively  large  opening  (e.g. 
0.5  mm)  so  that  the  Luggin  capillary  probe  can  be 
moved  in  and  out  of  the  cavity  [6,7,15-19].  Example 
systems  with  small  critical  aspect  ratios  for  meeting  the 
IR>  condition  are  iron  or  nickel  in  acid  solutions. 
The  calculation  method  and  its  application  to  crevicing 
in  steel  are  given  elsewhere  [16].  Modeling  by  Doig  and 
Flewitt  [8]  also  bears  on  this  issue. 

A  first-generation  computational  model  is  now  avail¬ 
able  for  calculating  the  initial  potential  and  current 
distributions  and  for  predicting  susceptibility  to  active 
dissolution  (localized  corrosion)  within  the  cavity  for  a 
limiting  situation  [10].  The  model  is  for  the  complex 
active-passive  anodic  polarization  situation  depicted  in 
Figs.  1  and  2  where  simultaneously  both  active  and 
passive  regions  exist  on  the  cavity  surface.  Because  of 
this  complexity,  it  is  necessary  to  simplify  other  parame¬ 
ters.  In  particular,  it  was  assumed  that  the  concentra¬ 
tions  of  all  species  are  uniform  throughout  the 
electrolyte,  that  linear  geometry  prevails  and  that  the 
conductivity  is  uniform.  These  simplifications  restrict 
the  application  of  the  model  to  a  limited  number  of  real 
systems.  For  example,  metal- electrolyte  systems  for 
which  the  pH  is  constant  include  iron  or  nickel  in 
buffered  acidic  sulfate  solutions  [17-20].  In  this  event 
the  value  of  the  polarization  curve  is  relatively 
constant.  Thus  the  flux  equation  is  replaced  with  Ohm’s 
law,  current  conservation  and  Laplace’s  equation  for 
determining  the  potential  and  current  distributions 
[10,11].  These  systems,  e.g.  Fe-acidic  SO^",  also  have 
small  critical  aspect  ratios  for  -induced  corrosion 
because  of  the  large  anodic  currents  in  the  active  loops 
of  their  polarization  curves.  Consequently,  a  rather  open 
cavity  can  be  used  which  firstly  facilitates  the  potential 
and  ionic  measurements  inside  the  cavity,  secondly 
reduces  the  extent  to  which  gas  bubbles  from  the  HER 
(or  solid  corrosion  products)  modify  the  geometry  of  the 
cavity  and  thirdly  enables  effective  pH  control  if  a  buffer 
is  used.  Solutions  to  the  Laplace  equation  for  regularly 
shaped  cavities  (rectangular  crevice  or  cylindrical  pit) 
and  a  non-linear  boundary  condition  represented  by  the 
kinetics  in  the  polarization  curve  were  obtained  using  a 
finite  element  method  [10,11,20]. 

The  inputs  needed  in  the  model  to  calculate  the 
potential  and  current  distributions  are  the  cavity  aspect 
ratio,  the  electrolyte  conductivity,  the  outer  (x  =  0) 
surface  corrosion  potential  (or  applied  potential)  and 
the  metal -electrolyte  polarization  curve.  The  model 


predicts  whether  or  not  active  dissolution  in  the  cavity 
will  occur  for  systems  such  as  Fe-acidic  SO^”  for 
which  the  polarization  curve  does  not  change  apprecia¬ 
bly  during  the  induction  period,  i.e.  susceptibility  to 
crevice  corrosion  can  be  predicted  for  an  existing  cavity 
of  given  depth  and  opening  dimensions.  If  the  model 
predicts  an  active  region  in  the  cavity,  crevice  corrosion 
starts  immediately  upon  exposure  to  the  corrosive.  If 
instead  the  model  predicts  that  the  entire  cavity  surface 
is  in  the  passive  state,  active  dissolution  does  not  occur, 
at  least  not  immediately.  Crevice  corrosion  may  still 
start  eventually  if  the  cavity  electrolyte  polarization 
curve  changes  appreciably  with  time  in  the  direction  of 
increasing  the  IR  term  or  decreasing  the  A</)*  term  or 
both,  e.g.  if  shifts  in  the  noble  direction,  A^* 
decreases,  or  if  the  peak  current  in  the  active  region 
increases,  IR  increases.  For  iron,  stainless  steels  and 
other  alloys  both  these  changes  in  the  E-i  curve  occur 
when  either  the  pH  decreases  or  the  Cl  ~  concentration 
increases  in  the  cavity  electrolyte  [17-19].  These 
changes  in  solution  composition  also  increase  the  mag¬ 
nitude  of  the  passive  current  and,  since  the  IR  term 
increases,  could  be  important  for  initiation  of  crevice 
corrosion  when  the  entire  surface  is  already  in  the 
passive  state  prior  to  or  during  exposure  to  the  polar¬ 
ization  condition  at  the  outer  (x  =  0)  surface. 

Thus  the  size  of  the  active  loop,  the  active -passive 
transition  potential  and  the  passive  current  are  strongly 
related  to  the  solution  composition,  in  particular  pH  or 
aggressive  ion  concentration  in  the  cavity  electrolyte^. 
In  addition,  passivating  inhibitors  also  produce  changes 
in  the  E-i  curve  but  in  the  opposite  direction  to  those 
produced  by  an  increase  in  H  or  Cl  “  ion,  so  that  the 
IR  and  A^*  terms  shift  in  the  opposite  directions, 
making  it  more  difficult  to  meet  the  /R>A^*  condi¬ 
tion,  as  shown  for  the  chromate  ion  [13,18,19].  This 
could  explain  the  experimentally  observed  behavior  of 
chromate  as  an  inhibitor  of  crevice  corrosion  in  iron. 

The  first  test  of  the  model  was  carried  out  for  Fe  in 
a  buffered  (pH  4.6)  acidic  solution  [10].  The  electrode 
potential  at  the  outer  (x  =  0)  surface  was  varied  from 
160  to  900  mV  vs.  a  saturated  calomel  electrode  (SCE), 
all  being  potentials  in  the  passive  region  of  the  polariza¬ 
tion  curve.  The  model  was  then  used  to  predict  the 
depth  into  a  crevice  of  given  opening  dimension 
(0.5  mm)  below  which  active  dissolution  of  the  iron 
would  occur,  i.e.  the  value.  The  predicted  Xp^^s 


^  Accumulation  of  aggressive  anions  in  and/or  acidification  of  the 
cavity  solution  are  essential  for  meeting  the  IR>  A^*  criterion  when 
there  is  no  active  loop  in  the  anodic  polarization  curve  for  the  bulk 
electrolyte,  e.g.  as  is  the  case  for  iron  in  some  alkaline  solutions  and 
probably  also  for  stainless  steel  in  alkaline  solution.  In  the  case  of 
stainless  steel  (or  Al)  an  anodic  loop,  if  present  in  the  Cr  (or  Al) 
partial  polarization  curve  at  small  overpotentials,  may  not  be  visible 
in  the  measured  E-i  curve  because  of  domination  of  the  measured 
current  by  the  HER. 
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value  increased  from  0.15  to  0.60  cm  for  Eix  =  0)  in¬ 
creasing  from  160  to  900mV(SCE).  Experiments  were 
then  performed  using  the  buffered  Fe-acidic  sulfate 
solution  and  crevices  of  the  same  0.5  mm  opening 
dimension  and  a  depth  of  1  cm  (which  was  greater  than 
the  largest  predicted  depth  of  =  0.6  cm).  In  all  the 
experiments,  active  dissolution  of  the  iron  occurred  as 
predicted  and  the  measured  location  was  nearly 
identical  with  the  calculated  value  [10].  This  good  agree¬ 
ment  between  the  calculated  and  predicted  depth  below 
which  active  crevicing  occurs  is  a  validation  of  the 
model  and  a  strong  quantitative  support  for  the  hypoth¬ 
esis  that  potential  distribution  is  the  fundamental  factor 
affecting  the  localized  corrosion  process  in  this  system. 
Note  that  the  model  is  expected  to  be  reasonably 
accurate  for  this  system,  since  does  not  change 
appreciably  with  time,  i.e,  the  pH  was  fixed  by  the  buffer 
and  by  the  fact  that  pH  4.6  is  near  the  equilibrium  pH 
for  the  hydrolysis  reaction  (pH  3-4);  also,  there  were  no 
aggressive  ions  such  as  Cl "  in  the  electrolyte. 

The  second  test  of  the  model  was  carried  out  for 
the  same  system  using  cylindrical  cavities  1  mm  in 
diameter.  In  this  test  the  model  was  used  to  predict  the 
value;  the  calculations  give  =  ^-27-0.28  cm. 
Then,  using  a  drill,  cylindrical  pits  with  depths  less  than 
and  greater  than  this  calculated  Xp.^^^^  value  were  drilled 
into  the  iron  samples,  one  pit  per  sample.  These 
samples  were  exposed  to  the  buffered  pH  4.6  solution 
with  the  outer  surface  held  in  the  passive  region  at 
300  mV(SCE).  There  was  no  active  metal  dissolution  for 
the  sample  with  the  pit  0.25  cm  deep,  as  predicted  by  the 
model;  the  test  was  run  for  50  h.  However,  for  the 
samples  with  the  pits  0.30,  0.40  and  0.50  cm  deep,  active 
metal  dissolution  was  noted  without  delay  by  the  mea¬ 
sured  current,  again  as  predicted.  This  occurrence  of 
localized  corrosion  was  subsequently  confirmed  by  mi¬ 
croscopic  examination  of  the  large  corrosion-produced 
cavity  viewed  along  its  cross-section.  This  result  is  also 
a  strong  support  for  the  validity  of  the  model  and  the 
potential  distribution  premise  upon  which  it  is  based. 
For  the  deeper  pits,  hydrogen  gas  bubbles  evolved  out 
of  the  pits,  confirming  that  the  active  dissolution  was 
caused  by  a  potential  shift  to  sufficiently  negative  values 
to  allow  for  both  hydrogen  evolution  and  active  metal 
dissolution  within  the  pits. 

1.5.  The  potential  distribution  in  other  forms  of 
corrosion 

The  potential  distribution  is  expected  to  be  large  and 
important  in  most  if  not  all  forms  of  non-uniform 
corrosion.  These  may  include  the  transition  from 
metastable  to  stable  pitting  [11],  grain  boundary  corro¬ 
sion  once  a  grain  boundary  groove  forms  by  any  other 
process  [21],  dealloying  and  all  forms  of  crack  propaga¬ 
tion.  In  addition,  powder  metallurgical  structures  of 


metals  exhibiting  active -passive  behavior  are  poten¬ 
tially  susceptible  to  the  IR>  form  of  localized 
corrosion,  an  example  being  sintered  iron  in  ammonia- 
cal  solution  [22].  Examples  of  the  and  other 

77? -induced  phenomena  inside  cavities  are  briefly  dis¬ 
cussed  next  in  the  context  of  the  cathodic  HER,  the 
surface  diffusion  mechanism  of  dealloying  corrosion 
and  the  transition  from  metastable  to  stable  pitting 
corrosion. 


2.  Hydrogen  charging  inside  cavities  during  anodic 
polarization 

Whereas  the  above  considerations  show  that  the  rates 
of  the  HER  and  therefore  also  hydrogen  entry  into  the 
metal  during  cathodic  polarization  of  the  external  metal 
surface  decrease  with  increasing  distance  into  a  cavity, 
they  show  the  opposite  trend  during  anodic  polariza¬ 
tion.  Thus,  for  anodic  polarization  of  the  external  metal 
surface,  the  HER  tendency  increases  with  increasing 
distance  into  the  cavity.  At  the  outer  surface  (x  =  0)  the 
tendency  for  the  HER  is  often  zero,  e.g.  for  anodic 
polarization  of  iron  or  stainless  steel  into  the  passive 
region,  as  depicted  in  Fig.  1,  whereas  deep  inside  a 
cavity  a  finite  rate  of  the  HER  and  hydrogen  charging 
may  occur. 

Thus  hydrogen  charging  of  a  ferrous  alloy  during 
anodic  polarization  can  only  occur  if  a  cavity  exists  in 
the  surface  with  a  sufficiently  large  aspect  ratio.  A  crevice 
formed  by  the  contact  of  the  alloy  and  another  material 
could  readily  meet  this  requirement.  Alternatively,  the 
cavity  may  form  during  service.  In  a  recent  investigation 
of  the  grain  boundary  corrosion  of  a  sensitized  stainless 
steel  it  was  found  that  anodic  dissolution  of  the 
chromium-depleted  zone  produced  grooves  along  the 
grain  boundaries  which  eventually  acquired  an  aspect 
ratio  for  which  the  77?  >  condition  for  dissolution 
of  the  non-sensitized  alloy  was  met.  Thereafter  anodic 
dissolution  of  the  bulk  alloy  of  normal  chromium  con¬ 
tent  commenced  inside  the  grooves  accompanied  by  the 
HER  [21].  The  gas  has  now  been  identified  as  hydrogen 
and  it  has  been  established  that  some  of  the  hydrogen 
enters  the  steel.  These  conclusions  are  based  on  the 
results  of  experiments  utilizing  the  hydrogen  permeation 
concept  illustated  in  Fig.  3  [23].  Others  have  also  ob¬ 
served  hydrogen  charging  for  anodic  polarization  condi¬ 
tions  at  the  outer  surface  of  the  metal  that  are 
thermodynamically  unfavorable  for  the  HER  [24-27]. 

Normal  operation  of  the  permeation  experiment  [28] 
is  shown  in  Fig.  3(a),  where  the  HER  occurs  on  the 
surface  of  the  metal  membrane  in  cell  1  and  some  of  the 
discharged  protons  enter  the  metal,  diffuse  to  the  other 
surface  of  the  metal  and  are  oxidized  back  to  the 
proton  in  cell  2.  The  oxidation  current  in  cell  2  is  a 
measure  of  the  hydrogen  flux  through  the  metal  mem- 
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Fig.  3.  Schematics  of  (a)  the  conventional  arrangement  for  cathodic 
charging  and  permeation  of  hydrogen  and  (b)  an  arrangement  where 
both  surfaces  are  anodically  polarized  so  the  hydrogen  charging  can 
only  occur  deep  inside  cavities  where  E{x}  is  much  less  noble. 


brane.  In  this  experiment  the  metal  surface  in  cell  2  is 
anodically  polarized  so  that  the  reaction 

H30^+e-=H,,  +  H,0  (2) 

proceeds  in  the  backward  (right  to  left)  direction,  while 
the  metal  surface  in  cell  1  is  cathodically  polarized  so 
that  reaction  (2)  occurs  in  the  forward  direction  fol¬ 
lowed  by 


+ 

(3a) 

or 

H,d  +  H30+  +e  - 

H2  +  H20 

(3b) 

and 

(3c) 

For  steady  state  permeation  of  hydrogen  through  the 
metal  membrane  the  rate  of  reaction  (2)  in  cell  2 
(backward  direction)  equals  the  rate  of  reaction  (3c)  in 
cell  1  (forward  direction).  Since  hydrogen  has  a 
uniquely  high  solid  state  diffusivity  in  iron,  the  perme¬ 
ation  current  can  be  used  to  positively  identify  the 
diffusing  species  as  hydrogen. 

The  experiment  illustrated  in  Fig.  3(b),  however,  is 
radically  different  in  that  the  metal  surface  in  cell  1  is 
anodically  polarized  rather  than  cathodically  polarized. 
Hence  there  is  no  tendency  for  the  HER  to  occur  at 
either  of  the  metal  surfaces.  Rather,  both  surfaces  are  in 
a  thermodynamic  condition  for  which  hydrogen  atoms 


would  be  oxidized  to  the  ionic  state,  H  ,  in  accordance 
with  reaction  (2)  proceeding  from  right  to  left.  Conse¬ 
quently,  only  if  the  electrode  potential  shifts  signifi¬ 
cantly  (10^  mV)  in  the  less  noble  direction  on  some 
internal  cavity  surface  will  reactions  (2)  and  (3)  proceed 
in  the  forward  direction.  The  exact  magnitude  of  the 
shift  depends  on  the  pH  of  the  electrolyte — Eh/h  + 
shifts  in  the  noble  direction  for  increasing  acidity  of  the 
electrolyte — and  on  the  applied  potential  at  the  mem¬ 
brane  surface.  At  pH  values  below  the  equilibrium  pH 
for  the  hydrolysis  reactions  (e.g.  below  pH  2  for  stain¬ 
less  steel)  the  pH  of  the  cavity  solution  increases  during 
anodic  polarization  with  increasing  distance  into  the 
cavity  in  accord  with  the  migration  of  the  positive 
H3  0‘^  ions  out  of  the  cavity  [6].  Hence  the  most 
noble  equilibrium  potential  for  the  HER  will  exist  for 
the  bulk  solution  electrolyte  and  will  decrease  with 
increasing  distance  into  the  cavity  when  the  bulk 
solution  pH  is  less  than  the  equilibrium  pH  for  the 
hydrolysis  reactions. 

In  the  Kelly  et  al.  [21]  experiments  on  a  sensitized 
type  430  ferritic  stainless  steel  in  1  N  H2SO4  (pH  0.36), 
anodic  dissolution  of  the  Cr-depleted  alloy  in  the  grain 
boundaries  occurs  during  anodic  polarization  at 
192  mV  vs.  a  normal  hydrogen  electrode  (NHE)  to 
produce  grain  boundary  grooves.  The  depth  of  these 
grooves,  but  not  their  width,  which  is  set  by  the  width 
of  the  chromium-depleted  layer,  increases  with  time. 
Hence  the  aspect  ratio  of  the  grooves  and  the  magni¬ 
tude  of  the  IR  drop  inside  the  grooves  also  increase 
with  time.  At  the  time  and  depth  which  correspond  to 
the  IR>  A(j)*  condition,  E(x)  is  less  than  E^^^^  for  the 
bulk  (normal  Cr  content)  stainless  steel  in  the  cavity 
electrolyte  and  therefore  active  anodic  dissolution  of 
the  bulk  alloy  is  expected.  From  this  time  on,  IR- 
induced  corrosion  of  both  the  bulk  and  Cr-depleted 
alloy  occurs  at  this  and  greater  distances  into  the 
grooves.  The  transition  from  a  Cr  depletion  to  an  IR 
mechanism  of  corrosion  is  consistent  with  the  observa¬ 
tion  of  subsurface  grain  boundary  cavities  which  are 
much  wider  than  the  width  of  the  Cr-depleted  layer  and 
with  the  observation  of  (hydrogen)  gas  bubble  evolu¬ 
tion  from  inside  the  grain  boundary  grooves. 

The  gas  bubbles  observed  evolving  from  the  grain 
boundary  grooves  [21]  are  hydrogen  which  forms  by 
reactions  (2)  and  (3a)  or  (3b)  proceeding  in  the  forward 
direction  at  locations  deep  inside  the  grooves  where 
E(x)  <  £'h/h+  •  event  the  occurrence  of  reaction 

(3c)  in  the  forward  direction  is  also  expected  and  was 
recently  confirmed  in  another  experiment  using  the 
hydrogen  permeation  cell  shown  in  Fig.  4  in  the  mode 
shown  in  Fig.  3(b)  [23].  The  surface  of  the  stainless  steel 
membrane  in  cell  1  (1  N  H2SO4)  was  anodically  polar¬ 
ized  at  192mV(NHE),  causing  the  Cr-depleted  alloy 
along  the  grain  boundaries  to  dissolve.  The  other  Pd- 
coated  surface  of  the  stainless  steel  membrane  in  cell  2 
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Fig.  4.  Schematic  of  the  permeation  apparatus  which  can  be  used  in 
either  mode  of  operation  (depicted  in  Fig.  3)  by  applying  either 
cathodic  or  anodic  polarization  in  cell  1. 

(0,1  N  NaOH,  pH  13)  was  anodically  polarized  at 
296  mV(NHE),  for  which  potential  in  this  alkaline  solu¬ 
tion  both  the  bulk  and  Cr-depleted  alloys  are  passi¬ 
vated  and  highly  resistant  to  corrosive  attack.  At  both 
stainless  steel  surfaces  in  cells  1  and  2  the  imposed 
electrochemical  conditions  strongly  favor  reactions  (2) 
and  (3)  to  proceed  in  the  backward  direction,  so  there 
is  no  possibility  for  hydrogen  charging  to  occur  at  the 
stainless  steel  membrane  surfaces  in  cells  1  and  2.  Thus 
the  only  possibility  for  hydrogen  entry  into  the  mem¬ 
brane  is  if  the  situation  depicted  in  Fig.  3(b)  develops, 
i.e.  grooves  form  (along  the  grain  boundaries)  and 
achieve  the  critical  aspect  ratios  for  reactions  (2)  and 
(3)  to  occur  in  the  forward  direction  deep  inside  the 
grooves  where  E(x)  <  £’h/h+  •  Once  reaction  (3c)  occurs 
(forward  direction),  the  hydrogen  entering  the  mem¬ 
brane  will  diffuse  to  the  surface  locations  that  are  at 
potentials  more  positive  than  the  £’h/h+  equilibrium 
potential  and  be  oxidized  back  to  the  proton,  i.e. 
reaction  (3c)  followed  by  reaction  (2),  both  occurring  in 
the  backward  direction.  In  the  case  of  the  Pd-coated 
membrane  surface  in  cell  2,  oxidation  of  the  arriving 
hydrogen  will  be  uniquely  indicated  by  the  current 
measured  in  cell  2  during  the  time  preceding  total 
penetration  of  the  sample  thickness  by  the  grain 
boundary  gooves.  As  such,  the  hydrogen  permeation 
experiment  can  be  used  as  a  definitive  test  of  hydrogen 
charging  on  the  cavity  surface  for  metal-electrolyte 
systems  whose  outer  surfaces  are  otherwise  under 
strongly  oxidizing  conditions  unfavorable  for  reactions 
(2)  and  (3)  to  occur  in  the  forward  direction. 


3.  Role  of  potential  distribution  in  dealloying  and  pitting 
corrosion 

Since  the  aspect  ratio  of  a  regularly  shaped  cavity  is 
the  ratio  of  the  cavity  depth  to  its  smallest  opening 
dimension,  e.g.  depth  to  radius  of  a  cylindrical  pit,  the 
critical  aspect  ratio  corresponding  to  the  IR  =  * 

condition  can  in  principle  be  achieved  for  cavities  of 


any  size.  In  both  dealloying  and  pitting  corrosion  there 
is  a  critical  anodic  polarization  above  which  a  planar 
surface  breaks  down  by  the  formation  of  stable  pits, 
referred  to  as  the  critical  potential  in  dealloying  and 
the  pitting  potential  E^  in  pitting  corrosion.  Both  these 
forms  of  corrosion  exhibit  metastable  behavior.  Pits 
form  and  then  might  repassivate  even  above  the  E^^ 
potential  [6,29-35].  In  dealloying  corrosion,  metastable 
pitting  occurs  below  the  E^  potential  [36,37].  Above  the 
E^  potential,  catastrophic,  global  pitting  immediately 
occurs  in  dealloying  corrosion,  in  contrast  with  the 
random,  stochastic  pitting  that  occurs  in  pitting  corro¬ 
sion  [32,38]. 

There  is  a  major  difference  in  the  polarization  behav¬ 
iors  of  dealloying  corrosion  and  pitting  corrosion.  In 
alloys  susceptible  to  dealloying  corrosion  a  protective 
layer  of  the  more  noble  metal  readily  forms  at  low 
overpotentials,  i.e.  a  passive  state  exists  at  E<E^., 
whereas  at  higher  overpotentials  the  alloy  is  in  the 
active  state,  as  shown  in  the  classic  dealloying  polariza¬ 
tion  curve  in  Fig.  5  [39-42].  On  the  other  hand,  in 
metals  susceptible  to  pitting  corrosion  the  active  region 
is  at  low  overpotentials  and  the  passive  region  is  at 
higher  overpotentials  (Figs,  1  and  2).  Thus  non-uni- 
form  (pitting-type)  corrosion  in  different  metal -elec¬ 
trolyte  systems  can  be  characterized  or  distinguished  in 
terms  of  the  system’s  passivation- overpotential  rela¬ 
tionship.  The  difference  in  this  relationship  for  dealloy¬ 
ing  corrosion  and  pitting  corrosion  is  surely  related  to 


(qj  electrode  potential — ,  noble) 


Fig.  5.  The  classic  polarization  behavior  for  systems  susceptible  to 
dealloying  corrosion:  (a)  schematic  [41];  (b)  Cu-Au  compositions  in 
1  N  Na^SO^  and  0.01  N  H:,S04  [42]. 
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the  fact  that  in  dealloying  corrosion  the  protective 
(passive)  layer  typically  consists  of  the  alloy  con¬ 
stituents  in  the  reduced  form,  e.g.  an  Au  or  Au-Cu 
alloy  protective  layer  for  the  Cu-Au  alloy  system, 
whereas  in  pitting  corrosion  it  consists  of  the  alloy 
constituents  in  the  oxidized  form,  e.g.  iron  oxides  in  the 
case  of  iron.  One  of  the  consequences  of  the  active 
region  being  at  higher  rather  than  lower  overpotentials 
in  dealloying  corrosion  is  that  the  /7^>A(/>*  stability 
criterion  of  localized  corrosion  is  not  applicable. 
This  follows  from  the  fact  that  A(^*  is  undefinable  in 
the  absence  of  an  anodic  loop  at  low  overpotentials  in 
Fig.  5. 

3.1.  Surface  diffusion  and  IR  voltage  in  dealloying 
corrosion 

Even  though  A^*  is  undefinable  in  the  polarization 
curve  of  Fig.  5,  a  significant  potential  distribution  exists 
in  principle  within  the  porous  structure  that  forms 
during  corrosion  at  E{x  =  ^)>E^.  Since  E^  is  10^- 
10-^  mV  positive  of  E’cu/cu2+  (Fig.  5(b)),  the  overpoten¬ 
tial  for  anodic  dissolution  of  the  less  noble  metal  is 
extraordinarily  large,  e.g.  0.5  V.  Hence,  at  the  start  of 
dealloying  of  a  planar  alloy  surface,  all  Cu  atoms  in 
direct  contact  with  the  electrolyte  will  be  immediately 
oxidized,  i.e.  the  activity  of  zero-valent  Cu  in  contact 
with  the  electrolyte  approaches  zero.  However,  the 
potential  distribution  within  the  electrolyte  of  the 
porous  structure  that  forms  during  dealloying  corrosion 
soon  becomes  very  steep  in  view  of  the  pore  structure’s 
increasing  aspect  ratio  with  time  of  dealloying.  The 
magnitude  of  the  aspect  ratio  may  be  taken  as  the 
momentary  thickness  of  the  porous  layer  divided  by  the 
pore  diameter,  since  the  pore  diameter  is  relatively 
independent  of  the  thickness  of  the  porous  layer  [43- 
46].  Thus  the  geometrical  situation  is  a  cylindrical 
cavity  (pore)  which  increases  in  size  only  in  the  depth 
direction.  Therefore  the  IR  drop  within  the  developing 
pore  structure  quickly  becomes  large  so  that  E{x)  at  the 
bulk  alloy-pore  electrolyte  interface  approximates  the 
limiting  potential  beyond  some  critical  thickness  of 
the  porous  layer.  For  an  all-noble-metal  alloy  such  as 
Cu-Au,  is  the  equilibrium  potential  of  the  Cu/ 
Cu^"^  reaction  in  non-complexing  electrolytes  [15]. 
Thus,  except  at  the  very  early  stages  of  the  pore  struc¬ 
ture  development,  ^(x)  ^  ^cu/cu2+  at  the  bulk  alloy- 
pore  electrolyte  interface. 

This  low  overpotential  condition  at  the  bulk  alloy- 
pore  electrolyte  interface  allows  for  a  finite  activity  of 
Cu  at  the  bottom  of  the  pore.  In  principle,  this  could 
allow  for  the  diffusion  of  Cu  adatoms  along  the  alloy- 
electrolyte  interface  and  their  incorporation  with  diffus¬ 
ing  Au  adatoms  to  form  a  solid  solution  Au-Cu  alloy 
in  the  walls  of  the  developing  porous  structure.  For 
some  experimental  conditions  the  pore  wall  structure 


can  contain  significant  amounts  of  the  less  noble  metal, 
e.g.  10%-40%  Cu  is  well  documented  by  lattice 
parameter  measurements  using  X-ray  diffraction  at  ad¬ 
vanced  stages  of  the  pore  structure  formation  in  Cu- 
Au  alloys  [44,47],  while  intermetallic  phases  form  in  the 
porous  structure  of  Zn-Cu  alloys  [47].  Thus  the  forma¬ 
tion  of  an  alloy  phase  via  a  surface  (or  interface) 
transport  process  means  that  in  addition  to  the  inter¬ 
face  diffusion  of  the  more  noble  metal  adatoms,  some 
of  the  less  noble  metal  adatoms  simultaneousy  diffuse 
via  the  interface  to  form  the  alloy  walls  of  the  porous 
structure. 

In  summary,  at  the  beginning  of  a  dealloying  process 
that  occurs  via  transport  in  the  plane  of  the  alloy -elec¬ 
trolyte  interface,  the  residual  Au  pore  wall  structure 
that  forms  will  contain  little  or  no  Cu.  However,  the 
situation  changes  as  the  porous  layer  thickens  and  the 
aspect  ratio  increases  for  the  pores.  Hence  E{x)  at  the 
base  of  the  pores  may  be  less  noble  than  E{x  =  0)  by 
comparable  IR  drops  of  10^-10^  mV  according  to  Eq. 
(1).  In  this  event  the  actual  overpotential  for  Cu  disso¬ 
lution  at  the  base  of  the  pores  will  be  quite  small  and 
Cu  adatom  lifetimes  correspondingly  long.  In  this  way 
one  can  explain  the  later  stage  formation  of  an  Au-Cu 
alloy  porous  structure  via  the  surface  diffusion  of  Cu 
and  Au  adatoms. 

Alternatively,  these  alloy  porous  structures  can  be 
considered  to  form  via  transport  normal  to  the  alloy - 
electrolyte  interface  [44,47]  as  they  do  during  dealloying 
of  alloy-gas  systems  at  elevated  temperatures  [43,46]. 
Several  results  indicate  that  a  modified  alloy  of  finite 
depth  at  the  alloy-electrolyte  interface,  or  selvedge, 
exists  during  dealloying  corrosion  [37,48-50].  It  is  not 
clear,  however,  if  the  selvedge  thickness  can  be  as  large 
as  the  5-10  nm  wall  thickness  of  the  pore  structure 
revealed  by  transmission  electron  microscopy  [45].  The 
selvedge  with  a  lower  density  would  be  more  supportive 
of  an  interdiffusion  process  than  the  bulk  alloy.  The 
dynamic  condition  that  exists  during  dealloying  within 
the  many  atomic  layers  comprising  the  selvedge  is 
indicated  by  the  measured  capacity,  which  changes 
significantly  during  and  after  dissolution  [48,49],  and  by 
other  measurements  [37,50]. 

3.2.  The  metastable -to -stable  transition  in  pitting 
corrosion 

Following  the  initial  passive  film  breakdown  and 
repassivation  event,  a  small  micropit  remains  under  the 
newly  formed  passive  film.  For  various  reasons  a  sec¬ 
ond  breakdown  could  occur  at  this  same  site  followed 
by  a  second  repassivation;  consequently,  the  micropit 
deepens  and  the  aspect  ratio  increases.  This  break¬ 
down-repassivation  sequence  may  continue  until  the 
aspect  ratio  exceeds  the  critical  value  and  the  pitting 
process  stabilizes  in  accord  with  the  IR  >  Af  *  criterion, 
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Fig.  6.  Schematic  of  pit  initiation  and  growth,  (a)  Local  breakdown 
of  the  passive  film  and  repassivation,  (b)  Breakdown  and  repassiva¬ 
tion  repeat,  with  the  micropit  deepening,  (c)  The  micropit  stabilizes 
when  reaching  the  critical  aspect  ratio  corresponding  to  the  ^  A</)  * 
condition  and  then  grows,  (d)  The  pit  penetrates  the  outer  surface 
from  within,  forming  many  holes  in  a  repetitive  fashion  aroung  its 
original  opening,  probably  controlled  by  the  IR>A(I)*  criterion 
[1 1,18],  and  eventually  loses  its  cover  to  form  the  hemispherical  shape 
[6,11]. 


i.e.  the  depth  reaches  the  critical  depth  for  the 
existing  micropit  diameter  so  that  the  micropit 
bottom  is  in  the  active  region  of  the  polarization  curve 
of  the  metal  in  the  micropit  solution  [11].  Under 
this  condition,  repassivation  is  no  longer  possible  and 
the  pitting  process  stabilizes.  This  transition  from 
metastable  to  stable  pitting  at  a  critical  aspect  ratio  for 
the  //?  >  *  condition  is  schematically  illustrated  in 

Fig.  6. 


4.  Conclusions 

Some  consequences  of  steep  potential  gradients  in 
cavities  are  as  follows. 

(1)  Localized  corrosion  processes,  e.g.  crevice  corro¬ 
sion,  occur  when  IR  >  A^*. 

(2)  The  HER  and  hydrogen  charging  occur  inside 
cavities  during  anodic  polarization  of  their  outer  sur¬ 
faces. 

(3)  The  formation  of  an  alloy  porous  structure  dur¬ 
ing  dealloying  corrosion  can  be  rationalized  by  a  sur¬ 
face  diffusion  mass  transport  process. 

(4)  The  transition  from  metastable  to  stable  pitting 
corrosion  can  be  rationalized  by  the  IR>  A(j)*  concept 
of  localized  corrosion. 
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Abstract 

Potential  fluctuation  of  type-304  stainless  steel  during  stress  corrosion  cracking  (SCC)  was  measured  in  25  wt.%  MgCl2  solution. 
The  power  spectrum  distribution  of  the  observed  fluctuation  was  computed  by  fast  Fourier  transform  (FFT).  During  the  early 
stage  of  SCC  (the  period  when  small  cracks  propagate  from  a  pit),  the  frequency  distribution  of  the  power  spectrum  had  a  clear 
peak  at  the  range  from  8  to  10  mHz.  The  correlation  between  the  number  of  microcracks  and  potential  fluctuations  was  examined: 
both  of  the  numbers  showed  a  linear  relation.  From  this  result,  it  was  speculated  that  the  fluctuation  was  generated  by  the  rapid 
formation  of  a  bare  metal  surface  and  its  repassivation  with  the  connection  of  the  microcracks.  To  confirm  this  speculation,  the 
change  in  the  power  spectrum  when  the  stress  increased  at  an  early  stage  of  SCC  was  investigated,  because  the  propagation  rate 
of  an  advancing  crack  can  be  varied  by  the  intensity  of  the  tensile  stress.  While  a  peak  at  higher  frequency  appeared  with  an 
increase  in  the  tensile  stress,  the  peak  at  the  range  from  8  to  10  mHz  remained. 

Keywords:  Stress  corrosion  cracking;  Type-304  stainless  steel;  Corrosion  potential  fluctuation;  Frequency  analysis;  Neutral 
chloride  solution 


1.  Introduction 

Fluctuation  of  the  open-circuit  potential  (or  of  the 
current  under  potentiostatic  control)  during  pitting  or 
stress  corrosion  cracking  (SCC)  has  been  investigated 
to  get  information  about  the  dynamic  change  in  the 
locally  corroding  electrode.  Many  studies  on  fluctuation 
have  been  published  for  pitting,  but  few  reports  on 
SCC  [1-8].  Less  attention  has  been  paid  to  the  poten¬ 
tial  fluctuation  during  SCC,  probably  because  the  am¬ 
plitude  of  the  fluctuation  is  smaller  than  that  during 
pitting.  The  smallness  of  the  amplitude  makes  it 
difficult  to  obtain  data,  and  to  confirm  the  relationship 
between  the  signal  and  a  physical  phenomenon. 

The  first  paper  on  the  fluctuation  of  the  electrochem¬ 
ical  signals  during  SCC  was  written  by  Newman  and 
Sieradzki  in  1983  [1].  They  observed  oscillations  of  the 
current  under  potentiostatic  control  during  SCC  of 
a -brass.  From  the  results  of  scratch  tests  and  scanning 
electron  microscope  (SEM)  images  of  the  fracture  sur- 
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face,  they  speculated  that  the  electrical  charge  passed 
during  each  current  fluctuation  was  equal  to  that  gener¬ 
ated  by  each  crack  advance.  Also,  some  studies  about 
potential  fluctuation  during  SCC  have  been  published 
[2-5].  The  time-series  data  of  potential  fluctuation  were 
transformed  to  a  frequency-domain  representation  —  a 
power  spectrum  distribution  —  by  use  of  the  fast 
Fourier  transform  (FFT)  or  the  maximum  entropy 
method  (MEM).  The  computed  results  were  plotted  on 
log-log  scales.  Then,  the  relation  between  physical 
changes  in  the  specimen  and  the  power  spectrum  at  low 
frequencies  was  investigated.  It  was  concluded  that 
crack  initiation  and  specimen  rupture  gave  the  highest 
power.  On  the  power  spectrum  curves  obtained  by  this 
method,  there  is  a  low  frequency  plateau.  As  Loto  and 
Cottis  stressed  [5],  this  plateau  is  an  experimental  arti- 
fa,ct,  not  the  result  of  a  physical  phenomenon.  Thus, 
analyses  at  low  frequency  are  not  reliable. 

Yamakawa  and  Inoue  [6]  divided  the  observed  poten¬ 
tial  fluctuation  signals  during  SCC  into  two  compo- 
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nents:  a  signal  that  shifts  to  a  more  noble  potential  and 
the  one  which  shifts  to  a  less  noble  potential.  They  then 
investigated  the  difference  of  the  mean  spectrum  power 
for  each  type  of  signal,  and  found  a  good  correlation 
with  the  elongation  rate  of  the  specimen.  Wells  et  al. 
[7-8]  investigated  potential  fluctuations  and  current 
pulse  during  the  intergranular  SCC  of  sensitized  type- 
304  stainless  steel.  The  frequency  of  the  potential  fluc¬ 
tuation  was  proportional  to  the  degree  of  sensitization 
as  indicated  by  the  Electrochemical  Potentiokinetie  Re¬ 
activation  (EPR)  test.  They  assumed  the  fluctuation 
was  caused  by  the  initiation  of  cracks  on  the  sensitized 
grain  boundaries.  Current  transients  were  measured  on 
a  specimen  coupled  through  a  zero-resistance  ammeter 
to  a  large  cathode  of  annealed  type-304  stainless  steel. 
They  confirmed  that  the  number  of  current  transients 
was  roughly  equal  to  the  number  of  cracks  found  by 
SEM  observation.  They  concluded  that  measured  cur¬ 
rent  pulses  were  associated  with  the  nucleation  of  the 
microcracks. 

SCC  tests  are  generally  carried  out  under  more  severe 
conditions  than  those  actually  employed,  in  order  to 
finish  the  experiments  within  a  reasonable  time.  How¬ 
ever,  in  many  cases,  a  material  that  has  an  excellent 
performance  in  accelerated  tests  ruptures  in  a  shorter 
time  upon  actual  usage.  It  was  speculated  that  the 
morphology  and  the  mechanism  of  SCC  changed  when 
the  accelerated  testing  conditions  were  used,  therefore 
giving  rise  to  the  above  mismatch.  If  it  were  possible  to 
get  a  result  about  SCC  tests  from  the  data  at  an  earlier 
stage,  the  experimental  time  could  be  substantially 
shortened.  In  other  words,  tests  could  be  done  under 
milder  conditions,  which  would  be  close  to  that  of 
actual  employment,  which  needs  too  long  an  experi¬ 
mental  time  with  the  method  currently  in  general  use. 
The  observation  of  potential  or  current  fluctuation 
makes  it  possible  to  detect  the  nucleation  or  propaga¬ 
tion  of  a  crack  in  the  earlier  stage  of  SCC.  Now,  it 
appears  that  the  nucleation  of  a  crack  can  be  detected 
by  the  same  methods  as  reviewed  above.  However, 
these  methods  are  insufficient  for  the  evaluation  of  SCC 
sensitivity.  It  is  necessary  not  only  to  detect  the  nucle¬ 
ation  of  the  cracks  but  also  to  assess  the  propagation 
rate  directly,  just  after  it  has  been  nucleated. 

We  have  measured  the  potential  fluctuation  of  type- 
304  stainless  steel  during  SCC  in  chloride  solution  and 
computed  a  power  spectrum  of  observed  data  by  the 
use  of  the  EFT.  During  the  early  stage  of  SCC,  the 
frequency  distribution  of  the  power  spectrum  had  a 
clear  peak.  This  suggests  that  the  potential  fluctuation 
occurs  at  regular  intervals.  It  is  expected  that  the  poten¬ 
tial  fluctuation  synchronizes  with  each  step  of  the  crack 
advance  —  a  connection  of  a  microcrack  in  the  vicinity 
of  the  advancing  crack  tip  —  and  there  is  a  possibility 
that  the  propagation  of  a  crack  can  be  detected  dynam¬ 
ically  from  an  analysis  of  the  potential  fluctuation.  So, 


we  examine  the  correlation  between  the  number  of 
microcracks  and  potential  fluctuation,  and  discuss  the 
obtained  results. 


2,  Experimental  procedure 

The  material  used  in  this  study  was  type-304  stainless 
steel  purchased  from  Japan  Stainless  Steel  Association. 
This  steel  is  a  rolled  sheet  2  mm  thick  and  solution- 
annealed.  The  composition  of  the  material  was:  0.06C, 
0.58Si,  0.82Mn,  0.29P,  0.002S,  8.75Ni,  18.29Cr,  0.14Mo, 
0.1 4Cu  in  mass%.  This  was  machined  to  a  flat  tensile 
specimen,  with  a  20  mm  gage  length  and  a  4  x  2  mm^ 
cross-sectional  area,  and  was  finished  with  emery  paper 
of  2000  grit.  The  specimen  was  annealed  at  1373  K  for 
600  s  to  remove  a  residual  strain  induced  by  machining. 
It  was  sensitized  at  923  K  for  10.8  ks  (3  h)  in  nitrogen 
gas  and  then  cooled  in  air.  After  these  heat  treatments, 
the  specimen  was  slightly  etched  in  HE  +  HNO3  solu¬ 
tion  to  remove  an  oxide  film,  and  then  it  was  electro- 
polished  in  H3PO4  +  Cr03  solution,  followed  by  acid 
cleaning,  and  ultrasonic  cleaning  in  acetone.  5  mm  of  the 
gage  length  was  exposed  to  the  test  solution  and  the 
remainder  was  sealed  with  polysiloxane. 

The  testing  environment  was  25  mass%  MgCl2  solu¬ 
tion.  The  solution  was  exposed  to  air  throughout  the 
testing  and  its  temperature  was  kept  at  353  ±  0.5  K, 
The  solution  was  poured  into  the  cell  after  the  load  was 
applied,  and  it  was  not  agitated  during  the  experiment. 
A  constant  tensile  stress  of  245  MPa  was  applied  to  the 
specimen  with  a  spring-type  tensile  test  apparatus.  The 
fluctuation  of  the  corrosion  potential  with  respect  to 
the  saturated  Ag/AgCl  reference  electrode  was  mea¬ 
sured  with  an  accurate  digital  voltmeter;  the  1.2  V 
range  was  used  and  the  least  significant  digit  of  this 
range  was  1  pV.  The  sampling  interval  was  0.5  s,  and 
the  data  were  stored  in  a  memory  bank  in  the  voltmeter 
successively.  When  the  number  of  stored  data  reached 
4096,  these  data,  which  were  dealt  with  as  one  data 
block,  were  transferred  to  a  desktop  computer  through 
an  IEEE-488  bus,  then  saved  on  a  floppy  disk.  This 
sequence  of  potential  measurement  was  repeated  every 
2400  s. 

The  intensity  of  the  inherent  noise  of  the  measure¬ 
ment  system  was  assessed  from  the  time  record  of 
potential  difference  between  two  reference  electrodes 
inserted  in  one  cell.  A  noise  was  observed  synchronized 
with  making  or  breaking  of  the  heater  circuit,  which 
was  inserted  in  a  glass  tube  and  placed  inside  the  testing 
cell  to  control  the  solution  temperature.  The  amplitude 
of  the  observed  noise  was  10  pV  or  below.  The  faradaic 
impedance  of  the  Ag/AgCl  electrode  is  higher  than  that 
of  the  specimen,  therefore  oscillation  signals  which 
exceeded  10  pV  in  amplitude  were  judged  to  be  valid  in 
this  measurement  system. 
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A  power  spectrum  of  corrosion  potential  was  ob¬ 
tained  to  estimate  the  frequency  of  fluctuation  using 
FFT.  The  Hanning  window  was  employed  for  a  win¬ 
dow  function.  Calculation  was  done  for  every  data 
block,  including  the  4096  points  of  potential  data  as 
mentioned  above.  For  the  data  sampled  every  0.5  s,  the 
highest  frequency  of  the  computed  power  spectrum  was 
1  Hz  and  the  frequency  resolution  of  the  spectrum  was 
1/2048  Hz.  Before  the  execution  of  the  FFT,  d.c.  and  a 
drift  component  included  in  the  original  data  were 
removed  by  use  of  the  least-squares  method;  the  devia¬ 
tion  of  each  measured  data  value  from  the  regression 
line  is  employed  as  data  for  the  FFT  computation. 

3.  Results  and  discussion 

3.1.  Macroscopic  corrosion  potential  change  throughout 
an  see  test 

In  this  section,  the  focus  is  on  the  macroscopic 
change  of  corrosion  potential  throughout  the  SCC  test. 
Fig.  1  shows  the  example  of  a  typical  corrosion  poten¬ 
tial  change,  from  7.2  ks  after  the  solution  was  poured 
to  1.5  ks  before  the  specimen  ruptured.  After  the  com¬ 
pletion  of  the  test,  the  ruptured  surface  was  observed 
by  SEM.  The  specimen  was  ruptured  by  one  crack  and 
any  other  macrocracks  were  not  regarded  on  it.  During 
period  (A),  potential  rose  to  the  peak,  then  oscillated  a 
few  times,  and  finally  dropped  to  the  lower  potential.  In 
other  tests  performed  under  the  same  experimental 
conditions,  the  potential  reached  a  peak  at  10  to  20  ks 
after  the  pouring  of  the  solution.  It  is  speculated  that 
the  formation  of  a  stable  pit  brought  about  the  poten¬ 
tial  drop.  Throughout  period  (C),  the  corrosion  poten¬ 
tial  gradually  decreased  as  one  macro  crack  was 
propagated  further,  which  could  be  observed  by  the 
naked  eye. 

During  period  (B),  the  corrosion  potential  kept  a 
steady  value.  This  potential  plateau  was  usually  ob¬ 
served  in  the  other  experiments  done  under  the  same 


Fig.  1.  Example  of  macroscopic  corrosion  potential  change  through¬ 
out  an  SCC  test.  (Periods  (A)-(C):  see  text.) 


Fig.  2.  Corrosion  potential  change  during  the  initiation  stage  to  the 
early  stage  of  SCC. 

experimental  conditions.  A  few  small  cracks  were  ob¬ 
served  by  SEM  on  the  surface  of  the  specimen  when  the 
experiment  terminated  in  this  stage.  These  cracks  gener¬ 
ated  from  one  pit  and  propagated  almost  perpendicular 
to  the  direction  of  the  applied  stress  and  were  hardly 
visible  any  longer  with  the  naked  eye.  We  refer  to  this 
stage  as  the  “early  stage  of  SCC”,  and  potential  fluctu¬ 
ation  observed  in  this  period  was  analyzed  and  is 
discussed  in  this  paper. 

3.2.  Frequency  characteristics  in  the  early  stage  of 

see 

Fig.  2  shows  the  changes  of  corrosion  potential  dur¬ 
ing  the  initiation  stage  to  the  early  stage  of  SCC. 
Potential  measurements  started  from  3.6  ks  after  the 
pouring  of  the  solution  and  terminated  at  the  time 
corresponding  to  the  right-hand  end  of  this  figure.  Fig. 
3  displays  the  power  spectrum  of  the  potential  fluctua¬ 
tion  shown  in  Fig.  2.  These  curves  are  calculated  by 
averaging  the  six  power  spectra,  which  are  computed 
from  the  sequentially  saved  six  data  blocks.  Each  sec¬ 
tion  in  Fig.  2,  marked  with  letters  (A)  to  (I),  is  con- 


Fig.  3.  Power  spectrum  of  the  potential  fluctuation  shown  in  Fig.  2. 
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Fig.  4.  Typical  example  of  a  SEM  image  of  the  surface  area  near  a 
crack  tip. 


ther  in  this  manner.  It  is  estimated  that  the  former 
process  is  controlled  by  corrosion  along  the  coarse  slip 
line  and  the  latter  is  ruled  by  the  mechanical  crack 
advance.  Therefore,  the  latter  process  induces  a  poten¬ 
tial  fluctuation,  because  a  relatively  large  area  of  bare 
metal  surface  is  generated  rapidly  and  then  repassi¬ 
vated.  Also,  it  is  speculated  that  when  the  process 
occurs  at  the  inside  of  the  specimen,  a  detectable  poten¬ 
tial  fluctuation  is  not  generated,  because  of  the  effect  of 
the  IR  drop  of  the  solution.  If  the  above  assumption  is 
correct,  it  is  speculated  that  the  number  of  connected 
microcracks  will  be  equal  to  the  sum  of  the  observed 
potential  fluctuations. 

3.4.  The  correlation  betn'cen  the  number  of  microcracks 
and  that  of  fluctuations 


structed  with  six  data  blocks,  so  the  power  spectra  are 
obtained  in  each  section,  and  the  letters  written  on  the 
right  side  of  each  curve  in  Fig.  3  correspond  to  those  of 
this  figure.  The  frequency  range  represented  in  this 
figure  is  5  to  35  mHz.  The  spectrum  curves  under  5 
mHz  are  obviously  affected  by  the  drift  components 
included  in  the  data.  In  the  frequency  range  over 
35mHz  to  IHz,  no  peaks  are  detected  and  the  intensity 
of  the  power  spectrum  decayed  monotonically. 

All  power  spectra  shown  in  Fig.  3  have  a  clear  peak 
frequency  within  8  to  10  mHz.  The  same  results  were 
obtained  in  other  experiments  carried  out  under  the 
same  experimental  conditions.  However,  when  many 
cracks  propagated  from  some  pits  simultaneously,  the 
obtained  power  spectrum  curves  became  complicated 
and  a  clear  peak  did  not  appear.  The  clear  peak  of  the 
power  spectrum  indicates  that  the  potential  fluctuation 
occurs  at  a  regular  interval,  and  this  type  of  potential 
fluctuation  during  SCC  testing  has  not  been  reported 
before.  In  the  following  section,  the  origin  of  this  signal 
will  be  discussed. 

3.3.  Surface  morphology  in  the  vicinity  of  the  crack  tip 

The  experiment  terminated  at  an  early  stage,  and 
then  surface  observation  was  carried  out  by  SEM.  The 
surface  trace  of  the  propagated  crack  was  gradually 
corroded  with  time,  but  in  the  vicinity  of  the  advancing 
crack  tip,  it  was  expected  that  some  information  about 
crack  propagation  was  preserved.  Fig.  4  shows  a  typical 
example  of  an  SEM  image  of  the  surface  area  near  a 
crack  tip.  The  coarse  slip  lines  were  seen  on  the  figure 
and  were  inclined  at  about  45°  to  the  direction  of  the 
applied  stress.  From  this  micrograph,  it  can  be  sup¬ 
posed  that  a  crack  propagates  on  the  surface  of  a 
specimen  as  follows.  First,  isolated  microcracks  are 
generated  along  coarse  slip  lines  in  front  of  the  crack 
tip,  where  stress  is  concentrated.  Then  these  micro-pits 
are  coupled  successively  and  the  crack  propagates  fur- 


The  average  length  of  a  microcrack  was  measured  to 
estimate  the  number  of  microcracks  included  in  the 
specimens.  Nine  experiments  were  terminated  at  an 
arbitrary  time  in  the  early  stage  of  SCC  and  the  surface 
of  the  tested  specimens  was  observed  by  SEM.  First,  it 
was  observed  that  the  average  microcrack  length  for 
each  adequate  area  of  SEM  image  where  the  trace  of 
microcracks  was  well  preserved  was  in  the  vicinity  of  the 
crack  tip  of  the  specimens.  Four  to  twelve  data  values 
were  taken  for  every  specimen,  which  were  sampled 
from  different  areas  of  the  specimen.  A  histogram  of  the 
average  microcrack  length  shown  in  Fig.  5.  The  average 
value  of  data  displayed  in  this  graph  is  2.12pm.  The 
number  of  microcracks  included  in  each  specimen  was 
computed  by  dividing  the  whole  length  of  the  surface 
crack-propagation  trace  by  the  average  value  of  microc¬ 
rack  length.  Also,  the  number  of  potential  fluctuations, 
from  the  potential  dropping  to  the  experiment  termina¬ 
tion,  was  estimated  from  the  peak  frequency  of  the 
power  spectrum  of  every  data  block:  we  multiplied  the 
value  of  the  each  peak  frequency  by  the  total  measure¬ 
ment  time  of  each  data  block.  The  correlation  between 
the  number  of  microcracks  and  that  of  fluctuations  is 
shown  in  Fig.  6.  From  this  figure,  it  is  judged  that  the 
number  of  microcracks  is  equal  to  the  sum  of  the 
observed  potential  fluctuations.  So  it  is  speculated  that 
the  connection  of  microcracks  is  a  signal  source  for  the 
potential  fluctuation  in  the  early  stage  of  SCC. 

3.5.  A  shift  of  the  peak  frequency  by  the  change  of 
tensile  stre.ss  in  the  middle  of  the  SCC  test 

The  propagation  rate  of  the  advancing  crack  in¬ 
creases  with  the  intensity  of  the  tensile  stress.  In  the 
early  stage  of  SCC,  if  the  crack  propagates  with  the 
connection  of  microcracks  on  the  surface  of  a  specimen 
and  the  potential  fluctuation  occurs  when  the  micro¬ 
cracks  connect  each  other,  as  speculated  above,  it  is 
expected  that  increasing  the  stress  will  lead  to  the 
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Test  A  (  3.6ks,  Sareas  ) 
Test  B  (  4.2ks,  Sareas  ) 
Test  C  (  9.0ks,  13areas  ) 
Test  D  (  39.6ks,  7areas  ) 
Test  E  (  48.6ks,  Sareas  ) 
Test  F  (  66.0ks,  14areas  ) 
Test  G  (  73.2ks,  7areas  ) 
Test  H  (  73.2ks,  llareas  ) 
Test  I  (  7S.0ks,  18areas  ) 


0  0.5  1.0  1.5  2.0  2.5  3.0  3.5  4.0  4.5  5.0 


Length  of  Microcracks  (yWm) 

Fig.  5.  Average  microcrack  length  of  each  evaluated  area.  The 
termination  time  and  the  number  of  evaluated  areas  of  each  test  are 
shown  within  the  parentheses. 


decreasing  of  the  occurrence  interval  of  the  potential 
fluctuation.  The  interval  can  be  evaluated  from  the 
peak  frequency  of  its  power  spectrum,  as  shown  in  Fig. 
3.  So,  to  confirm  the  above  speculation,  the  stress  was 
increased  at  the  early  stage  of  SCC  and  the  shift  of  the 
peak  frequency  of  the  power  spectrum  was  investigated. 


Frequency  (mHz) 


Fig.  7.  Power  spectrum  of  the  potential  fluctuation  from  1.2  ks  to 
25.2  ks  after  the  stress  increase  (245  to  294  MPa). 


Figs.  7  and  8  show  the  change  of  the  power  spectrum 
from  1.2  ks  to  25.2  ks  after  the  increase  in  the  stress 
intensity.  The  former  is  the  result  when  the  stress  was 
increased  from  245  to  294  MPa  and  the  latter  is  that 
when  the  stress  was  changed  from  245  to  343  MPa. 
These  curves  are  computed  from  the  sequentially  saved 


Fig.  6.  Correlation  between  the  number  of  microcracks  and  that  of 
fluctuations. 


Fig.  8.  Power  spectrum  of  the  potential  fluctuation  from  1.2  ks  to 
25.2  ks  after  the  stress  increase  (245  to  343  MPa). 


230 


H.  Ifwue  el  al.  I  Materials  Science  and  Engineering  A 198  (1995)  225-230 


Fig.  9.  Power  spectrum  of  the  potential  fluctuation  before  and  after 
the  stress  increase. 


data  block.  In  Fig.  7,  a  clear  peak  is  shown  around  45 
mHz  from  1.2  ks  to  8.4  ks  (the  curves  (a)  to  (c)  in  Fig. 
7)  after  the  increasing  of  the  stress.  This  type  of  peak  is 
also  shown  in  Fig.  8.  Its  frequency  is  higher  than  that 
shown  in  Fig.  7  (curves  (1)  to  (9)  in  Fig.  8),  though  the 
intensities  of  the  spectrum  peaks  shown  in  Fig.  8  are 
lower  than  those  shown  in  Fig.  7.  When  a  constant 
stress  of  245  MPa  was  applied  to  the  specimen,  as  the 
result  shown  in  Fig.  3,  the  frequency  of  the  clear  peak 
was  within  8  to  10  mHz.  It  can  be  seen  that  the  peak 
shifts  to  higher  frequency  with  an  increase  of  the  stress, 
but  the  lower  peak  also  remained  as  displayed  in  Figs. 

7  and  8. 

Fig.  9  is  the  change  in  the  power  spectrum  at  low 
frequency  before  and  after  the  stress  increase.  The 
analyzed  potential  data  are  common  with  the  data 
presented  in  Fig.  8.  These  curves  are  calculated  by  the 
averaging  of  the  three  power  spectra,  which  are  com¬ 
puted  from  the  sequentially  saved  three  data  blocks. 
The  averaged  data  of  the  curves  (c),(d)  and  (e)  in  Fig. 

8  are  the  curve  (e)  in  Fig.  9.  The  curves  (c)  and  (//)  in 
Fig.  9  correspond  to  the  averages  of  the  curves  (0  to  (h) 
and  (i)  to  (k)  in  Fig.  8,  respectively.  A  clear  peak  is  seen 
before  and  after  the  increasing  of  the  stress.  The  fre¬ 
quency  of  the  peak  is  about  8  mHz  and  it  does  not 
change  with  the  changing  of  the  stress.  As  shown  in 
Figs.  7  and  8,  the  higher-frequency  peak  disappeared 


after  a  while.  It  also  cannot  be  explained  if  the  higher 
peak  is  brought  by  increasing  of  the  propagation  rate. 
When  the  stress  is  increased,  the  strain  rate  of  the 
specimen  is  also  increased.  So,  there  is  a  possibility  that 
a  peak  which  has  a  higher  frequency  is  not  generated  by 
acceleration  of  the  crack  propagation,  but  it  is  induced 
by  the  increase  in  the  strain  rate. 

4.  Conclusion 

Potential  fluctuation  of  type-304  stainless  steel  during 
see  was  measured  in  25  mass%  MgCU  solution  and  its 
power  spectrum  was  obtained  by  FFT.  The  power 
spectrum  of  the  observed  fluctuation  had  a  clear  peak, 
and  its  frequency  was  within  the  range  from  8  to  10 
mHz.  Its  source  was  speculated  to  be  the  rapid  forma¬ 
tion  of  a  bare  metal  surface  and  its  repassivation,  with 
the  connection  of  the  microcracks  which  had  been 
generated  along  coarse  slip  step  lines  in  front  of  the 
crack  tip  on  the  surface  of  the  specimen.  To  confirm 
this  mechanism,  the  stress  was  increased  in  the  middle 
of  the  see  tests  and  the  shift  of  the  peak  frequency  of 
the  power  spectrum  was  investigated.  A  new  peak 
appeared  at  a  higher  frequency,  while  a  peak  at  the 
lower  frequency  also  existed  before  and  after  the 
change  of  the  tensile  stress.  These  results  were  not 
explicable  by  the  above-speculated  mechanism,  so  it 
was  concluded  that  the  evidence  about  the  correlation 
between  the  signal  and  the  phenomenon  could  not  be 
obtained  within  the  extent  of  the  results  investigated  in 
this  paper. 
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Abstract 

The  stress  corrosion  cracking  resistance  of  ductile  nickel  aluminide,  Ni3Al  +  B,  was  evaluated  by  conducting  experiments  in 
solutions  with  varying  pH  and  ionic  concentration.  The  results  demonstrate  that  the  ductility  of  this  material  is  greatly  reduced 
and  the  fracture  mode  changes  from  ductile  transgranular  to  brittle  intergranular  cracking  when  environmental  conditions  are 
favorable  for  hydrogen  absorption  during  the  steady  state  regardless  of  the  solution  composition  and  pH.  The  results  also  indicate 
that,  in  the  absence  of  cathodic  polarization,  this  material  exhibits  ductile  behavior  during  free  corrosion  in  solutions  of  neutral 
and  alkaline  pH.  Thermodynamic  calculations  of  the  activity  of  aluminum  in  nickel  aluminide  indicate  that  there  is  sufficient 
thermodynamic  driving  force  for  hydrogen  evolution  in  these  environments.  Although  the  presence  of  surface  films  and  transport 
through  these  films  prevent  this  from  occurring  during  steady  state  free  corrosion,  the  thermodynamic  calculations  indicate  that 
hydrogen  evolution  should  occur  during  the  transients  that  follow  film  rupture  in  these  environments.  To  evaluate  if  hydrogen 
evolution  could  occur  during  film  rupture  and  repassivation,  nickel  aluminide  samples  were  scratched  and  the  resulting  potential 
transient  was  monitored.  The  results  indicate  that  the  potential  drop  during  the  scratch  repassivation  event  will  not  cause 
significant  hydrogen  evolution  and  absorption.  It  is  postulated  that  this  discrepancy  between  the  thermodynamic  calculations  and 
kinetic  behavior  is  due  to  the  ordering  of  this  A3B  compound  into  the  LI2  structure.  To  test  this  hypothesis,  samples  of  N^Fe, 
which  can  be  easily  ordered  and  disordered,  were  tested  in  the  ordered  and  disordered  conditions.  The  results  indicate  that 
ordering  significantly  alters  the  repassivation  transient  that  follows  scratching  in  A3B-LI2  compounds  where  the  more  active 
constituent  is  the  B  species. 

Keywords:  Aqueous  corrosion;  Stress  corrosion  cracking;  Nickel  aluminide;  Ductility 


1.  Introduction 

Nickel  aluminide,  Ni3Al,  is  an  intermetallic  compound 
that  forms  as  a  result  of  the  ordering  of  the  nickel  and 
aluminum  atoms  on  the  f.c.c.  unit  cell  with  the  nickel 
atoms  occupying  the  face  center  sites  and  the  aluminum 
atoms  occupying  the  corner  sites  (the  LI 2  structure). 
Unfortunately,  intrinsic  polycrystalline  nickel  aluminide 
exhibits  brittle  behavior  in  laboratory  air  at  ambient 
temperatures.  This  brittle  fracture  problem  had  prevent¬ 
ed  the  development  of  high  and  low  temperature  appli¬ 
cations  for  this  material  until  it  was  found  that  it  could 
be  made  ductile  through  microalloying  additions  of 
boron  and  by  maintaining  the  aluminum  concentration 
in  the  alloy  slightly  below  the  stoichiometric  ratio  [1,2]. 


The  resulting  intermetallicalloy  offers  high  strength  and 
ductility,  making  it  a  promising  structural  material  for 
ambient  temperature  and  high  temperature  applications. 

Although  interest  in  nickel  aluminide  is  primarily  due 
to  its  potential  for  high  and  intermediate  temperature 
applications,  it  also  possesses  certain  properties  which 
make  it  a  candidate  for  low  temperature  applications. 
Research  has  shown  that  the  corrosion  resistance  of 
nickel  aluminide  in  many  ambient  temperature  aqueous 
environments  is  similar  to  that  of  nickel  alloys  [3-5]. 
However,  it  possesses  other  properties,  such  as  a  lower 
density  and  greater  wear  resistance,  that  may  make  it 
advantageous  with  respect  to  nickel  alloys  or  stainless 
steels  [6,7].  The  low  temperature  aqueous  corrosion 
behavior  of  this  material  is  of  concern  for  high  temper- 
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ature  applications  because  these  materials  will  not  al¬ 
ways  be  at  operating  temperatures,  and  corrosion  dam¬ 
age  or  crack  initiation  during  fabrication  or 
maintenance  could  lead  to  catastrophic  failures  during 
service.  As  a  result,  the  corrosion,  stress  corrosion 
cracking  and  hydrogen  embrittlement  susceptibility  of 
this  material  at  ambient  temperatures  have  been  the 
subject  of  several  studies  [3,4,8-11]. 

Kuruvilla  and  Stololf  [10]  demonstrated  that  the 
ductility  of  nickel  aluminide  is  reduced  by  cathodic 
charging  with  hydrogen  and  that  the  fracture  mode 
changes  from  transgranular  to  intergranular  for  simul¬ 
taneous  cathodic  charging  and  straining.  In  earlier 
work,  it  was  reported  that  exposure  to  low  pH  solu¬ 
tions  resulted  in  a  similar  reduction  in  ductility  and 
change  in  fracture  mode  [12].  Later,  it  was  shown  that 
low  ductility  and  intergranular  fracture  can  result  in 
solutions  of  neutral  and  alkaline  pH  when  the  potential 
of  the  sample  enters  the  range  in  which  hydrogen 
absorption  is  expected  [11,12],  but  Ni3AI  does  not 
exhibit  environmentally  altered  fracture  behavior  in 
neutral  solutions  in  the  absence  of  galvanic  coupling 
[13].  The  purpose  of  this  paper  is  to  summarize  the 
earlier  findings  on  the  aqueous  corrosion  and  environ¬ 
mentally  induced  fracture  resistance  of  Ni^Al,  and  to 
report  on  the  results  of  follow-up  studies  conducted  to 
obtain  an  understanding  of  the  origins  of  the  aqueous 
corrosion  and  environmentally  induced  fracture  behav¬ 
ior  of  this  material. 


2.  Experimental  details 

2i.  Materials 

Samples  of  two  ductile  nickel  aluminide  alloys  were 
provided  by  Oak  Ridge  National  Laboratory  for  this 
study.  The  two  alloys  examined  were  IC-50  and  IC  218 
LZr,  and  the  compositions  of  these  alloys  are  given  in 
Table  1.  The  alloys  were  tested  in  the  as-received  (cold 
worked,  approximately  40%)  and  fully  annealed  condi¬ 
tions.  The  samples  were  annealed  by  placing  them  in  a 
quartz  tube  which  was  evacuated,  back  filled  with  Ar 
and  then  sealed  before  annealing  at  1100  °C  for  1  h. 


Table  1 

Composition  of  the  nickel  aluminide  alloys 


Element 

Weight  per  cent 

Atomic  per  cent 

IC  50 

IC  218  LZr 

IC  50 

IC  218  LZr 

Ni 

86.83 

83.01 

77.0 

74.62 

A1 

11.53 

8.69 

22.2 

16.99 

Cr 

— 

8.08 

— 

8.18 

Zr 

0.03 

0.03 

0.01 

0.12 

B 

0.018 

0.02 

0.08 

0.098 

2'Theta 

Fig.  1.  X-Ray  diffraction  from  Ni-Fe  alloy  heat  treated  to  obtain  a 
random  solid  solution  and  ordered  Ni^Fe. 

To  examine  the  influence  of  ordering  on  the  electro¬ 
chemical  behavior  of  the  alloys,  two  Fe-Ni  alloys  were 
prepared  (Fe---77wt.%Ni  and  Fe-74wt.%Ni).  These  al¬ 
loys  were  selected  because  of  the  ease  of  obtaining 
ordered  (Ni3Fe)  and  random  (Ni-Fe)  solid  solutions 
with  the  same  chemical  composition  from  these  alloys 
as  compared  with  other  A3B-LI2  compounds  composed 
of  nickel  and  a  more  active  species  as  the  minority  or  B 
component.  These  alloys  were  homogenized  at  1100  °C 
for  16  h  in  vacuum  followed  by  air  cooling.  To  achieve 
a  random  solid  solution,  samples  were  heat  treated  at 
1000  °C  for  3  h  followed  by  a  decrease  in  the  tempera¬ 
ture  of  the  samples  to  580  for  3  h,  which  is  above 
the  ordering  temperature  (517  °C),  before  quenching  to 
room  temperature.  To  achieve  a  fully  ordered  condi¬ 
tion,  samples  were  heat  treated  at  470  °C  for  19  days 
before  quenching  to  room  temperature.  Ordering  was 
confirmed  by  X-ray  diffraction  of  the  samples  given  the 
randomizing  and  ordering  heat  treatments  (Fig.  1),  and 
the  relationship  of  Calvayrac  and  Fayard  [14]  indicates 
greater  than  100%  ordering  for  these  samples. 

2.2.  Electrochemical  measurements 

Electrochemical  experiments  were  conducted  initially 
in  four  different  solutions  of  varying  pH:  0.5  mol  1~^ 
H.SO4  (pH  0.7),  0.5  mol  I"'  NaCl  (pH  6.3),  0.5 
mol  1-’  Na2S04  (pH  ^  6.5)  and  0.5  mol  1“^  NaOH 
(pH  %  13.1).  Additional  experiments  were  conducted  in 
other  solutions  and  will  be  the  subject  of  another  paper. 
The  electrochemical  measurements  consisted  of  steady 
state  free  corrosion  potential  measurements  and  poten- 
tiodynamic  polarization  measurements.  For  these  mea¬ 
surements,  samples  of  the  alloys  were  embedded  in 
epoxy  resin  with  a  wire  attached  to  the  back  of  the 
sample  which  was  totally  encased  and  isolated  from  the 
solution.  The  electrodes  were  polished  to  a  0.05  //m 
finish,  and  washed  in  ethanol  and  double  distilled  water 
immediately  before  use.  For  the  potentiodynamic  polar¬ 
ization  tests,  the  samples  were  allowed  to  corrode  freely 
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in  the  naturally  aerated  solution  for  30  min  before  a 
potentiostat  swept  the  potential  of  the  sample  with 
respect  to  a  saturated  calomel  reference  electrode  be¬ 
tween  two  predetermined  potentials  at  a  fixed  rate.  A 
wide  variety  of  different  sweep  rates  and  potential  limits 
were  used. 

2.3.  Slow  strain  rate  tensile  tests 

Slow  strain  rate  tensile  tests  were  conducted  on  sam¬ 
ples  of  the  nickel  aluminide  alloys  under  free  corrosion 
and  potentiostatic  conditions  at  a  constant  crosshead 
speed  of  2.54  X  10"^  m  s“  *  in  the  same  solutions  as 
used  for  the  electrochemical  measurements  and  in  labo¬ 
ratory  air  for  comparison.  The  samples  used  for  these 
experiments  were  approximately  0.75  mm  thick  with  a 
gage  length  of  25.4  mm.  The  samples  were  coated  with 
a  lacquer  outside  the  gage  section  and  the  grips  of  the 
load  frame  were  isolated  from  the  solution.  During  the 
slow  strain  rate  tensile  tests,  the  load  and  stroke  were 
monitored  and  recorded  by  computer  and  the  resulting 
fracture  surfaces  were  examined  in  a  scanning  electron 
microscope.  To  examine  the  ductility  at  pH  values 
between  0.6  and  6.3,  slow  strain  rate  tensile  tests  were 
conducted  at  two  concentrations  of  AICI3:  0.17  and  1.7 
mol  l“h  The  pH  values  of  these  solutions  were  mea¬ 
sured  and  found  to  be  2.7  and  1.4  respectively.  For  the 
potentiostatic  slow  strain  rate  tensile  tests,  the  potential 
difference  between  the  sample  and  a  reference  electrode 
was  kept  constant  with  a  commercial  potentiostat  and  a 
Pt  counterelectrode  as  shown  in  Fig.  2.  Electrical  con¬ 
tact  was  made  to  the  sample  in  the  grips  outside  the 
solution. 

2.4.  Scratch  repassivation  transient  measurements 

These  experiments  involved  the  artificial  generation 
of  a  bare  metal  surface  by  scratching  with  a  sapphire 

Reference 


Fig.  2.  Schematic  diagram  of  the  environmental  chamber  used  for 
slow  strain  rate  tensile  tests. 


Fig.  3.  Schematic  diagram  of  the  experimental  equipment  used  for 
generating  a  bare  surface  by  scratching  for  repassivation  transient 
measurements. 

scribe,  and  the  recording  of  the  potential  transient  that 
accompanies  scratching  and  repassivation  of  the 
scratch.  Fig.  3  shows  a  diagram  of  the  apparatus  used 
for  these  experiments.  This  same  apparatus  was  used  in 
a  study  of  A1  alloys  and  a  more  detailed  description  of 
the  apparatus  and  the  experimental  technique  can  be 
found  in  Ref.  [15].  Sheet  samples  of  nickel,  aluminum 
and  nickel  aluminide  were  mounted  on  edge  in  epoxy, 
polished  and  coated  with  lacquer  in  preparation  for 
scratching.  The  scribe  scratched  through  this  lacquer 
coating  and  into  the  sample  during  the  scratch  process. 
Electrical  contact  was  made  to  the  sample  with  a  wire, 
which  was  attached  to  the  back  of  the  sample  and 
isolated  from  the  solution.  Three  different  solutions 
were  used  for  these  experiments:  0.5  mol  1“^  NaCl 
(pH  ^6.3);  and  0.5  mol  1“*  Na2S04  (pH  6.5)  and 
0.5  mol  1“^  NiCl2.  The  first  two  were  used  to  represent 
typical  neutral  solutions  with  and  without  halide  ions, 
and  the  third  was  used  to  determine  the  influence  of 
nickel  ions  on  the  transient.  Scratch  tests  were  also 
conducted  on  ordered  (Ni3Fe)  and  disordered  (Ni-Fe) 
samples  of  the  nickel-iron  alloys  in  0.1  mol  1~  ^  H2SO4. 

3.  Results  and  discussion 

3.1.  Electrochemical  measurements 

Potentiodynamic  polarization  curves  were  deter¬ 
mined  for  each  of  the  solutions.  Initially,  significant 
differences  were  observed  between  nickel  and  nickel 
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aluminide,  but  closer  examination  revealed  that  the 
main  causes  of  these  differences  were  the  sample  size 
and  shape  (edge  effects).  As  a  result,  the  measurements 
were  repeated  numerous  times  with  samples  that  were 
as  close  to  the  same  size  and  shape  as  reasonably 
possible.  The  electrochemical  measurements  will  be  the 
subject  of  another  paper  but,  for  this  discussion,  it  is 
important  to  note  that,  in  general,  the  electrochemical 
behavior  of  Ni3Al  was  very  close  to,  but  not  exactly  the 
same  as,  pure  nickel  in  all  of  the  environments  studied. 
Fig.  4  shows  the  relatively  small  differences  between 
Ni3Al  and  pure  Ni  for  one  of  the  environments:  0.5  mol 
1“^  H2SO4.  Typically,  the  differences  between  Ni3Al 
and  pure  nickel  were  so  small  that  numerous  repetitions 
were  required  to  determine  whether  a  difference  was 
reproducible. 

3.2.  Slow  strain  rate  tensile  tests 

Fig.  5(a)  shows  that  the  ductility  and  strain  to  failure 
are  essentially  unaffected  by  the  environment  in  neutral 
and  alkaline  solutions,  but  in  acidic  solutions  the  ductil¬ 
ity  is  greatly  reduced.  In  Fig.  5(b),  the  free  corrosion 
potentials  of  nickel  aluminide  in  the  solutions  used  for 
the  slow  strain  rate  tensile  tests  are  plotted  against  the 
pH  of  the  solutions,  together  with  the  hydrogen  evolu¬ 
tion  potential  calculated  from  the  Nernst  equation  for 
fugacities  of  10^  10"^  and  10^  Pa.  By  comparing  Figs. 
5(a)  and  5(b),  it  can  be  seen  that  the  ductility  and 
ultimate  tensile  strength  (as  percentages  of  the  values 
observed  in  air)  are  essentially  unchanged  in  the  neutral 
and  alkaline  solutions  when  the  hydrogen  fugacity  esti¬ 
mated  from  the  steady  state  free  corrosion  potential  is 
extremely  low,  but  that  the  ductility,  ultimate  tensile 
strength  and  fracture  mode  change  significantly  when 
the  steady  state  free  corrosion  potential  is  sufficiently 
low  for  the  hydrogen  fugacity  to  become  appreciable. 

Although  this  provides  strong  evidence  that  hydro¬ 
gen  embrittlement  is  the  mechanism  responsible  for  the 
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Fig.  4.  Comparison  of  the  potentiodynamic  polarization  curves  ob¬ 
tained  for  pure  Ni  and  Ni3Fe  in  0.5  mol  1  “  ‘  H2SO4. 
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Fig.  5.  Slow  strain  rate  tensile  tests  in  different  environments:  (a) 
strain  to  failure  ratio  and  ultimate  tensile  strength  ratio  vs.  pH;  (b) 
steady  state  free  corrosion  potential  vs.  pH. 

observed  environmentally  induced  fracture,  it  should  be 
kept  in  mind  that  dissolution  occurs  during  exposure  to 
these  acidic  solutions,  and  other  processes,  such  as  film 
growth  or  dealloying,  may  also  occur  in  these  solutions. 
As  a  result,  these  possibilities  must  be  eliminated  before 
it  can  be  concluded  unambiguously  that  hydrogen  em¬ 
brittlement  is  the  mechanism  responsible.  To  achieve 
this  objective,  two  different  types  of  experiment  were 
performed.  First,  slow  strain  rate  tensile  tests  were 
conducted  in  sulfuric  acid  with  the  potential  of  the 
samples  with  respect  to  a  reference  electrode  controlled 
with  a  potentiostat.  Three  potentials,  besides  the  open- 
circuit  free  corrosion  potential,  were  used  for  these 
experiments  as  shown  in  Fig.  6(a):  (1)  a  potential  below 
the  free  corrosion  potential,  which  will  reduce  the  rate 
of  anodic  processes  and  may  increase  the  hydrogen 
fugacity;  (2)  an  active  potential  above  the  free  corrosion 
potential  which  will  reduce  the  hydrogen  fugacity  but 
increase  the  rate  of  anodic  dissolution;  (3)  a  potential 
above  the  free  corrosion  potential  and  the  active  to 
passive  transition  such  that  the  hydrogen  fugacity  will 
be  essentially  zero  and  the  surface  of  nickel  aluminide 
will  be  passivated.  It  should  be  noted  that  the  steady 
state  current  densities  may  differ  significantly  from 
those  observed  on  a  potentiodynamic  polarization 
curve,  and  the  current  density  at  the  passive  potential, 
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potential  number  (3),  decreases  to  less  than  10“^  A 
within  10  min.  Fig.  6(b)  shows  the  results  of  these 
experiments.  It  can  be  seen  that  polarization  to  a 
potential  below  the  free  corrosion  potential  does  not 
significantly  alter  the  fracture  behavior,  but  polariza¬ 
tion  to  more  positive  potentials,  which  reduces  the 
hydrogen  fugacity,  increases  the  tensile  strength.  At  the 
active  potential,  —  200  mVscE?  rate  of  dissolution  is 
significantly  increased  but  intergranular  fracture  is  not 
observed,  and  the  tensile  strength  ratio  increases  al¬ 
though  it  is  not  as  great  as  that  observed  in  air.  Since 
the  tensile  strength  calculation  is  based  on  the  cross-sec¬ 
tion  of  the  sample  measured  before  the  initiation  of  the 
experiment,  it  is  not  surprising  that  the  calculated  ten¬ 
sile  strength  is  lowered  by  the  anodic  attack  because 
this  attack  will  reduce  the  cross-section  of  the  sample. 
As  a  result,  the  true  tensile  strength  ratio  for  these 
samples  was  estimated  by  measuring  the  cross-section 
after  completion  of  the  test,  estimating  the  cross-section 
from  current  density  measurements  and  estimating  a 
“reference”  or  air  value  for  the  ratio  by  corroding  a 
sample  in  the  solution  for  the  same  time  as  taken  for 
the  test  and  testing  this  sample  in  air.  The  open  circle  in 
Fig.  6  represents  the  value  of  these  estimates,  and  it  can 
be  seen  that  the  tensile  strength,  while  considerably 
greater  than  that  observed  at  open  circuit,  is  not  as 
great  as  that  observed  in  air.  This  difference  may  be  due 


Fig.  6.  Influence  of  potential  on  the  strain  to  failure  in  0.5  mol  1“’ 
H2SO4:  (a)  polarization  curve  showing  current  densities;  (b)  ultimate 
tensile  strength  ratio. 


Fig.  7.  Influence  of  pre-corrosion  and  hydrogen  “bake-out”  on  the 
strain  to  failure  of  cold-worked  nickel  aluminide  alloy  IC  50. 


to  an  environmental  effect  or  our  inability  to  account 
for  the  influence  of  surface  roughening  as  a  result  of 
corrosion  on  the  tensile  properties.  For  the  samples 
tested  at  the  passive  potential,  500  mVscE^  fracture  does 
not  occur  until  the  ultimate  tensile  strength  is  reached. 

The  second  method  used  to  evaluate  whether  hydro¬ 
gen  embrittlement  is  the  mechanism  responsible  for  the 
environmentally  induced  fracture  in  acidic  solutions 
involved  pre-exposure  embrittlement  experiments.  The 
purpose  of  these  experiments  was  to  determine  whether 
the  charging  of  hydrogen  into  the  sample  by  pre-expo- 
sure  to  sulfuric  acid  results  in  a  reduction  in  the  me¬ 
chanical  properties  in  a  subsequent  slow  strain  rate 
tensile  test  conducted  in  air  before  the  absorbed  hydro¬ 
gen  can  diffuse  out  of  the  sample.  Fig.  7  shows  that 
pre-corrosion  in  sulfuric  acid  for  10  h  reduces  the  strain 
to  failure  of  cold-worked  nickel  aluminide  to  57%  of 
the  value  normally  exhibited  in  air,  but  not  as  much  as 
testing  in  sulfuric  acid.  Since  the  reduced  ductility  may 
be  the  result  of  surface  damage  during  the  pre-exposure 
as  well  as  hydrogen  embrittlement,  a  sample  was  given 
an  identical  pre-exposure  to  sulfuric  acid,  but  was 
placed  in  a  vacuum  for  over  100  h  prior  to  testing  in 
air;  all  of  the  ductility  was  restored  in  this  sample 
(97%).  Since  hydrogen  embrittlement  is  the  only  mecha¬ 
nism  of  environmentally  induced  fracture  which  is  con¬ 
sistent  with  these  observations,  it  was  concluded  that 
this  is  the  mechanism  responsible  for  environmentally 
induced  fracture  in  acidic  solutions. 

3.3.  Film  rupture  and  scratch  repassivation  transients 

When  changing  loads  or  creep  result  in  the  rupture  of 
films  on  the  surface  or  at  the  tip  of  a  crack,  bare  metal 
will  be  exposed  to  the  environment  as  shown  in  Fig.  8. 
When  this  occurs,  the  freshly  exposed  bare  metal  will 
immediately  begin  to  react  with  the  environment  and 
attempt  to  bring  the  conditions  towards  equilibrium  for 
the  solution,  alloy  and  surface  film.  When  a  bare  sur¬ 
face  is  exposed,  if  the  rate  of  the  cathodic  reactions 
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mmE  TRIPLE  POINT 

Fig.  8.  Schematic  diagram  of  film  rupture  at  the  tip  of  a  crack. 

does  not  increase  as  rapidly  as  the  rate  of  the  anodic 
reactions,  the  potential  of  the  crack  tip  will  decrease.  If 
this  difference  is  significant,  the  potential  can  approach 
that  for  equilibrium  between  the  solution  and  the  bare 
metal.  Indeed,  the  generation  of  a  fresh  bare  surface  by 
scratching  has  been  used  to  estimate  the  equilibrium 
potential  for  aluminum  [16-18].  For  pure  aluminum 
metal,  the  minimum  possible  potential  for  a  repassiva¬ 
tion  transient  assuming  minimum  ionic  concentration  of 
1  X  10”^  mol  l“Ms  illustrated  by  the  line  labeled 
Al(s)”  in  Fig.  9.  In  this  electrochemical  equilibrium 
diagram  for  nickel  and  aluminum,  it  can  be  seen  that  the 
equilibrium  potential  for  bare  aluminum  exposed  to 
water  at  any  pH  is  significantly  active  with  respect  to  the 
potential  required  to  cause  hydrogen  evolution  at  atmo¬ 
spheric  pressure,  as  illustrated  by  the  '‘H  ^/H2  =  1  atm” 
line  in  Fig.  9.  As  a  result,  high  hydrogen  fugacities 
should  accompany  film  rupture  and  repassivation  result¬ 
ing  in  hydrogen  absorption.  Of  course,  the  chemical 
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Fig.  9.  Electrochemical  equilibrium  diagrams  for  nickel  and  aluminum 
in  water  superimposed.  (Ionic  concentration  =  1  x  10“*^  mol  l“f) 


potential  of  aluminum  in  nickel  aluminide  is  not  the 
same  as  for  aluminum  in  the  pure  form.  As  a  result,  the 
chemical  potential  of  aluminum  in  LU  Ni3Al  was  calcu¬ 
lated  using  the  thermodynamic  data  available  in  the 
literature.  It  was  found  that  the  equilibrium  potential 
for  “AF  +  /A1(L12  Ni^Al)”  is  significantly  increased,  but 
still  considerably  active  with  respect  to  the  potential 
required  to  cause  hydrogen  evolution  at  atmospheric 
pressure  as  shown  by  the  broken  lines  in  Fig.  9  [19,20]. 
Therefore  thermodynamics  predicts  that  film  rupture  in 
Ni^Al  should  result  in  hydrogen  evolution  and  absorp¬ 
tion  in  any  solution  regardless  of  pH. 

Since  slow  strain  rate  tensile  tests  showed  no  evi¬ 
dence  of  environmentally  altered  fracture  in  solutions 
of  pH  >  3,  scratch  repassivation  experiments  were  con¬ 
ducted  on  samples  of  pure  Ni,  pure  A1  and  Ni^Al  in  0.5 
mol  1“^  Na2S04  and  0.5  mol  1“*  NaCl.  These  experi¬ 
ments  were  designed  to  determine  whether  the  repassi¬ 
vation  transients  following  film  rupture  in  nickel 
aluminide  are  influenced  by  the  aluminum  which  may 
result  in  hydrogen  absorption  and  embrittlement  at  pH 
values  above  pH  3.  Fig.  10  shows  the  results  of  these 
experiments.  It  can  be  seen  that,  in  both  solutions,  the 
scratch  repassivation  transient  for  Ni3Al  is  similar  to 
that  of  pure  Ni  in  that  it  does  not  drop  below  the 
potential  for  hydrogen  evolution  at  atmospheric  pres¬ 
sure  and  does  not  approach  the  “AF^/A^LF  N^Al)” 
potential  shown  in  Fig.  9,  This  is  significant  as  alu¬ 
minum  makes  up  almost  25%  of  this  compound  and  yet 
has  little  influence  on  the  potential  transient  that  fol¬ 
lows  film  rupture.  Clearly,  the  surface  activity  for  alu¬ 
minum  in  this  compound  is  significantly  different  from 
that  calculated  by  thermodynamics  for  aluminum  in  the 
bulk  compound.  Understanding  this  phenomenon 
could  enable  intermetallic  compounds  to  be  used  in 
situations  in  which  one  of  the  constituents  should  react 
with  the  environment. 

Thermodynamic  calculations  form  a  useful  basis  for 
estimating  behavior,  but  kinetics  frequently  influence 
the  actual  outcome.  In  A3B-LI2  compounds,  the  B 
atoms  are  surrounded  by  A  atoms  such  that  they  have 
only  A  atoms  for  nearest  neighbors.  When  a  bare 
surface  of  a  compound  of  this  type  is  exposed  to  the 
environment,  about  25%  of  the  atoms  exposed  will  be  B 
atoms.  After  these  have  been  ionized,  the  surface  will  be 
essentially  100%  A  atoms  and  no  additional  B  atoms 
can  be  removed  from  the  solid  until  some  A  atoms  are 
removed.  Another  possibility  is  that  the  A3B  compound 
decomposes  near  the  surface,  A  atoms  diffuse  on  the 
surface  to  form  A  clusters  and  B  atoms  are  exposed  to 
the  environment;  however,  this  will  also  be  a  relatively 
slow  process.  Thus  in  an  A3B-LI2  compound,  where  B 
is  the  more  active  component,  ordering  significantly 
reduces  the  surface  reactivity  of  B  atoms,  because  the 
LI 2  structure  imposes  physical  barriers  to  the  dissolu¬ 
tion  of  B  atoms,  limiting  it  to  that  dictated  by  the 
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Fig.  10.  Scratch  repassivation  transients  for  nickel  aluminide  alloy  IC  50:  (a)  in  0.5  mol  1  ^  Na2S04;  (b)  in  0.5  mol  1  *  NaCl. 


Stoichiometry  of  the  compound  (stoichiometric  dissolu¬ 
tion). 

To  evaluate  this  hypothesis,  samples  of  a  nickel-iron 
alloy,  which  can  be  heat  treated  to  obtain  ordered  and 
random  solid  solutions,  were  tested  in  0.1  mol  1“^ 
H2SO4.  Fig.  1 1  shows  a  comparison  of  the  potentiody- 
namic  polarization  curves  for  this  alloy  in  the  ordered 
and  random  solid  solution  conditions.  It  can  be  seen 
that  the  ordered  condition  has  a  lower  critical  current 
density  and  lower  passive  current  density.  Fig.  12  com¬ 
pares  the  scratch  repassivation  transients  observed  for 
the  ordered  and  random  solid  solution  conditions.  It 
can  be  seen  that  ordering  results  in  a  minimum  poten¬ 
tial  which  is  significantly  greater  than  that  observed  for 
the  ordered  solid  solution.  On  the  other  hand,  the 
minimum  potential  observed  for  the  ordered  condition 
is  very  close  to  the  calculated  minimum  potential  for  Ni 
in  pure  f.c.c.  nickel  (assuming  an  ionic  concentration  of 
1x10“^  mol  1“ 0- 

These  results  are  in  accordance  with  the  hypothesis 


Fig.  11.  Potentiodynamic  polarization  curves  for  ordered  and  random 
solid  solutions  of  Ni-Fe. 


that  ordering  in  A3B-LI2  compounds  imposes  a  stoi¬ 
chiometric  barrier  to  the  dissolution  of  B.  As  a  result,  B 
cannot  dissolve  at  rates  in  excess  of  those  dictated  by 
the  dissolution  rate  of  A  and  the  stoichiometric  ratio. 
This  is  interesting  for  a  stoichiometric  single  crystal,  but 
if  one  component  is  in  excess  or  one  component  segre¬ 
gates  preferentially  to  the  grain  boundaries,  continuous 
dissolution  at  rates  greater  than  those  dictated  by  stoi¬ 
chiometry  may  be  possible.  Clearly,  if  the  preferential 
dissolution  of  B  is  undesirable  or  could  cause  hydrogen 
absorption  and  embrittlement,  it  would  be  advanta¬ 
geous  to  keep  the  B  composition  slightly  substoichio- 
metric  or  to  add  something  to  the  alloy  that  influences 
grain  boundary  segregation.  Indeed,  both  of  these  fac¬ 
tors  have  been  found  to  result  in  improved  room  tem¬ 
perature  ductility  in  nickel  aluminide  alloys  [1,2]. 


4.  Conclusions 

Experiments  were  designed  to  evaluate  the  potential 
for  environmentally  induced  fracture  of  ductile  nickel 


Fig.  12.  Scratch  repassivation  transients  for  ordered  and  random 
solid  solutions  of  Ni-Fe  in  0.1  mol  1~  *  H2SO4. 
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aluminide  alloys  and  to  gain  a  fundamental  understand¬ 
ing  of  the  processes  that  dictate  where  these  potentially 
catastrophic  failures  may  occur.  The  results  indicate 
that  ductile  nickel  aluminide  is  susceptible  to  environ¬ 
mentally  induced  fracture  in  low  pH  solutions.  This  was 
found  to  be  the  result  of  hydrogen  absorption  and 
embrittlement  of  this  material.  No  evidence  of  any  other 
environmentally  induced  fracture  mechanism  was 
found.  Because  the  chemical  potential  of  aluminum  in 
nickel  aluminide  is  active  with  respect  to  the  hydrogen 
evolution  potential  at  atmospheric  pressure,  thermody¬ 
namics  alone  would  predict  that  hydrogen  absorption 
occurs  during  film  rupture  events  in  aqueous  solution. 
However,  scratch  repassivation  experiments  revealed 
that  the  potential  transient  that  accompanies  scratch 
repassivation  in  nickel  aluminide  is  very  similar  to  that 
of  pure  nickel.  This  behavior  was  explained  on  the  basis 
of  the  ordering  of  A3B-LI2  compounds  such  that  B 
atoms  have  only  A  nearest  neighbors  and  cannot  dis¬ 
solve  at  rates  in  excess  of  those  dictated  by  the  stoichio¬ 
metric  ratio.  To  test  this  hypothesis,  experiments  were 
conducted  on  nickel™ iron  samples  which  were  heat 
treated  to  obtain  either  a  completely  random  solid 
solution  or  a  completely  ordered  compound  (Ni^Fe). 
These  experiments  revealed  that  ordering  significantly 
reduces  the  activity  of  Fe  in  this  alloy  in  accordance 
with  this  hypothesis. 
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Abstract 

This  report  discusses  the  basis  for  material  selection  in  chemical  plants,  especially  focusing  on  the  design  of  an  actual  plant 
based  on  laboratory  corrosion  test  results.  Both  the  chemical  system  created  when  chlorine  gas  and  bromine  gas  were  neutralized 
with  alkaline  solution,  and  material  economics  are  considered  when  selecting  duplex  stainless  steel  as  a  construction  material. 

In  addition,  the  corrosivity  of  Br“  and  Cl“  with  or  without  BrO“  and  C10“  on  duplex  stainless  steel  is  discussed  in  terms 
of  pitting  and  crevice  corrosion.  Br“  ions  show  a  lower  tendency  to  promote  pitting  and  crevice  corrosion  on  duplex  stainless 
steel,  compared  with  Cl  “  ions.  BrO  “ ,  existing  in  a  bromine  gas  neutralization  system,  acts  as  a  strong  oxidizer  and  easily  shifts 
the  corrosion  potential  of  duplex  stainless  steel  more  noble,  drastically  promoting  crevice  corrosion. 

Keywords’.  Material  selection;  Duplex  stainless  steel;  Stress  corrosion  cracking;  Pitting;  Crevice  corrosion;  Bromide  and  chloride 
environments 


1.  Introduction 

When  selecting  materials  for  chemical  plants  where 
halogen  ions  (1000  ppm  or  more),  such  as  chloride  ions, 
exist,  the  application  of  carbon  steel  is  difficult  owing  to 
the  corrosivity  of  process  fluid  and  product  contamina¬ 
tion  by  corrosion.  Austenitic  stainless  steel,  such  as  304 
and  316,  has  been  employed  for  major  equipment  and 
piping  in  terms  of  corrosion  resistance,  fabricability  and 
weldability.  This  material’s  problems,  however,  are 
stress  corrosion  cracking  (SCC),  crevice  corrosion  and 
pitting,  due  to  the  influence  of  chloride  ions  and  the 
like.  Although  many  corrosion  test  results  on  Ni-base 
alloys  have  been  reported  in  the  environment  previ¬ 
ously  mentioned,  the  application  of  Ni-base  alloys  to 
an  actual  plant  is  economically  difficult.  Thus,  low-cost 
materials  which  have  similar  characteristics  to  304  or 
316  in  corrosion  resistance,  and  which  are  free  from 
localized  corrosion  including  SCC,  have  been  wanted 
for  years. 

From  this  standpoint,  low  interstitial  ferritic  stainless 
steel  such  as  type  444  has  been  adopted  for  chemical 
plants  [1].  Type  444  has  excellent  advantages  in  SCC 
environments.  However,  it  is  sometimes  difficult  to 
apply  as  a  structural  material:  i.e.  crevice  corrosion  will 


occur  where  the  halogen  concentration  exceeds  1000 
ppm.  Although  some  type-25Cr  duplex  stainless  steels 
are  not  completely  resistant  to  SCC,  these  steels  are 
more  resistant  to  crevice  corrosion  than  type  444.  This 
report  covers  the  basis  for  material  selection  in  chemi¬ 
cal  plants,  especially  forcusing  on  the  design  of  an 
actual  plant  based  on  laboratory  corrosion  test  results. 
Both  the  chemical  system  created  when  chlorine 


Table  1 

Corrosion  failures  in  chemical  plants 


Corrosion  forms 

Sources 

A  (%)^ 

B  (%)>’ 

1 

General  corrosion  (uniform  attack) 

13.1 

34.4 

2 

Galvanic  or  two-metal  corrosion 

1.4 

0.4 

3 

Crevice  corrosion 

4.8 

6.0 

4 

Pitting 

4.3 

12.5 

5 

Intergranular  corrosion 

2.9 

- 

6 

Selective  leaching 

1.0 

- 

7 

Erosion  corrosion 

8.7 

8.8 

8 

Stress  corrosion  cracking 

41.1 

17.1 

- 

Hydrogen  damage 

11.1 

5.5 

Others  (including  high-temperature  corrosion) 

11.6 

15.3 

^Reported  by  the  laboratory. 
^Reported  by  the  inspectors. 
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gas  and  bromine  gas  were  neutralized  with  alkaline 
solution,  and  material  economics  were  considered 
when  selecting  duplex  stainless  steel  as  a  construction 
material. 


2,  Basic  concept  in  material  selection 

Basic  factors  when  selecting  materials  in  chemical 
plants  are  strength,  corrosion  resistance,  fabricability, 
availability  and  cost,  as  proposed  by  Fontana  and 
Green  [2].  Allowable  stress  based  on  the  design  temper¬ 
ature/pressure  is  designated  in  standards  such  as 
ASME,  JIS  and  DIN;  thus,  strength  can  be  easily 
handled  by  plant  engineers  without  difficulty.  On  the 
other  hand,  no  standards  provide  requirements  on  cor¬ 
rosion  resistance  in  actual  usage;  e.g.  a  carbon  steel  can 
be  legally  used  as  a  pressure  vessel  material  handling  a 
50%  HCi  solution  at  50  °C.  However,  a  fluid  leakage 
accident  deriving  from  a  carbon  steel  adoption  for  such 
a  vessel  would  be  a  major  problem. 

Although  materials  deemed  to  be  suitable  for  actual 
usage  have  been  adopted,  many  corrosion  failures  have 
been  reported,  unfortunately.  Table  1  shows  the  corro¬ 
sion  failures  which  engineering  firms  have  experienced 
to  date  in  refineries  and  chemical  plants. 

This  table  shows  that  there  is  a  slight  difference 
between  the  failure  analysis  results  reported  by  inspec¬ 
tors  during  plant  shutdown  maintenance  and  those 
conducted  by  research  engineers  in  an  engineering  firm. 
It  can  be  concluded  that  SCC  and  crevice  corrosion 
occur  frequently,  as  well  as  general  corrosion  in  chemi¬ 
cal  plants. 

Since  considerable  information  [3,4]  is  available  on 
corrosion  resistance  of  many  materials,  general  corro¬ 
sion  is  controlled  by  the  application  of  a  corrosion 
allowance  in  the  design  stage.  That  is  to  say,  the 
addition  of  a  corrosion  allowance  to  the  necessary 
design  wall  thickness  corresponding  to  a  plant’s  life, 
and  the  prediction  of  equipment/piping  life  expectancy 
according  to  ultrasonic  wall  thickness  measurement 
during  maintenance  or  operation  are  available  as  coun¬ 
termeasures  to  general  corrosion.  However,  both  the 
position  and  time  of  occurrence  of  local  corrosion,  such 
as  SCC  and/or  crevice  corrosion,  is  difficult  to  predict. 
Therefore,  reliable  material  selection  is  essentially 
needed  in  the  designing  stage. 

Although  details  for  preventing  SCC  are  not  de¬ 
scribed  in  this  report,  the  basic  requirement  is  that  the 
materials  which  are  not  susceptible  to  SCC  shall  be 
selected  in  actual  usage.  For  example,  the  following 
information  is  available  for  the  design  stage;  the  appli¬ 
cation  of  type  444  in  the  chloride-ion  environments 
having  caused  SCC  on  304  and  316  [1],  the  figure  [3] 
showing  available  usage  range  of  carbon  steel  in 
NaOH,  and  the  relationship  [5]  between  the  maximum 


90°C. 

concentration  of  chloride  ions  and  operating  tempera¬ 
ture  in  a  cooling  heat  exchanger  which  employed 
austenitic  stainless  steel  tubes.  In  addition,  SCC  evalua¬ 
tion  methods  based  on  laboratory  test  methods  are  also 
proposed;  e.g.  as  an  example,  Fig.  1  shows  the  result  of 
the  SSRT  (slow  strain  rate  test)  on  25Cr-type  duplex 
stainless  steel  at  10  000  ppm  of  CT^  at  90  °C.  There  is 
a  slight  difference  in  results  between  the  evaluation 
above  and  data  gained  in  air  at  90  "^C.  However,  when 
the  formula  below  satisfies  the  n  value,  and  neither  the 
peculiar  fractography  of  SCC  nor  secondary  cracks  are 
found  at  the  ruptured  surface,  a  material  can  be  judged 
to  have  no  SCC  susceptibility  from  the  engineering 
viewpoint. 

(1) 

where,  is  the  fracture  strain  in  SCC  environment, 
is  the  fracture  strain  in  air,  and  n  is  the  minimum 
safety  value  for  no  SCC  susceptibility. 

Regarding  the  evaluation  method  for  local  corrosion 
other  than  SCC,  the  following  section  covers  the  differ¬ 
ent  corrosivity  of  Br"  and  Cl“  on  duplex  stainless 
steel. 


3.  Corrosivity  of  Br  and  Cl  on  duplex  stainless 
steel 

3.1.  Test  method 

3.1.1.  Specimen 

The  specimen  tested  was  a  commercially  available 
plate  of  25Cr-type  duplex  stainless  steel  (SUS329J4L), 
as  shown  in  Table  2. 

3.1.2.  Test  environments 

When  neutralizing  bromine  gas  with  an  alkaline  solu¬ 
tion  produces  alkalinity,  a  solution  including  Br”  and 
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Table  2 

Chemical  composition  of  the  duplex  stainless  steel  (SUS329J4L)  tested 
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C  Si  Mn  P  S  Ni  Cr  Mo  N  Fe 


SUS329J4L  0.012  0.44  0.87  0.025  0.001  7.19  24.96  3.13  0.13  Bal. 


a  small  amount  of  BrO“  is  formed.  Thus,  a  NaBr 
solution  and  a  NaBr  solution  including  BrO“  were 
adopted  as  the  corrosion  test  environments.  In  the  case 
of  neutralizing  chlorine  gas,  it  is  hard  to  keep  CIO  “  in 
an  alkaline  solution.  However,  the  solutions  including 
NaCl  and  NaCl  +  C10“  were  also  adopted  as  with  the 
bromine  gas  system. 

In  both  tests  above,  the  halogen  ion  concentration 
was  changed  in  the  range  of  1000  through  50  000  ppm 
and  the  pH  of  the  solution  was  controlled  at  12  by 
adding  NaOH.  Further,  a  sodium  hypochlorite  solution 
was  used  to  adjust  C10“  in  the  solution,  and  BrO“ 
concentration  was  adjusted  by  generating  BrO“,  keep¬ 
ing  the  pH  of  the  bromine  solution  (commercially 
available)  at  12  by  adding  NaOH  and  mixing  the 
above-generated  solution  into  NaBr  solution.  The 
BrO  “  concentration  was  analyzed  by  the  use  of  UV- 
VIS  spectrophotometry. 

3.1.3.  Corrosion  test 

Corrosion  behavior  of  a  duplex  stainless  steel  was 
studied  at  90  °C  by  measuring  the  pitting  potential 
(K'c),  threshold  potential  for  crevice  corrosion  (^Fcrev) 
determined  by  the  controlled  potential  test  on  a  metal/ 
metal  crevice  for  75  h,  depassivation  pH  (pHd)  and 
crevice  corrosion  resistance  in  immersion  tests,  respec¬ 
tively.  On  the  ^crev  the  occurrence  of  corrosion  is 
defined  where  a  corrosion  current  density  more  than 
10  pA  cm“^  is  measured  and  traces  of  corrosion  are 
recognized  after  75  h  of  testing. 

3.2.  Results  and  discussion 

3.2.1.  Corrosivity  of  Br~  and  Cl~ 

Fig.  2  shows  the  results  of  pitting  potential  tests  on 
SUS329J4L  in  NaBr  and  NaCl  solutions.  When  the 
Br“  and  Cl“  concentration  exceeds  10“^  mol  \  ~\  the 
pitting  potential  on  SUS329J4L  suddenly  drops  to  a 
less  noble  value.  The  pitting  potential  in  the  NaBr 
solution  was  more  noble  than  that  in  the  NaCl  solution 
in  higher  concentration  regions  (30  000  to  40  000  ppm 
or  more)  of  the  solution.  Furthermore,  E^rev  the  Br~ 
solution,  as  shown  in  Figs.  3  and  4,  was  more  noble 
than  that  in  Cl  “ ,  when  the  Cl  ~  ion  concentration  was 
the  same  as  that  of  Br“  in  the  lower-concentration 
region;  this  was  not  similar  to  the  dependency  of  Br  “ 
and  Cl  ~  concentration  on  V'^.  It  can  be  said,  however, 
that  Cl“  showed  higher  localized  corrosion  activity 
than  Br“,  based  on  the  results  of  £'crev  and  V'^. 


In  order  to  check  the  effect  of  Br”  and  Cl”  on 
crevice  corrosion  and  pitting,  the  depassivation  pH  was 
also  measured  in  1.7  M  NaCl  (10  wt.%  NaCl)  and  1.7M 
NaBr  (17.5  wt.%)  solution.  As  shown  in  Fig.  5,  the 
depassivation  pH  on  SUS329J4L  in  the  Br”-ion  envi¬ 
ronment  was  around  —0.75,  and  in  the  Cl” -ion  envi¬ 
ronment  —  0.25,  which  is  similar  to  —  0.20  reported  by 
Okayama  et  al.  [6].  These  results  show  that  the  ten¬ 
dency  for  passivation  of  SUS329J4L  in  the  Cl”  envi¬ 
ronment  is  no  stronger  than  that  in  Br  ” . 

Based  on  the  results  above,  it  is  clear  that  Cl”  ions 
produce  a  more  corrosive  environment  than  that  in 
Br”,  when  specifying  pitting  and  crevice  corrosion 
tendency  on  SUS329J4L. 

3.2.2.  Corrosivity  of  Br~ ICl~  including  BrO~ IClO~ 

As  previously  stated,  the  solution,  after  neutral¬ 
ization  with  bromine  gas,  includes  BrO  ”  at  a  stabilized 
stage,  when  the  solution  is  alkaline  (CIO”  hardly 
exists  in  the  neutralized  solution  of  chlorine  gas  at  pH 
12);  this  has  been  confirmed  by  UV-VIS  spectrophoto¬ 
metry. 

Then,  the  effect  of  BrO  ”  on  the  corrosivity  in  Br  ” 
solution  and  also  CIO”  on  the  corrosivity  in  Cl” 
solution  were  studied. 

Fig.  6  shows  the  effect  of  BrO”  on  the  corrosion 
potential  of  SUS329J4L.  When  BrO”  exists  in  the 
solution,  the  corrosion  potential  easily  rises  up  to 
+  0.55  V  (vs.  SCE);  this  means  that  BrO”  acts  as  a 


Cl’ (ppm) 

103  *104 


Halogen  Ion  Concentration  (mol /I) 

Fig.  2.  Pitting  potential  in  NaBr  and  NaCl  solutions. 
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Cr  (mol/!) 


cr(ppm) 

Fig.  3.  Threshold  potential  for  crevice  corrosion  in  NaCl  solution. 

Strong  oxidizer.  Fig.  7  shows  the  effect  of  C10“  and 
BrO“  on  corrosion  potential  when  Cl~  and  Br“  ion 
concentration  is  10  000  ppm.  That  is,  —  0.2  V(SCE)  of 
corrosion  potential  in  only  Cl“/Br“  environment  rises 
up  to  +0.6  V(SCE)  when  C10“  and  BrO“  co-exist 
with  Cl“/Br“,  respectively.  BrO“  also  shifted  the 
corrosion  potential  noble  even  at  a  lower  concentration 
such  as  several  hundreds  of  ppm,  as  compared  with 

cio- 


Br”  (moi/1) 


Fig.  4.  Threshold  potential  for  crevice  corrosion  in  NaBr  solution. 
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Fig.  5.  Depassivation  pH  in  Br  "  and  Cl“  solutions  at  30°C. 
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Fig.  8  shows  the  effect  of  BrO^  on  the  corrosion 
potential  and  SUS329J4L.  When  the  Br“ 

concentration  was  about  3000  ppm,  600  ppm  of  BrO  “ 
shifted  the  corrosion  potential  more  noble  than  E’crev; 
that  is,  3000  ppm  of  Br“  with  600  ppm  of  BrO“  will 
cause  crevice  corrosion.  Then,  the  reliability  of  the  E'^rev 
test  will  be  evaluated  based  on  the  immersion  test. 

As  the  concentration  of  Br  “  is  estimated  to  be  10  000 
ppm  for  neutralizing  bromine  gas,  the  concentration  of 
BrO“  necessary  to  cause  crevice  corrosion  can  be 
decided  to  be  about  300  ppm,  in  both  Figs.  6  and  8. 

Table  3  shows  crevice  corrosion  immersion  test  re¬ 
sults  in  10  000  ppm  of  Br"  with  300  ppm  of  BrO" 
using  SUS329J4L  and  Inconel  625  as  reference  mate¬ 
rial.  Although  no  corrosion  occurs  in  Cl"/Br“  ions 
even  continuing  this  test  for  500  h  at  10  000  ppm,  it  is 
clearly  shown  that  only  the  addition  of  300  ppm  BrO  " 
generates  a  corrosive  environment  which  would  cause 
crevice  corrosion  even  on  Inconel  625,  as  well  as  in  the 
duplex  stainless  steel.  This  means  that  the  testing 
method  can  be  used  to  predict  the  occurrence  of  crevice 
corrosion  in  an  engineering  sense. 


BrO-  ( ppm ) 

Fig.  6.  Effect  of  BrO  ”  on  corrosion  potential  in  a  5000-ppm  solution 
of  Br-. 
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Fig.  7.  Effect  of  BrO  “ /CIO  “  on  corrosion  potential  in  a  10000-ppm 
solution  of  Br“/Cl~. 
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Fig.  8.  Effect  of  BrO  on  threshold  potential  for  crevice  corrosion 
and  corrosion  potential  in  a  Br“  solution. 


Table  3 

Immersion  test  results  of  SUS329J4L  and  Inconel625  in  Br“  with 
BrO”  (90  °C,  pH  12,  500  h;  X,  crevice  corrosion;  O,  no  corrosion) 


SUS329J4L 

Inconel625 

Br- 

10  000  ppm 

oo 

OO 

BrO- 

300  ppm 

X  X 

X  X 

Cl” 

10  000  ppm 

OO 

OO 

4.  Conclusions 

In  the  chemical  system  produced  by  neutralizing 
chlorine  gas  and  bromine  gas  by  using  alkaline  solu¬ 
tion,  the  evaluation  of  corrosivity  and  the  applicability 
of  a  25Cr-type  duplex  stainless  steel  can  be  concluded 
as  follows; 

(1)  Br“  ions  show  lower  corrosivity  in  pitting  and 
crevice  corrosion  on  SUS329J4L,  compared  with 
Cl  “  ions;  thus,  the  material  selection  can  be  made 
based  on  the  corrosivity  of  the  Cl“  environment 
rather  than  Br  “ . 

(2)  BrO“,  existing  in  a  bromine  gas  neutralization 
system,  acts  as  a  strong  oxidizer  and  easily  shifts 
the  corrosion  potential  of  SUS329J4L  noble,  which 
drastically  promotes  pitting  and  crevice  corrosion. 
Thus,  it  will  be  concluded  for  the  material  selection 
that  quantitative  evaluation  of  BrO“  is  needed 
under  the  actual  operating  conditions  of  the  plant. 

(3)  The  £’crev  testing  method  clearly  estimates  the  ten¬ 
dency  for  crevice  corrosion  on  stainless  steels. 
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Abstract 

In  engineering  with  advanced  and  new  materials,  it  is  necessary  to  recognize  that  they  are,  like  older  traditional  materials, 
reactive  chemicals  which  are  prone  to  react  and  corrode  in  ambient  environments.  Engineering  with  these  advanced  and  new 
materials  to  assure  their  satisfactory  performance  within  their  design  life  is  approached  by  following  the  ten  steps  in  the 
“corrosion  based  design  approach.”  These  steps  include  environmental  definition,  material  definition,  mode  and  submode 
definition,  superposition,  failure  definition,  statistical  definition,  accelerated  testing,  prediction,  modification  and  optimization,  and 
feedback  and  correction.  When  this  approach  is  followed  rigorously,  maximum  assurance  of  satisfactory  performance  is  provided. 

Keywords:  Engineering;  Advanced  materials;  New  materials 


1.  Introduction 

“Advanced”  and  “new”  materials  is  a  category  which 
is  broadly  understood  to  include  those  with  high 
strength -weight  ratios,  higher  toughness,  special  elec¬ 
tronic  characteristics,  special  magnetic  characteristics  or 
special  microstructures.  Such  materials  include  materi¬ 
als,  ceramics,  semiconductors,  polymers,  paper,  wood, 
composite  materials  and  special  coatings.  There  is  an 
extensive  literature  on  the  properties  of  such  materials. 
Ashby,  for  example,  has  described  in  detail  the 
strength -weight  properties  of  all  classes  of  materials  [1]. 

Despite  the  improvements  and  special  properties 
which  are  implicit  in  these  materials,  they  are  nonethe¬ 
less  still  chemicals  in  solid  form  and  will  react  with 
chemical  environments  according  to  well  known  ther¬ 
modynamic  predispositions.  Metals  even  as  nominally 
noble  as  platinum  are  reactive  in  certain  environments, 
e.g.  platinum  reacts  in  hot  chlorides  to  form  chloroplati- 
nate  ions.  In  general,  in  view  of  their  implicit  reactivity, 
the  surprise  is  not  that  materials  fail,  the  surprise  is  that 
they  work.  In  general,  materials  work  or  perform  ac¬ 
ceptably  because  they  are  designed  to  avoid  aggressive 
conditions  or  because  their  corrosion  resistance  is  in¬ 
creased  to  resist  existing  environments  through  alloying 
and  through  modifications  of  the  environments. 

In  view  of  the  inherent  chemical  reactivity  of  all 
engineering  materials,  including  “new”  materials,  it  is 
not  reasonable  to  assume  that  the  “newness”  implies 
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corrosion  resistance,  and  predicting  and  assuring  per¬ 
formance  follow  the  same  procedures  as  used  for 
“old”  materials.  It  should  also  be  noted  that  some 
of  the  standard  approaches  to  assessing  corrosion 
resistance,  such  as  polarization  tests  in  acidic  solu¬ 
tions,  are  not  necessarily  good  predictors  of  corrosion 
behavior. 

The  intention  of  this  paper  is  to  describe  in  general 
how  the  performance  of  new  materials  may  be  predicted 
and  assured.  The  approach  used  for  the  “new”  materials 
is  the  same  as  that  used  for  “old”  materials,  i.e.  there  is 
a  set  of  steps  which,  when  implemented,  enables  the 
corrosion  performance  of  any  material  to  be  predicted. 
This  approach  is  called  the  “corrosion-based  design 
approach”. 


2.  Corrosion-based  design  approach 

A  procedure  has  been  described  for  predicting  and 
assuring  corrosion-resistant  materials,  regardless  of 
their  names  and  origins  [2-4].  This  procedure  includes 
the  following  steps: 

1.  Environmental  definition. 

2.  Material  definition. 

3.  Mode  and  submode  definition. 

4.  Superposition. 

5.  Failure  definition. 

6.  Statistical  definition. 
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General  Intergranular  Stress  corrosion  cracking 

corrosion  corrosion  Pitting  (Transgranular)  (Intergranular) 


Fig.  1.  Schematic  views  of  four  intrinsic  modes  of  corrosion:  general  corrosion,  intergranular  corrosion,  pitting  and  stress  corrosion  cracking.  For 
stress  corrosion  cracking  both  intergranular  and  transgranular  morphologies  are  shown.  From  Staehle  [4]. 


7.  Accelarated  testing. 

8.  Prediction. 

9.  Modify  and  optimize:  design,  materials,  environ¬ 
ments,  and  operations. 

10.  Feedback  and  correction. 

The  significance  of  each  of  these  is  described  in  the 
references,  and  describing  their  significance  for  the 
many  possible  applications  of  new  materials  is  not 
feasible  here.  However,  since  reliability  and  predictabil¬ 
ity  for  new  materials  are  at  least  as  important  as  for  old 
materials,  some  discussion  is  useful.  The  approach  here 
is  to  describe  each  of  the  ten  steps  with  illustrations 
which  may  apply  to  several  categories  of  advanced 
materials. 

In  considering  corrosion  for  any  material,  there  are 
essentially  four  morphologies  or  modes,  as  shown  in 
Fig.  1.  These  modes  occur  regardless  of  the  type  of 
material.  While  these  modes  are  not  atomic  “mecha¬ 
nisms”,  their  morphologies  are  important  in  consider¬ 
ing  the  velocity  and  implications  of  failure.  In  early 
texts  on  corrosion  by  Fontana  [5]  and  Uhlig  and  Revie 
[6],  more  “forms”  of  corrosion  than  those  in  Fig.  1 
were  identified.  Such  additional  forms  included  galvanic 
corrosion,  crevice  corrosion,  erosion  corrosion,  micro¬ 
biological  corrosion  and  others.  However,  these  are  not 
really  forms  of  corrosion;  rather,  they  define  different 
environments  which  affect  the  modes  shown  in  Fig.  1. 
In  this  discussion,  the  morphologies  of  corrosion  shown 
in  Fig.  1  are  referred  to  as  “modes”  of  corrosion.  When 
one  of  these  modes,  in  a  given  material-environment 
combination,  occurs  according  to  several  different  de¬ 
pendences  on  stress,  environment,  temperature  and  ma¬ 
terial,  these  discretely  different  occurrences  are 
described  as  different  “sub-modes”. 


3.  Environmental  definition 

Engineering  environments  have  to  be  specifically 
defined  in  order  to  assess  the  extent  of  possible  corro¬ 
sion.  In  defining  engineering  environments  specifically 
the  following  questions  need  to  be  asked: 


1.  How  do  the  possible  environments  relate  to  the 
inherent  reactivity  of  the  material? 

2.  What  is  the  full  set  of  environments? 

3.  How  do  environments  change  over  time? 

4.  How  do  stress  environments  relate  to  chemical  envi¬ 
ronments? 

5.  How  are  design  features  incorporated  into  environ¬ 
mental  considerations? 

6.  How  is  environmental  control  incorporated  into  en¬ 
vironmental  considerations? 

In  order  to  predict  the  possible  occurences  of  various 
modes  of  corrosion,  the  relationship  between  the  condi¬ 
tions  in  which  the  various  modes  of  corrosion  occur 
and  the  conditions  which  are  produced  by  the  environ¬ 
ments  needs  to  be  determined.  A  simple  approach  to 
relating  the  conditions  of  the  environment  to  the  possi¬ 
ble  activity  of  corrosion  modes  is  illustrated  in  Fig.  2. 
Fig.  2  shows  the  relationship  between  the  conditions  of 
the  environment  (Fig.  2(b))  and  the  conditions  in  which 
the  mode  of  corrosion  occurs  (Fig.  2(a)).  These  condi¬ 
tions  are  shown  in  coordinates  of  potential  and  pH. 
Other  coordinates  could  be  used.  Fig.  2(c)  shows  the 
superposition  of  these  conditions;  the  overlap  shows 
where  failure  by  a  specific  mode  in  a  specific  environ¬ 
ment  is  likely  to  occur  without  showing  much,  for  the 
moment,  about  the  rate  of  failure. 

3.L  General  relationship  between  materials  and 
environments 

The  approach  in  Fig.  2  is  similar  to  that  developed 
by  Pourbaix  years  ago,  where  he  demonstrated  the 
value  of  superimposing  environmental  and  metallurgi¬ 
cal  equilibria  on  the  same  potential-pH  diagrams.  Fig. 
3  shows  the  same  principle  of  superposition  utilized  in 
Fig.  2  in  the  potential-pH  diagrams.  First,  the  modes 
of  corrosion  are  defined  in  Fig.  3(a).  These,  of  course, 
are  the  simpler  ones  of  corrosion,  nobility  and  passivity 
in  contrast  to  the  structure-  and  kinetic-related  ones 
in  Fig.  1.  The  environmental  conditions  are  defined  in 
Fig.  3(b);  their  superposition  is  shown  in  Fig.  3(c). 
Fig.  3(c)  shows  the  conditions  under  which  various 
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(a)  (b)  (c) 


Fig.  2.  Schematic  view  of  (a)  corrosion  mode  diagram,  (b)  an  environmental  definition  diagram  and  (c)  their  superposition.  From  Staehle  [4]. 


modes  of  corrosion  can  occur  in  the  possible  environ¬ 
ments. 

The  main  objective  of  the  step  of  environmental 
definition  is  to  define  the  environments  which  are  di¬ 
rectly  adjacent  to  surfaces  of  materials  of  which  compo¬ 
nents  are  fabricated.  It  is  important  to  recognize  that 
the  bulk  environments  which  surround  the  materials 
may  not  really  be  those  which  directly  alfect  reactivity. 
Assuming  that  the  bulk  environments  are  the  operative 
ones  from  a  corrosion  point  of  view  has  led  to  perva¬ 
sively  catastrophic  corrosion  in  some  applications. 

3.2.  Full  set  of  environments 

The  environments  which  may  occur  adjacent  to  sur¬ 
faces  can  be  generally  defined  in  four  categories: 

1.  Major  nominal. 

2.  Minor  nominal. 

3.  Local  nominal. 

4.  Accidental  nominal. 

These  four  environments  are  termed  “nominal”  to 
suggest  that  they  are  implicit  parts  of  the  design  and 
need  to  be  considered  explicitly  by  designers.  It  is  not 
necessary  that  designers  understand  the  chemistry  of 
these  environments;  it  is  important  that  they  ask  ques¬ 
tions  of  those  who  do  understand  the  chemistry  as  to 
the  significance  of  each  of  these  categories. 

To  give  some  examples  which  are  relevant  to  new 
materials,  the  major  nominal  environment  might  be 
considered  as  moist  air  in  the  case  of  electronic  materi¬ 
als.  However,  within  the  general  category  of  moist  air 
there  are  variations  in  corrosiveness,  as  shown  in  Fig.  4 
relative  to  the  amount  of  water.  Below  about  50% 
relative  humidity  (RH)  there  seems  to  be  only  several 
monolayers  of  water  and  this  condition  is  generally  not 
corrosive.  However,  above  about  50%  RH  the  surface 
is  covered  with  progressively  more  water,  and  the  cor¬ 
rosiveness  is  increased.  Other  examples  of  major  nomi¬ 
nal  environments  include  sea  water  in  the  case  of  ships 
and  pure  deaerated  water  in  the  case  of  water-cooled 
power  plants. 

An  example  of  minor  nominal  environments  in  the 
case  of  atmospheric  corrosion  would  include  CO2  and, 
for  more  intense  industrial  environments,  might  include 


H2S  and  other  sulfur  and  nitrogen  oxides.  These  would 
exist  in  minor  but  finite  concentrations,  and  in  atmo¬ 
spheric  corrosion  these  species  would  be  expected  to 
accelerate  corrosion  because  of  their  influence  on  acid¬ 
ity  of  the  water  layer.  Examples  of  minor  nominal 
environments  in  water-cooled  power  plants  might  in¬ 
clude  dissolved  oxygen. 

An  example  of  local  nominal  environments  in  the 
case  of  atmospheric  corrosion  might  include  crevices  or 
galvanic  cells.  For  example,  it  is  not  uncommon  in 
electronic  circuits  to  use  copper  or  aluminum  as  con¬ 
tacts  or  heat  sinks.  These  might  be  juxtaposed  with 
more  active  or  more  noble  materials  and  produce  accel¬ 
erated  corrosion.  Similarly,  a  crevice  produced  by 
tightly  fitting  but  non-bonded  materials  including  insu¬ 
lations  may  accelerate  corrosion  especially  in  view  of 
the  ready  availability  of  oxygen  to  act  as  a  cathode  on 
surrounding  surfaces.  Local  nominal  environments  may 
also  be  produced  by  the  actions  of  microbes. 

Finally,  an  example  of  accidental  nominals  in  atmos¬ 
pheric  corrosion  might  include  the  fumes  from  a 
nearby  industrial  complex  which  blow  in  a  normally 
unexpected  direction.  Another  example  in  electronic 
components  might  involve  chemicals  leached  from  sur¬ 
rounding  insulation.  Accidental  nominal  for  a  power 
plant  would  include  species  which  leak  into  a  steam 
cycle  from  perforated  condenser  tubes. 

Each  of  these  nominals  defines  a  set  of  questions 
which  need  to  be  answered  to  assure  reliable  perfor¬ 
mance.  These  four  nominal  conditions  can  be  readily 
evaluated  by  experts  and  non-experts  alike. 

3.3.  Change  of  environments  over  time 

Environments  change  over  time,  and  specific  ques¬ 
tions  need  to  be  asked  for  each  time  period  concerning 
the  chemical  environments  which  may  be  immediately 
adjacent  to  component  surfaces: 

1.  Manufacture. 

2.  Storage. 

3.  Shipment. 

4.  Installation. 

5.  Startup. 

6.  Operation. 
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Fig.  3.  Superposition  of  potential-pH  diagrams  for  iron  and  water,  (a)  Potential-pH  diagram  for  iron;  (b)  potential  pH  diagram  for  water;  (c) 
superposition  of  diagrams  to  give  integrated  view  of  relationship  between  metal  and  environment.  Adapted  from  M.J.N.  Pourbaix,  Atlas  of 
Electrochemical  Equilibria  in  Aqueous  Solutions,  NACE,  CEBELCOR,  Houston,  TX,  1974. 


7.  Shutdown. 

8.  Continued  operation  for  long  times. 

Environments  which  are  unique  to  each  of  these 

periods  are  best  known  to  the  designers  and  operators. 
Regardless,  specific  questions  need  to  be  asked  concern¬ 
ing  the  environments  at  each  of  these  time  periods. 
From  experience,  corrosion  failures  can  occur  at  each  of 
these  time  periods.  Once  each  of  these  periods  is  evalu¬ 
ated,  appropriate  preventative  actions  can  be  defined. 

3.4.  The  stress  environment 

It  has  been  well  established  that  stress  affects  corro¬ 
sion  primarily  through  stress  corrosion  cracking  (SCC). 
The  effects  of  stress  have  been  extensively  discussed  and 
need  not  be  considered  further  here.  Nonetheless,  it  is 
important  to  identify  several  features  of  stress  which 
need  to  be  considered  in  design  of  new  materials. 


In  both  “new”  and  “old”  materials,  residual  stresses 
will  continue  to  be  the  main  contributer  to  stress  corro¬ 
sion  cracking.  Therefore,  consideration  needs  to  be 
given  to  the  sources  of  such  stresses  and  means 
to  minimize  them.  Further,  for  many  of  the  electri¬ 
cal  materials,  such  as  copper,  thresholds  for  SCC  are 
low. 

Important  stresses  in  small-dimensional  structures 
are  also  produced  by  the  expansion  of  corrosion 
products.  Such  stresses  were  first  quantified  in  the 
early  1900s  in  connection  with  reinforcing  bars  in  con¬ 
crete,  and  numerous  measurements  of  forces  due 
to  corrosion  products  have  been  made  since,  notably 
by  Pickering  et  al.  [8].  In  thin  electronic  compo¬ 
nents,  stresses  are  produced  by  the  epitaxial  formation 
of  corrosion  product  films.  These  stresses  have  been 
measured  and  can  be  significant  for  stress  corrosion 
cracking. 
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Finally,  in  the  small  dimensions  of  electronic  compo¬ 
nents,  stresses  due  to  the  differential  expansion  of  dissim¬ 
ilar  materials  may  contribute  to  stress  corrosion 
cracking. 

Thus,  in  components  where  there  are  no  applied 
stresses  which  can  be  calculated,  stresses  leading  to  stress 
corosion  cracking  may  still  exist  and  their  possible 
deleterious  effects  need  to  be  accounted  for. 

3,5  Effect  of  design  features  on  corrosion 

Since  all  engineering  materials  are  reactive  chemicals, 
design  contributes  importantly  to  minimizing  corrosion 
by  utilizing  materials  in  their  optimally  corrosion-resis¬ 
tant  conditions  or  arrangements.  Good  design  not  only 
achieves  the  objectives  of  the  resistant  conditions  or 
arrangements  but  also  considers  how  long  this  compo¬ 
nent  will  function  reliably  from  a  corrosion  point  of 
view. 

In  considering  the  implicit  relationship  between  design 
and  corrosion,  it  is  important  to  recognize  that  the 
component  can  fail  by  more  than  one  process.  Each  of 
the  processes  by  which  corrosion  can  produce  failure  can 
be  called  a  “mode-location”  case  of  corrosion.  Thus,  a 
component  can  sustain  the  same  submode  of  corrosion 
at  different  locations;  it  can  also  sustain  failure  by 
different  submodes  at  the  same  location.  In  general,  most 
components  may  sustain  failure  by  several  mode-loca¬ 
tion  cases  and  each  of  these  needs  to  be  considered  in 
assessing  the  total  probability  of  failure.  There  is  almost 
never  a  condition  where  a  component  will  sustain  only  a 
single  mode-location  case  of  corrosion. 

In  addition  to  a  component  sustaining  more  than  a 
single  mode -location  case  of  corrosion,  it  is  important 
to  consider  corrosion  occurring  on  both  sides  of  a  single 
piece  of  material.  Often,  corrosion  is  extensively  consid- 


(a) 


Fig.  4.  Thickness  of  the  water  layer  on  iron  as  a  function  of  relative 
humidity.  The  left  ordinate  refers  to  frequency  change  as  measured  by 
quartz  crystal  microbalance.  Adapted  from  Y.  Ishikawa,  T. 
Yoshimura  and  T.  Ozaki,  Zairyo-to-Kankyo  (Materials  and  Environ¬ 
ments),  40(1991)  540. 
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Fig.  5.  Schematic  view  of  a  U-tube  recirculating  steam  generator  in  a 
pressurized  water  nuclear  reactor  together  with  three  specific  loca¬ 
tions  which  are  characteristic  of  environmental  conditions,  (a)  Over¬ 
all  view  of  the  steam  generator.  Hot  primary  water  flows  inside  the 
tubes  and  cooler  feedwater  flows  over  the  outside  of  the  tubes.  Steam 
exists  to  the  turbine,  (b)  Tube  is  held  by  tube  support  and  creates  a 
heat-transfer  crevice,  (c)  Tube  surface  is  washed  by  the  environment 
inside  and  outside,  (d)  Tube  is  held  in  tube  sheet.  Layer  of  sludge  is 
shown  on  top  of  tube  sheet  and  creates  a  heat  transfer  crevice.  From 
Staehle  [4]. 


ered  as  a  material  interacts  with  the  process  fluid,  but 
effects  of  the  exterior  environment  are  not  considered. 
Thus,  failure  may  occur  as  impurities  are  leached  from 
environments  on  the  outside,  e.g.  from  insulation,  and 
deposited  on  the  exterior  surface. 

Other  design  features  need  to  be  considered  as  they 
exacerbate  corrosion.  One  of  these  is  heat  transfer,  which 
leads  to  superheat  and  concentration  of  impurities.  Such 
superheat  and  subsequent  concentration  of  impurities 
are  important  in  steam  generators  of  nuclear  power 
plants,  as  shown  in  Fig.  5.  Often,  inpurities  having  a  few 
parts  per  billion  concentration  in  the  bulk  can  be 
concentrated  to  50%  solutions  or  higher  in  heat-transfer 
crevices.  This  magnification  is  similar  to  that  of  the 
concentration  of  minimum  concentrations  of  bulk  impu¬ 
rities  in  grain  boundaries. 

Corrosion  is  also  exacerbated  when  deposits  form  on 
surfaces.  Such  deposits  occur  when  local  conditions  of 
low  flow  occur  or  when  there  is  heat  transfer  on  free 
surfaces.  Deposits  occur  as  temperatures  increase  and 
retrograde  solubility  produces  insoluble  products.  De¬ 
posits  also  are  produced  with  temperature  gradient  and 
activity  gradient  mass  transfer. 

Design  may  also  produce  unwanted  galvanic  couples. 
For  example,  graphite  composites  are  much  more 
efficient  cathodes  than  aluminum.  Thus,  a  graphite 
composite  in  intimate  and  non-insulated  contact  with 
aluminum  can  lead  to  extensive  galvanic  corrosion  of 
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the  aluminum.  The  same  corrosion  occurs  when  a 
relatively  noble  material  such  as  copper,  nickel  or  the 
platinum  elements  is  juxtaposed  with  more  active  mate¬ 
rials  such  as  aluminum,  zinc  or  iron  base  alloys. 

Hence  design  is  an  important  factor  in  corrosion. 
Intelligent  design  can  minimize  corrosion;  on  the  other 
hand,  corrosion  may  be  exacerbated  by  design  features 
such  as  heat-transfer  crevices  or  low-flow-induced 
deposits. 

3.6.  Effects  of  environmental  control 

Corrosion  may  be  minimized  by  controlling  the  envi¬ 
ronments.  Such  controls  would  be  undertaken  when  it 
becomes  clear  that  the  naturally  occurring  conditions 
do  not  have  the  capacity  to  minimize  corrosion  ade¬ 
quately.  Such  steps  in  environmental  control  might 
include  hermetic  sealing,  vapor-phase  inhibitors,  oxy¬ 
gen  scavengers,  pH  adjustments  using  volatile  or  solid 
additions  and  specific  anodic  or  cathodic  inhibitors. 
These  additions  need  to  be  carefully  assessed  from  the 
point  of  view  of  their  direct  effects  and  from  the  point 
of  view  of  unwanted  side-effects. 

A  well  known  side-effect  of  pH-adj  listing  conditions 
is  the  use  of  caustics  to  raise  pH.  While  additions  such 
as  phosphate,  sodium  hydroxide  and  lithium  hydroxide 
can  achieve  their  intended  changes  in  pH,  it  is  also 
possible  that  these  species  concentrate  to  produce  caus¬ 
tic  stress  corrosion  cracking. 

4.  Material  definition 

The  following  aspects  of  materials  need  to  be  defined 
with  respect  to  corrosion: 

1.  Average  composition. 

2.  Composition  of  multiple  phases. 

3.  Impurity  species  and  concentrations. 

4.  Grain  boundary  composition. 

5.  Anisotropy  of  grains. 

6.  Strength. 

7.  Toughness. 

8.  Cold  work. 

9.  Surface  conditions. 

The  importance  of  these  conditions  was  discussed  in 
detail  in  an  earlier  review  [9].  Until  these  features  have 
been  defined,  a  material  is  not  sufficiently  well  defined 
for  predicting  corrosion  performance. 

With  respect  to  average  compositions  of  metallic 
materials,  it  has  been  well  established  that  the  passive 
films  relate  to  predictions  from  thermodynamic  dia¬ 
grams  of  the  pure  or  component  materials.  Thus,  in  the 
case  of  iron  in  oxygenated  environments,  both  Fe3  04 
and  Fe2  03  are  observed,  and  the  stability  of  these 
protective  films  depends  directly  on  the  pH  with  the 
optimum  pH  for  corrosion  resistance  in  room-tempera¬ 


ture  water  being  about  12.5.  In  alloys  the  passive  film 
compositions  on  alloys  relate  directly  to  the  pH  depen¬ 
dence  of  the  respective  film  stabilities.  For  example,  in 
caustic  solutions  the  passive  films  on  iron -silicon  alloys 
contain  little  silicon;  similarly,  the  same  occurs  with 
iron-chromium  alloys  in  caustic  solutions.  On  the 
other  hand,  chromium  is  enriched  in  the  films  formed 
on  iron -chromium  alloys  in  acidic  solutions.  For  iron- 
molybdenum  alloys  little  Mo  is  seen  in  the  films  except 
in  very  acidic  solutions. 

Thus,  in  alloys  where  boron  or  phosphorus  has  been 
added,  it  is  unlikely  that  these  species  would  be  present 
in  the  passive  films  since  these  species  are  broadly 
soluble  in  aqueous  solutions.  However,  if  boron  and 
phosphorus  form  compounds  with  iron,  then  they  may 
be  expected  to  remain  in  the  films  and  may  affect  the 
passivity  according  to  effects  on  the  defect  structure  or 
on  the  dissolution  kinetics.  Such  effects  have  been 
identified  by  Sklarska-Smialowska  and  Staehle  [10,11]. 

The  importance  of  the  compositon  of  second  and 
third  phases  has  been  extensively  documented  in  the 
literature.  Such  phases  may  be  more  corrosion  resistant 
or  less.  They  may  also  be  more  or  less  tough. 

The  progressive  purification  of  materials  in  general 
seems  to  produce  beneficial  effects  and  especially  on 
stress  corrosion  cracking  parameters.  Such  trends  have 
been  summarized  by  Speidel  and  Atrens  [12]. 

Defining  the  composition  of  grain  boundaries  is, 
perhaps,  the  most  important  feature  of  material  defini¬ 
tion  since  many  of  the  modes  of  accelerated  failure 
occur  at  grain  boundaries.  Understanding  grain 
boundaries,  including  structure  and  composition,  is  im¬ 
portant  to  predicting  corrosion  behavior  in  all  types  of 
solids,  including  wood.  If  the  grain  boundaries  have 
compositions  which  are  more  prone  to  degradation 
than  the  bulk,  corrosion  will  generally  proceed  at  the 
boundaries.  Fig.  6  shows  possible  profiles  of  composi¬ 
tions  associated  with  adsorption  of  species  at  grain 
boundaries  and  with  precipitation  to  form  second 
phases.  In  the  latter  case  the  extent  of  the  composi¬ 
tional  change  is  relatively  small,  but  the  magnitude  of 
the  difference  between  the  average  impurity  composi¬ 
tion  and  the  grain  boundary  composition  may  be  five  to 
six  orders  of  magnitude.  Where  the  precipitates  form  in 
Fig.  6(b),  the  extent  of  the  compositional  changes  is 
larger  and  there  are  three  regions  of  change:  in  the 
adjacent  precipitate-free  zone,  in  the  composition  of  the 
precipitate  and  at  the  interface  between  the  precipitate 
and  precipitate  free  zone. 

Fig.  7  shows  that  there  are  at  least  1 1  avenues  by 
which  grain  boundaries  can  lead  to  premature  failure 
indicating  that  there  is  no  unique  avenue;  this  broad 
range  of  possibilities  for  the  effects  of  grain  boundaries 
on  failure  needs  to  be  considered. 

Effects  of  anisotropy,  strength,  toughness,  cold  work 
and  surface  conditions  are  similarly  important  and  need 


to  be  defined  with  respect  to  possible  corrosion  pro¬ 
cesses.  Until  this  full  set  of  materials  conditions,  or 
their  equivalent  in  the  different  types  of  materials,  is 
defined,  corrosion  behavior  cannot  be  predicted. 

5.  Mode  and  submode  definition 

Fig.  2  suggests  that  the  occurrence  of  corrosion 
requires  both  the  environments  and  the  modes  of  corro¬ 
sion  be  defined  and  compared  over  similar  ranges  of 
environmental  parameters  such  as  pH  and  potential. 
While  the  pH  and  potential  are  not  necessarily  the  only 
set  nor  the  total  set  of  coordinates,  they  serve  to 
illustrate  an  approach. 

Fig.  2  suggests  that  the  extent  of  any  of  the  relevant 
modes  and  submodes  of  corrosion  shown  in  Fig.  1 
needs  to  be  mapped  according  to  the  effects  of  several 


environmental  variables  such  as  pH  and  potential. 
Clearly,  defining  corrosion  for  a  single  environmental 
condition  or  for  a  not-well-defined  condition  would  be 
inadequate. 

The  definition  of  modes  and  submodes  of  corrosion 
has  been  discussed  in  detail  in  several  reviews  and  is 
considered  specifically  in  Ref.  [3],  In  general,  the  defini¬ 
tion  of  the  simplest  corrosion  stability  for  metals  is 
shown  by  the  potential-pH  diagram  in  Fig.  3.  How¬ 
ever,  these  plots  do  not  provide  information  on  the 
structure-  and  kinetic-related  corrosion. 

A  more  kinetically  related  plot  of  corrosion  modes  is 
provided  by  a  mode  diagram  as  shown  for  Inconel  600 
in  Fig.  8.  This  diagram  applies  to  about  300  °C  for 
Inconel  600  exposed  to  aqueous  solutions  and  is  based 
on  the  work  of  several  investigators.  The  development 
of  this  diagram  has  been  discussed  in  several  reviews 
[2-4,13].  This  diagram  shows  the  domains  of  SCC, 
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Fig.  7.  Processes  by  which  chemical  and  structural  conditions  at  grain  boundaries  lead  to  SCC.  Starting  with  (a)  and  going  to  (k)  proceeds  from 
mostly  chemical  to  mostly  mechanical  processes.  From  Staehle  [4]. 


252 


R.W.  StaeJilc  /  Materials  Science  ami  Engineering  .4198  (1995)  245-256 


Fig.  8.  Integrated  view  of  SCC  data  for  low-temperature  mill-an¬ 
nealed  Inconel  600  in  high-temperature  water  generally  in  the  range 
of  300-350  °C.  Ranges  of  submodes  based  on  judgment.  Submodes 
of  corrosion  identified  and  are  numbered  starting  from  the  right. 
From  Staehle  [4]. 


passivity  and  general  corrosion  for  Inconel  600.  Fur¬ 
ther,  it  shows  domains  for  five  separate  submodes  of 
stress  corrosion  cracking:  the  first  occurs  in  the  caustic 
region,  the  second  in  the  low-potential  region,  the  third 
in  the  acidic  slightly  oxidizing  region,  the  fourth  in  the 
acidic  highly  oxidizing  region  and  the  fifth  is  associated 
with  the  existence  of  lead  impurities.  Slimilar  arrays  of 
submodes  are  found  for  stainless  steels  and  low-alloy 
steels.  This  diagram  in  Fig.  8  can  be  converted  to  one 
which  shows  the  effects  of  environmental  parameters  on 
the  rate  or  threshold  of  corrosion,  as  shown  in  Fig.  9. 
Fig.  9  shows  the  effects  of  pH  and  potential  on  the  x-y 
axes  on  the  threshold  stress  for  SCC  on  the  z  axis. 

Figs.  8  and  9  show  that  the  modes  and  submodes  of 
corrosion,  which  depend  on  structure  and  kinetics, 
occur  according  to  regular  patterns  and  can  be  corre¬ 
lated  generally  with  thermodymanic  boundaries  related 
to  the  occurance  of  hydrogen  or  the  instability  of 
protective  films.  Such  patterns  are  important  for  mech¬ 
anistic  understanding  and  also  demonstrate  that  the 
occurrence  of  the  modes  and  submodes  can  be  pre¬ 
dicted  with  some  confidence.  Figs.  8  and  9  also  indicate 
that  a  certain  amount  of  experimental  work  is  necessary 
in  order  to  define  the  domains  of  existence  of  the  modes 
and  submodes.  Patterns  similar  to  Figs.  8  and  9  can  be 
expected  for  all  materials. 


6.  Superposition 

Figs.  2  and  3  show  that  the  conditions  for  corrosion 
to  occur  can  be  defined  by  superimposing  diagrams 
which  define  environments  and  those  which  define 
modes  and  submodes  of  corrosion.  The  approach  to 
such  superpositions  and  necessary  conditions  have  been 
described  in  other  reviews  [2-4,9]. 

While  Fig.  2  incicates  that  only  one  region  of  corro¬ 
sion  is  found  in  superposition,  this  is  schematic;  in 
practice,  several  submodes  of  corrosion,  stress  corro¬ 
sion  cracking  and  the  other  modes  identified  in  Fig.  1 
might  be  identified. 

Once  the  regions  for  corrosion  have  been  identified 
by  superposition  in  a  specific  application,  it  is  necessary 
to  determine  how  fast  such  corrosion  occurs,  and  this  is 
discussed  in  subsequent  sections. 

7.  Definition  of  failure 

Corrosion  failures  are  often  taken  as  complete  perfo¬ 
ration  by  some  time  which  is  less  than  the  design  life. 
However,  in  general,  the  definition  of  corrosion-related 
failure  may  be  different  for  different  materials  and  in 
different  applications.  Examples  of  failure  definition 
may  be  the  following: 

1.  Decrease  in  quality  visual  appearance. 

2.  Failure  of  some  fraction  of  components  (e.g.  circuit 
boards). 

3.  Failure  of  some  fraction  of  heat  exchanger  tubes. 

4.  Partial  penetration  by  corrosion. 

5.  Release  of  product. 

Once  failure  has  been  defined,  it  is  possible  to  define 
experiments  to  evaluate  it. 

8.  Statistical  definition 

It  is  not  possible  to  predict  exactly  when  failure  will 
occur  owing  to  the  inherent  variabilities  in  the  many 
factors  which  contribute  to  failure.  These  variabilities 
are  implicit  in  both  the  materials  and  the  environments. 
Although  it  is  interesting  to  speculate  on  the  “determin¬ 
istic”  nature  of  failure,  such  determinism  is  not  achiev¬ 
able  and  it  is  misleading  to  advise  otherwise. 

The  statistical  nature  of  failure  is  discussed  exten¬ 
sively  in  textbooks,  including  that  by  Nelson  [14],  and 
is  not  discussed  here.  Regardless  of  whether  and  what 
type  of  statistical  approach  is  used,  some  framework 
needs  to  be  defined  within  which  failure  can  be  defined 
and  predicted.  Naturally,  it  is  not  necessary  to  use  a 
statistical  format  and  a  simple  failure  depth  versus  time 
or  a  failure  time  versus  IjT  may  be  used,  as  is  often 
done.  Such  lesser  methods  are  used  when  money  is 
short  of  when  failure  times  can  be  confidently  known  to 
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Fig.  9.  Three-dimensional  diagram  for  intensity  of  SCC  and  other  modes  of  corrosion  for  Inconel  600  in  the  range  of  300  °C  for  the 
low-temperature  mill-annealed  condition.  Useful  strength  plotted  versus  environmental  parameters  of  potential  and  pH.  One  atmosphere  hydrogen 
equilibrium  line  shown  as  a  vertical  plane  and  indications  are  shown  by  dots  where  the  hydrogen  plane  intersects  surface  topology.  Submodes  are 
designated.  From  Staehle  [4]. 


be  much  greater  than  the  design  life.  On  the  other  hand, 
such  approaches  are  risky  and  generally  not  adequate. 

In  developing  a  statistical  format  as  a  basis  for 
quantitative  model  of  failure,  there  are  a  number  of 
well  known  approaches.  The  Weibull  format  is  used 
here  only  because  it  is  used  so  widely  to  describe  failure 
phenomena.  The  probability  density  functions  for  de¬ 
scribing  time-to-failure  is  given  in  Eq.  (1),  and  examples 
of  such  functions  are  shown  in  Fig.  10.  The  cumulative 
failure  distribution  is  shown  in  Eq.  (2)  with  the  linear 
version  in  Eq.  (3),  and  examples  of  such  function  are 
shown  in  Fig.  11.  The  curves  in  Fig.  11  show  the 
fraction  of  items  failed  versus  time. 
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(1) 

(2) 

(3) 


t  =  time; 

Iq  =  initiation  time; 

9  =  Weibull  characteristic  time; 

F{t)  =  cumulative  fraction  failed. 

The  parameters  of  the  above  Weibull  equations  can 
be  determined  as  a  function  of  environmental  variables, 
as  suggested  by  the  dependence  of  the  Weibull  parame¬ 
ters  on  stress  shown  in  Fig.  12.  This  approach  has  been 
described  in  other  reviews  [4,9].  Once  the  Weibull 
parameters  of  Eqs.  (l)-(3)  are  determined  as  a  function 
of  environmental  variables,  it  is  possible  to  utilize  Eq. 
(3)  to  predict  performance  under  other  circumstances, 
as  shown  by  Fig.  13.  Once  the  Weibull  parameters  are 
determined  as  a  function  of  environmental  variables,  it 
is  also  possible  to  predict  the  fraction  failed  as  environ¬ 
mental  variables  change  over  time,  as  has  been  dis¬ 
cussed  in  another  review  [4]. 


9.  Accelerated  testing 


where 

f{t)  =  probability  density  function; 
b  =  Weibull  slope; 


In  order  to  obtain  the  necessary  information  to  eval¬ 
uate  the  statistical  parameters  of  Eqs.  (l)-(3),  it  is 
usually  necessary  to  conduct  experiments  which  are 
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(a)  With  same  slope 


t  (time-to-failure) 


(b)  With  same  characteristic  parameter 


t  (time-to-failure) 

Fig.  10.  Probability  density  function  for  Weibull  distribution,  (a) 
b  =  5  with  ^  -  2,  5,  10,  20;  (b)  0  ^ \0  with  b  =  0.5,  0.8,  1.0,  10.  The 
initiation  time,  Iq,  is  taken  as  zero  in  both  cases.  The  time-to-failure 
is  in  arbitrary  units.  From  Staehle  [4], 


(b)  With  the  same  characteristic  time 

Weibull  Plot 


Service  Time  (EFPY) 


Fig.  11.  Linearized  cumulative  Weibull  distribution,  (a)  h  —  5  with 
e  =  2,5,  10,  20;  (b)  6'=  10  with  b^O.5,  0.8,  1.0,  5,  10.  The  initiation 
time,  /q’  taken  as  zero  in  both  cases.  The  time-to-failure  is  in 
arbitrary  units.  From  Staehle  [4], 

accelerated.  In  other  words,  it  is  necessary  to  conduct 
experiments  for  shorter  times  at  more  aggressive  condi¬ 
tions,  as  indicated  in  Fig.  13.  The  results  of  such 


Weibull  Plot 


Hoop  Stress,  ksi 

Fig.  12.  Effect  of  stress  on  the  cumulative  failure  rate  of  Zircaloy-2  in 
iodine  gas.  (a)  Cumulative  distributions  for  three  stresses,  (b)  Effect 
of  stress  on  characteristic  time,  slope  and  initiation  time.  Adapted 
from  S.  Shimada  and  M.  Nagai,  Reliability  Eng.,  9  (1)  (1984)  19. 


experiments  are  conventionally  extrapolated  as  in  Fig. 
13  to  the  conditions  of  operation. 

In  conducting  accelerated  tests,  there  are  several  crit¬ 
ical  considerations.  The  most  important  consideration 
is  that  the  accelerated  testing  considers  the  modes  and 
submodes  which  are  expected  at  operating  conditions. 
Other  critical  considerations  in  accelerated  corrosion 
testing  are  discussed  in  a  separate  review  [15]. 

It  is  important  also  to  recognize  that  there  are  several 
avenues  for  achieving  acceleration,  such  as  via  tempera¬ 
ture,  stress  and  environmental  concentration.  It  is  usu¬ 
ally  desirable  to  achieve  acceleration  by  several  of  these 
avenues  so  as  to  maximize  the  confidence  of  prediction. 

10.  Prediction 

In  predicting  performance,  the  data  would  appear 
much  as  they  are  in  Fig.  11.  However,  it  is  likely  that 
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(a)  Probability  Plot 


Fig.  13.  (a)  Schematic  cumulative  probability  plot  shoeoing  curves 
for  high  temperatures  and  for  a  reference  temperature.  Confidence 
limits  are  also  noted,  (b)  l/T  versus  time  plot  showing  probability 
density  functions  corresponding  to  cumulative  probability  plots. 
From  R.W.  Staehle  and  K.D.  Stavropoulos,  Elements  and  Issues  in 
Predicting  the  Life  of  Containers  for  Radioactive  Waste,  Topical 
Report  for  Yucca  Mountain  Project,  Department  of  Energy,  Univer¬ 
sity  of  Minnesota,  Corrosion  Center,  November  7,  1991. 

any  given  component  could  sustain  more  than  one 
mode-location  case  of  failure.  Fig.  14  shows  the  situa¬ 
tion  where  there  are  several  mode -location  cases  of 
failure  in  tubes  for  nuclear  steam  generators.  The  total 
failure  probability,  Fj,  is  obtained  from  Eq.  (4).  Eq.  (4) 
provides  the  means  for  aggregating  the  individual  fail¬ 
ure  probabilities  for  the  different  mode-location  cases 
on  a  single  component.  Thus,  gives  the  overall 
failure  probability  for  the  component. 

Ft  =  (1-F,)(1~F,)...(1-FJ  (4) 

where  =  total  failure  fraction  and  F„  =  failure  frac¬ 
tion  for  the  nih  submode. 

There  are  many  other  avenues  for  predicting  the 
preformance  of  components.  Some  of  these  were  dis¬ 
cussed  in  Ref.  [4]  and  many  were  discussed  by  Nelson 
[14].  However,  in  general,  prediction  of  failure  from  a 
corrosion  point  of  view  involves  the  steps  in  the  corro¬ 
sion-based  design  approach. 


Fig.  14.  Example  of  adding  cumulative  distributions  from  three 
separate  model -location  cases  to  produce  a  combined  distribution 
for  the  failures  of  Inconel  600  tubes  in  a  nuclear  steam  generator. 
Data  taken  from  a  hot  leg  sludge  pile,  cold  leg  sludge  pile  and  tubes 
in  the  egg  crate  tube  supports.  From  Staehle  [4]. 


11.  Modify  and  optimize:  design,  materials, 
environments  and  operations 

The  predictions  which  are  developed  will  lead  either 
to  a  demonstration  that  the  design  is  satisfactory  or 
that  it  is  inadequate  in  some  respects.  These  results  will 
lead  to  modifications  in  the  design,  materials,  environ¬ 
ments  and  operations  in  order  to  avoid  the  predicted 
failures.  Several  iterations  on  this  process  may  be  re¬ 
quired. 


12.  Feedback  and  correction 

As  equipment  operates,  certain  unexpected  problems 
occur.  This  information  is  used  to  modify  the  design, 
materials,  environments  and  operations. 

In  order  to  provide  useful  feedback  in  addition  to  the 
failures  themselves,  it  is  usually  desirable  to  provide 
instrumentation  and  periodic  measurements  of  operat¬ 
ing  equipment.  Such  measurements  for  electronic 
equipment  might  include  measurements  of  acidic  gases 
in  the  environment  and  relative  humidity.  In  other 
kinds  of  equipment,  e.g.  aircraft  gases  of  power  genera¬ 
tion  equipment,  it  is  desirable  to  determine  the  exis¬ 
tence  and  rate  of  growth  of  cracks  using  various  NDE 
methods. 
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Closing  Comments 


Development  of  the  corrosion  science  community 

We’ve  learned  many  new  things  in  these  two-and-a-half  days.  When  I  come  to  the  United  States,  I  am  always  very 
pleased  to  learn  that  my  old  friends  are  still  active  in  studying  corrosion  science  and  engineering  and  of  the  advances 
they  have  made. 

When  Professor  Ron  Latanision  and  I  planned  this  seminar,  we  considered  seriously  the  subject  of  these 
deliberations.  Progress  in  science  and  engineering  requires  that  we  extend  our  perspectives  to  interdisciplinary  fields. 
Otherwise,  our  science  base  will  become  narrower  and  narrower,  and  our  community  will  become  smaller  and 
smaller. 

To  emphasize  my  concern,  you  may  know  that  the  Japan  Society  of  Corrosion  Engineering  used  to  publish  a 
monthly  journal  named  Corrosion  Engineering.  However,  we  changed  the  name  of  the  journal  to  Materials  and 
Environments  in  1991.  We  accept  papers  not  only  on  corrosion  but  also  on  tailoring  new  materials  and  on  various 
interactions  of  materials  with  environments. 

In  my  own  laboratory,  about  half  of  my  colleagues  are  studying  corrosion-resistant  new  materials  and  the  other 
half  are  studying  new  materials  for  global  conservation  of  the  atmosphere  and  for  providing  an  abundant  energy 
supply,  i.e.  new  electrodes,  catalysts  and  corrosion-resistant  materials  for  carbon  dioxide  recycling,  direct  decompo¬ 
sition  of  nitrogen  oxides  and  hydrolytic  decomposition  of  chlorofluorocarbons.  Every  autumn  we  hold  a  two-day 
seminar  on  these  subjects  at  our  Institute,  inviting  about  100  people  from  all  over  Japan  including  almost  all 
Japanese  delegates  who  are  attending  this  seminar.  Because  I  am  Japanese,  I  feel  that  what’s  most  important  is  the 
unity  of  our  society  or  community,  and  this  rather  small  informal  meeting  quite  effectively  unifies  our  society  and 
encourages  young  people  to  follow  us. 

From  the  same  point  of  view  I  wanted  to  organize  this  rather  small  seminar  at  Mt.  Hood  as  an  effective  means 
of  renewing  and  refreshing  our  friendship,  of  making  new  friends  and,  importantly,  in  encouraging  us  to  study  new 
areas  of  science.  I  suggest  that  the  organizers  of  the  next  US-Japan  Seminar  look  to  subjects  beyond  pure  corrosion 
science  and  engineering  as  we  have  done  at  Mt.  Hood.  I  hope  that  all  of  us  can  meet  again,  accompanied  by  fresh 
perspectives  and  even  more  bright,  young  scientists  and  engineers  with  interdisciplinary  interests  which  interface  with 
corrosion  science  and  engineering. 

Finally  I  thank  all  of  you  for  participating  in  this  seminar  and  giving  excellent  papers  and  fruitful  discussions. 

K.  Hashimoto 
Guest  Editor 
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Structural  ceramics,  such  as 
silicon  nitride,  silicon  carbide, 
alumina  and  zirconia  have  more 
potential  than  metallic  materials 
for  practical  applications  to 
various  kinds  of  engineering 
components,  especially  for  high 
temperature  applications.  For 
example,  automotive  engine 
parts,  such  as  turbocharger 
rotors  and  swirl  chambers,  and 
ball  bearing  systems  have  been 
produced  on  a  commercial  basis 
using  these  materials  for  the  last 
ten  years.  These  industrial 
motivations  have  stimulated 
extensive  progress  in  the 
research  on  evaluation  of  the 
strength  properties  of  ceramics. 

In  particular,  cyclic  fatigue  has 
been  investigated  as  one  of  the 
major  concerns  in  the  design  of 
reliable  ceramic  components, 
and  many  researchers  have  been 
engaged  in  the  field  of  cyclic 
fatigue  in  ceramics.  As  a  result, 
new  aspects  such  as  crack 
bridging,  ff-curve  behavior  and 
fracture  morphology  have  been 
clarified  in  the  last  decade. 

This  book  presents  in  three 
sections  the  most  recent  topics 
and  experimental  techniques  in 
Japan,  concerning  ceramic 
fatigue  under  cyclic  loading.  The 
first  two  sections  provide 
state-of-the-art  references  for  a 
fundamental  understanding  of 
ceramic  fatigue,  while  the  third 
section  presents  more 
complicated  analytical  techniques 
for  statistical  treatment  and 
engineering  application. 
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